
AFRL-SR-BL-TR-98-
REPORT DOCUMENTATION PAGE

Public .aporting burden for this collection of information is estimated to average 1 hour per response, including Ices,
gathering and maintaining the data needed, and completing and reviewing the collection of information. Send cc/) 6 , 4, this
collection of information. including suggestions for reducing this burden, to Washington Headquarters Services. I rso/
Davis Highway. Suite 1204. Arlington, VA 22202-4302, and to the Office of Management and Budget, Paper•wo Reduc•,,, ,. -%--.--,, ___.-Y .

1. AGENCY USE ONLY (Leave 2. REPORT DATE 3. REPORT TYPE AND DATES COVERED
Blank) Sept. 30, 1998 Final Report for grant period 15 Apr 93 through 15 Apr 97

4. TITLE AND SUBTITLE 5. FUNDING NUMBERS
The Influence of Alloying and Processing on the Microstructure and Properties of Monolithic
Beta-NiAI

N/A

6. AUTHORS
M.J. Kaufman
R. Abbaschian

7. PERFORMING ORGANIZATION NAME(S) AND ADDRESS(ES) 8. PERFORMING ORGANIZATION REPORT
University of Florida 'NUMBER
Department of Materials Science and Engineering 4610
128 Rhines Hall, Bldg 184 4509
Gainesville, FL 32611 464-12

9. SPONSORING / MONITORING AGENCY NAME(S) AND ADDRESS(ES) 10. SPONSORING / MONITORING AGENCY
AFOSRINC REPORT NUMBER
110 Duncan Avenue Suite BI 15 F49620-93-1-0309
Boiling AFB DC 20332-0001

11. SUPPLEMENTARY NOTES

12a. DISTRIBUTION / AVAILABILITY STATEMENT 12b. DISTRIBUTION CODE

Approved for public release;
distribution unlimited,

13. ABSTRACT (Maximum 200 words)
The overall objective of this program was to provide a fundamental understanding of the effects of alloying and processing on the microstructure-

property-processing relationships of monolithic b-NiAI. The emphasis was to determine the factors that affect both the low and high temperature
compound by studying single crystals, bicrystals and polycrystals of selected alloys. Modeling of the solidification behavior was performed with the
goal of understanding better the role of processing parameters on contamination and its effects on mechanical properties. Furthermore, the effects of
interstitials, microalloying additions, thermal and constitutional vacancies, deviations from stoichiometry, processing defects/inhomogeneities and
precipitate phases on both the low and high temperature properties of NiAI and how these are affected by processing history were examined in some
detail. It is shown that b-NiAI is a reasonably well-behaved material that is both soft (low resistance to dislocation motion) and brittle (low fracture
strength). This combination of intrinsic properties makes it difficult to develop NiAI into a viable engineering material. Specifically, while it is possible to
strengthen NiAI using traditional methods, the stronger alloys have reduced toughness. Conversely, approaches for toughening are even less obvious
since the intrinsic reason for the low toughness is not related to a lack of dislocation mobility but rather to the lack of a sufficient number of operative
slip systems needed to avoid the build-up of stress at stresses concentrations. Finally, the results indicate that the brittle to ductile transition in NiAI
should be interpreted with caution.

14. SUBJECT TERMS 15. NUMBER OF PAGES

16. PRICE CODE

17. SECURITY CLASSIFICATION 18. SECURITY CLASSIFICATION 19. SECURITY CLASSIFICATION 20. LIMITATION OF
OF REPORT OF THIS PAGE OF ABSTRACT / ABSTRACT

NSN 7540-01-280-5500 Standard Form 298 (Rev. 2-
89)
Prescribed by ANSI Std. Z39-1
298-102

19981016 003



REPRODUCTION QUALITY NOTICE

This document is the best quality available. The copy furnished
to DTIC contained pages that may have the following quality
problems:

e Pages smaller or larger than normal.

* Pages with background color or light colored printing.

e Pages with small type or poor printing; and or

e Pages with continuous tone material or color
photographs.

Due to various output media available these conditions may or
may not cause poor legibility in the microfiche or hardcopy output
you receive.

EL If this block is checked, the copy furnished to DTIC
contained pages with color printing, that when reproduced in
Black and White, may change detail of the original copy.



The Influence of Alloying and Processing on the

Microstructure and Properties of fl-NiAl

Table of Contents

1.0 OBJECTIVE 2

2.0 APPROACH 19981016 0032
3.0 HIGHLIGHTS 3

3.1 Thrust I -Solidification Studies and Single Crystal Growth 3
3.2 Thrust 2 - Microstructure/Property Studies 3
3.3 Thrust 3 Other Characterization Studies 4

4.0 RECENT RESULTS 5
4.1 Thrust I - Solidification Studies and Single Crystal Growth 5
4.2 Thrust 2 - Microstructure/Property Studies 7
4.4. References 11

5.0 LIST OF PUBLICATIONS 13
5.1 Thrust ] 13
5.2 Thrust 2 13
5.3 Thrusts 3 and 4 16

6.0 STUDENTS AND STAFF SUPPORTED 17
6.1 PhD Students: 17
6.2 Masters Students 17
6.3 Undergraduate Students: 17
6.4 Other Staff 18

7.0 REPRINTS, PREPRINTS OF MANUSCRIPTS 19

1:



The Influence of Alloying and Processing on the
Microstructure and Properties of /3-NiAl
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Dept. of Mechanical Engineering, Univeristy of Florida

W. Shyy
Dept. of Aerospace Engineering, Mechanics and Engineering Science, University of Floard
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This constitutes the final report on AFOSR URI 'Grait P49620-93-0309 which was performed at
the University of Florida and Johns Hopkins University. This report is divided into a summary
section that indicates the program goals followed by a summary of bullets highlighting some of the
accomplishments that resulted from this work. A short description of some of the more recent
efforts follows. The research students involved in this program are then described followed by a
listing of papers, patents and presentations. Copies of the manuscripts are included at the end.

1.0 Objective

The purpose of this study was to develop a more fundamental understanding of the microstructure
and properties of 13-NiA1. Specifically, the dependence of mechanical properties on such things as
alloying additions, interstitial impurities, deviations from stoichiometry, prestrain, specimen
geometry and orientation and thermal-mechanical. history were investigated with the goal of 1)
extending our knowledge base concerning this material and 2) use this knowledge as a starting
point for developing strategies aimed at' enhanciný, te, properties of alloys based on this
compound.

2.0 Approach

The approach of this program was divided into four thrust areas. Thrust 1 deali with the
solidification processing of NiA1 alloys using various techniques such as vacuum induction melting
and casting, levitation melting, containerless zone melting and Bridgman growth. After
establishing that the Bridgman-grown crystals had high purities, this techniques was focused on
almost exclusively.

The focus of Thrust 2 was on developing a more thorough understanding of the influence of the
various parameters alluded to above on both the microstructure and corresponding mechanical
properties of P-NiAl as a function of temperature and strain rate. Both tension and compression
tests were performed on a variety of alloy compositions, specimen geometries and orientations.
For the tensile tests, it was shown that rectangular specimens provide more useful information than
cylindrical specimens as will be described below.

The last two thrust areas complemented the first two by 1) applying a variety of analytical methods
to characterize the materials (Thrust 3) and 2) by studying the static and cyclic oxidation behavior
of the more promising alloys (Thrust 4) developed in the first two thrusts. Thus, such methods as

2



analytical transmission electron microscopy, atom probe/field ion microscopy (APFIM), internal
friction (for interstitial diffusion mechanisms), ion implantation, secondary ion mass spectroscopy
(SIMS), resistivity measurements and various other methods were used as needed.

3.0 Highlights

3.1 Thrust I - Solidification Studies and Single Crstal Growth

"• NiAl single crystals produced at UF by the Bridgman growth method contained low interstitial
concentrations and appeared to be of comparable quality to the zone-refined crystals produced
by Prof. Ben Oliver at the University of Tennessee.

"* Published a book: Shyy, W., Thakur, S.S., Ouyang, -H., Liu, J. and Blosch, E,
Computational Techniques for Complex Transport Phenomena, Cambridge University Press,
New York, (1997), xviii + 321 pages.

" Comprehensive capabilities to compute solidificatidn/melting, conjugate heat transfer
(conduction/convection/radiation), and fluid dynamics in geometries directly relevant to a
crystal growing device were developed and applied to the NiAl system.

"* Coordinated experimental and computational investigations of the solidification dynamics in the
UF Bridgman growth apparatus were performed and indicated the advantages of such efforts
for making more useful modifications to the growth apparatus.

" NiAl appears to undergo considerable metastable superheating during levitation melting
studies. Such behavior is quite unusual and has not been documented previously to our
knowledge.

3.2 Thrust 2 - Microstructure/Property Studies

"* NiAl single crystals deform readily by cube slipon { 110) or {100) planes and there is no
significant difference between the CRSS of cube slip on these planes for high purity NiA1.

" The glide of cube dislocations occurs readily in high purity NiAl although the edge components
have lower mobility than the screw segments. Cross slip occurs readily in high purity NiAl
and leads to the formation of jogs, dipoles and elongated loops.

" In the highest purity material, the dislocations develop into patches elongated along the edge
orientations whereas in lower purity material or high purity NiAl containing quenched-in
thermal vacancies, the dislocations and debris are more uniformly distributed throughout the
material.

" Impurities, solute atoms, constitutional defects and thermal vacancies all lead to increased
resistance to dislocation motion, increased work hardening rate and decreased ductility. The
work hardening rate at ambient temperatures for high purity NiAl in the single slip orientation
is quite low and extends to the highest strains achieved to date.

* The decrease in yield stress with temperature is less abrupt in the higher purity NiAI oriented
along the hard orientation compared with the commercially pure and Si-doped NiAl. Silicon
does not strongly influence the slip behavior in the case of <00 1>-oriented crystals.
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" High tensile elongations (approaching 35% at room temperature) are possible in single crystals
of high purity NiAl at both sub-ambient and ambient temperatures when the specimen geometry
and purity are controlled.

" At intermediate temperatures, the elongations frequently exceed 200%. This has been
correlated with lower initial flow stress, decreasing work hardening rates and increasing strain
rate sensitivities with increasing temperature. The fracture surfaces after such high elongations
are still brittle in nature.

"* The previous bullet suggests that the brittle to ductile transition (BDT) should be interpreted
with caution as high tensile elongations does not necessarily correlate with classical ductile
behavior. In fact, the sensitivity of. the-itensile elongation to the strain rate suggests that NiAl
will be brittle at all temperatures if the strain rate is sufficiently high. This was confirmed in the
recent study at General Electric by Walston and Darolia.

"• Above the temperature of maximum elongation, localized necking occurs due to the decreased
work hardening rate. Even so, the fractures are still brittle except for the samples that neck to a
chisel point in which case the local stress concentrations never reached the fracture stress.

"• The soft, brittle nature of NiAl appears to be reasonably well understood at this point. Thus,
the conventional approaches for enhancing the strength of monolithic NiAl will lead to even
lower toughnesses while those attempts to enhance the toughness will result in lower strengths.
The only viable approach appears to involve the utilization of ductile reinforcements such as
those produced in the directionally solidified eutectics studied by various investigators.
However, the question arises as to why one would choose to start with a soft, brittle matrix
instead of something strong and tough?

" Although it is not clear that NiAl will ever be used as a' structural material, it is of interest for
fundamental studies where it is desirable to maintain'single or double slip of cube dislocations
over large amounts of plastic strain. As mentioned'below, some fundamental studies of
bicrystals were performed in the current study and more are planned.

3.3 Thrust 3 - Other Characterization Studies

• The atom probe/field ion microscopy studies indicated apparent segregation of carbon to the
cores of dislocations as expected based on some of the strain aging studies performed by
Weaver.
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4.0 Recent Results

4.1 Thrust 1 - Solidification Studies and Single Crystal Growth

As alluded to above, the Bridgman growth system became the method of choice for producing both
single crystals and bicrystals of the NiAl alloys of interest. Wet chemical analysis as well as
traditional interstitial analyses indicated that the purities of the UF crystals vere readily
controllable; this was confirmed by the low critical resolved shear stresses (CRSS) measured in the
mechanical property studies. The composition of a typical UF crystal is compared with those
reported by other investigators in Table 1. Note that the silicon concentration was substantially
lower than that reported by other investigators and that the interstitial contents are comparable to the
zone-refined matefiarhfrde by Oliver and coworkers at the University of Tennessee (Weaver et al.
paper). Besides the high purity crystals, we have also grown crystals of NiAl-5%Be; NiAl-2%Ta;
NiAI-Zr; NiAl-Si, NiAl-Si-Zr and NiAl-C.

Table 1. The chemical compositions of the binary NiAl single crystals grown in this and previous
studies. The compositions are in atom percent or atom ppm.

Ni Al Si C, ppm 0, ppm N, ppm m Source
50 50 .007 50 80 <10 <10 Present work

50.2 49.8 .06 <36 <27 <31 <13 Weaver et al.
50.4 49.5 1 25 130 <5 <3 Hack et al.
50.1 49.9 N/R I N/R 120 N/R N/R Takasugi et al.

In addition to the single crystals grown for the URI studies, we have supplied crystals to a variety
of researchers from various laboratories including Oak Ridge National Laboratory, Los Alamos
National Laboratories, NASA-Lewis Research Center, Johns Hopkins University, The University
of Chicago, The University of Michigan, Michigan :Technological University, Michigan State
University, Florida State University, North-Rhein Technical University (Germany), and The
Institute of Metal Physics (Russia). We also extended our efforts to grow bicrystals as this area is
of interest for fundamental deformation studies based on the single crystal results described below.
We grew a variety of bicrystals such as the one shown schematically in Figure 1 where the
solidification directions for the two grains were both <001> but where the boundary was
misoriented by a 450 rotation about the <001> growth axis, i.e., where the boundary is
approximately parallel to the (100) of grain 1 and the (110) of grain 2 (see Fig. 1). It is noted here
that the grain boundary tends to wander somewhat during bicrystal growth but should be sufficient
for most of the studies of this type where the specimen size is small. The results of some
preliminary studies on the bicrystal samples are described in the paper by LeBleu et al.

Theoretical Studies

The large scale production of high quality crystals and alloys involves several complex physical
mechanisms typical of solidification processes. These include heat and mass transport, dynamics
of moving interfaces, geometrical configurations, matefialtthermo-physical properties and the non-
linear coupling among them. These phenomena are extremely complicated and can not be predicted
by simple analyses or models. For example, the temperature distribution in crystal growth
systems, such as the Bridgman system, is highly complex and is influenced by:

(i) Melt/crystal phase change in the ampoule region;

(ii) Conduction among various components of the furnace, the alumina wall and the copper base;
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(iii) Convection in the melt and the encapsulating argon gas;

(iv) Radiation between the heater and the ampoule wall.

[001]

"[100] 2. [110]

Figure 1. Schematic of the bicrystals grown in the present study. The seeds for these bicrystals
were cut from single crystal boules and oriented relative to each other in order to produce the
desired orientations.

These complications have traditionally resulted in simplified analyses carried out under quite
restrictive assumptions such as idealized geometry, assumed boundary conditions, and constant
thermo-physical properties; in these reduced models, important convection modes created by
buoyancy and capillary effects, critical in many solidification processes, are often neglected. First-
principles-based computational tools can be very valuable for helping us gain physical insight and,
based on this insight, improve and optimize the process design. They offer a framework for a
convenient and relatively inexpensive platform for performing parametric studies to cover the entire
range of processing conditions. In the following, we highlight a coordinated computational and
experimental study conducted at the University of Florida dealing with the growth of NiA1 in the
Bridgman system.

As shown in Figures 6 and 7 in the paper by Hong, et al., the temperature distribution along the
NiA1 centerline and the ampoule outer wall obtained from the computational simulation matches the
experimental measurements quite well overall. Satisfactory agreement is observed for all six
ampoule positions, especially for the temperature along the outer alumina wall. This implies that
the simplified radiation model we currently used for computing the heat flux between the alumina
outer wall and the heater is sufficiently accurate, and the boundary condition of constant heat flux
at the heater bottom is reasonable. Along the ampoule centerline, agreement between experimental
data and computational results is good for the three higher ampoule positions of H=43 mm, H=59
mm and H=67 mm, but worsens for the three lower ampoule positions. This trend is explained in
more detail below.

The streamfunctions and isotherm distributions for two selected ampoule positions, one at a higher
location (H=43 mm) and the other at a lower location (H=87 mm) were calculated using the models
described. For the higher ampoule position, the ampoule base region is contained inside the
furnace hot zone. Since the treatment of radiation heat transfer and the boundary conditions appear
to be reasonable there, the computed thermal distribution of this region is accurate. Accordingly,
the predicted temperature profiles along the NiAl centerline match very well with the experimental
results. At the lower ampoule position, the ampoule base region has been pulled out of the furnace
hot zone. In this case, since the boundary condition at the outer wall of this region is still specified
as a constant heat flux, this is no longer accurate. Furthermore, as the thermal distribution inside
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the ampoule is very sensitive to the isotherm change near the ampoule base, it is not surprising that
the deviations between the numerical results and experimental data along the NiA1 centerline exist.

We have also developed a unified macro-micro model to deal with the issue of inadequate
numerical resolution for the entire range of the length sacles (in the continuum model) during
solidification.

4.2 Thrust 2 - Microstructure/Property Studies

The majority of the work performed on this grant was geared towards determining more clearly the
basis for why NiAl is both soft and brittle at room temperature, i.e., whether these are intrinsic
properties or related to some extrinsic effect such as contamination, thermal history, etc.
Specifically, the question of why high purity NiAl, which has a very low CRSS (50-60 MPa for
the higher purity crystals ) when oriented for single (e.g., tensile axis (TA) parallel to <112>) or
double (e.g., TA parallel to <011>) slip, fractures after elongations typically below 5% were
largely unanswered when this program began. In addition, it was also unclear why NiAl single
crystals microalloyed with Fe, Mo and Ga displayed higher elongations than the binary material in
the study by Darolia et al. (1) and why the <110> (double slip) orientation appeared to be better
than the single slip orientations. Consequently, the studies were initially geared towards
characterizing the high purity UF crystals thereby establishing a baseline from which to operate.
The results indicate that the CRSS vs. temperature behavior of high purity crystals is similar to that
characteristic of bcc metals (Fig. 2). Furthermore, the RT CRSS values were -50±5 MPa for both
single slip (tensile axis -[557]) and double slip (TA-[01 1]) orientations (Fig. 3) indicative of the
high purity of the UF crystals. In spite of the similar CRSS values however, the work hardening
rates (WHR) varied as expected with the double slip orientation exhibiting a considerably higher
WHR. This implies that the deformation behavior is not unlike most high purity metals. These
results have been described in greater detail in the various papers written by Prof. Kaufman and his
group.

In spite of the reasonably well-understood deformation behavior of NiAl prior to fracture, the
fracture process has been a more difficult issue to understand and control. Specifically, it has been
found that the tensile elongation depends strongly on temperature and strain rate, whether the
specimens are oriented for single or double slip and whether they are "constrained" during the
deformation process. For example, rectangular tensile specimens oriented for single slip exhibit
considerably higher RT elongations when the constraints that limit the natural specimen rotation are
minimized. This is apparent in Table 2 where the "Face (110)" notation refers to a "less-
constrained" geometry than the "Side (110)" notation (2). Based on these results, it' is apparent
that the varying elongations typically observed in single crystal NiAl alloys in soft orientations are
due to a combination of factors which include 1) specimen geometry/constraints, 2) hardening due
to impurities (obvious from the CRSS values), and 3) surface perfection/defects among other
things. It is also noted that elongations as high as 10% at -100 0 C were achieved in the UF crystals
(TA-[557] with the optimized specimen geometry.

At higher temperatures, the elongations of the soft oriented crystals exhibit a high peak in
elongation in most cases similar to that reported by Takasugi et al. (4) and Lahrman et al (5).
Because of the enhanced RT elongations, the peaks in elongation in the UF material are not as
sharp (Fig. 4) and so the transition from brittle to ductile behavior (the BDTT) is not as well
defined as is "typically" the case. In fact, the fractures of the specimens exhibiting the highest
elongations remain brittle indicating that caution should be used in defining the BDTT in NiAl.

In order to understand the behavior more thoroughly, careful analyses of the specimens
undergoing the high tensile elongations were performed by examining the specimen during
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Figure 3 - Stereographic projection with the
Figure 2 - CRSS vs. temperature for the relevant directions indicated. Both 357
[001](110) slip system taken from tests on (single slip) and 011 (double slip)
[I11 ]specimens. orientations have Schmid factors -0.5.

interrupted tensile tests. For the highest
Sample 00.2% Elong. (Yf. elongation tests, typical load-elongation
Description MPa % MPa curves appear as shown in Figure 5a. The
Side (110) 140 6.2 205 interrupted examination revealed that the
15_mmgage 132 4.5 184 initial "drop" in load corresponds to the

127 40.3, 196 formation of a localized neck; this neck127 10.3 196 continues to localize and then stops as work
137 15.0 239 hardening increases the flow stress locally.
134 12.6 221 Based on these intermediate observations, it
141 2.5 183 is possible to draw approximate shear stress-

Face (110) 101 16.6 196 shear-strain curves; the results (Fig. 5b)
15 mm gage 98 9.4 158 imply that the shear stress does not drop;

100 22.0 195 rather, it plateaus during the propagation of
97 12.1 215 the localized band across the gage length and
94 26.0 203 then increases again during continued

105 13.9 188 deformation due to normal strain hardening _
1 17.9 - throughout the gage length. During thisFace (110) 115 33.9' 218 deformation, the material is relatively

10 mmgage 114 33.9 266 resistant to necking and tends to undergo
L _ 109 16.2 190 extensive elongation. These observations are

consistent with the recent theoretical work by
Table 2. .Mchanical properties of NiAl Haehner (6, .7) who used a dynamic
crystals tested parallel to <557> at room dislocation model to predict the behavior of
temperature. Luders bands in both single crystals and

polycrystals. In spite of these large elongations, the ensuing fracture is still brittle in appearance.
The drop-off in the elongation at elevated temperatures (Fig. 4) can be correlated with an increased
tendency for the material to neck prior to fracture (Fig. 6). When the strain rate sensitivity and
work hardening rates were examined as a function of temperature, it became obvious that the strain
rate sensitivity increases with increasing temperature whereas the work hardening rate drops off
presumably due to dynamic recovery effects. However, the drop in work hardening rate
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outweighs the increase in SRS resulting in the increased tendency for the necks to localize the
deformation and lead to fracture at shorter total elongations.

The influence of smidl additions of silicon to the NiAl has been examined in order to understand 1)
the influence of a substitutional addition on the properties of NiAl and 2) it's influence on static
and dynamic strain aging. The results indicate that silicon does harden NiAl and lowers the

200
- -- SR 10-2

180 -----SR 10-3 q
A SR 10-4

160 ----- Takasugi 10-4
I

140 I

120

100 1

I
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40
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0
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Figure 4 - Elongation vs. temperature of <111 >,crystals tested at three different strain rates.
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Elongation (mm) Shear Strain

(a) (b)

Figure 5 - (a) Load vs. elongation for < 1i1> crystal tested at 573K. (b) Shear stress vs. shear
strain of same taking into account both "Liders" band propagation (actual area) and specimen
rotation during elongation. Strain rate = I1. s-.
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maximum elongations observed. In addition,
it does exacerbate the effect of carbon on SSA
and DSA although the mechanism remains
unclear at this time.

Because of the dependence of the elongation
vs. temperature behavior on strain rate, it was
decided to analyze the BDTr as a function of
displacement rate using double-notch tensile
specimens. Figure 7 shows the fracture
toughness vs. temperature behavior for three
different displacement rates and it is clear that
the apparent BDTr depends on temperature in
a manner consistent with the tensile results.
This implies that thermally activated processes
are responsible for the transition from brittle to
ductile behavior and, as already mentioned
abdve& the definition of a BDTT should be
used with caution as the fractures on both sides
of the BDTT are brittle in nature.

In terms of modeling, our efforts have been
(a) (bfocused on understanding plastic deformation

Figure 6 - Scanning electron micrographs of in the low and intermediate temperature
[111] samples tested at (a) 573K (strain regime, as a function of the temperature T and
rate = 10-3 s1) and (b) 873K (strain rate = strain rate. Procedures have been developed
10-4 s1) showing the greater necking at for correctly resolving the observed flow stress
the higher temperatures. a into its component parts, an effective

stress, a*, and an athermal internal stress, a,. It has been shown that a power law, derived by
substituting the form of the enthalpy function suggested by Yokobori, H=-H ln(a*/a 0)where H
and a0 are constants, into the thermally activated strainriate equation, can describe the dependence
of a* on both temperature and strain rate. Further, ahe addition of a dynamic strain aging (DSA)
component aDSA to a* explains the apparent independence of a on strain rate and temperature, in
the so called "plateau" region in the a -vs T curve. Research is currently in progress for a better
understanding of the reasons for the existence of Y, as this is important to its correct estimation.

Our previous efforts delineate the procedures for looking at stress strain data based on the power
law and illustrate them with analyses of published data in single phase Nb (bcc) and Ti (hcp) as
well as two-phase Ti-6A1-4V alloy.

Another analysis of published data covering a wide range of T and orders of magnitude of strain
rate, along the above lines is being readied for publication at this writing. These data are on
commercially pure Mo (bcc) and on an a-Ti-Al alloy. The conclusions reached by us are
substantially different from those of the original authors, who evaluated cy and a* incorrectly.

A critical evaluation of the various methods employed"to. measure c, has also been done. These
methods, which consist of stress relaxation or strain rate cycling expenments, suffer from practical
limitations in their applicability. The more popular back-extrapolation method is predicated upon
the mistaken belief that o* becomes athermal in the plateau region in the 0 versus T curve. It is our
contention that this interpretation of the so-called plateau is incorrect and that the apparent
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independence of a* on strain rate and temperature can be explained by the presence of DSA. An
erroneous estimate of a. (and hence a* ) renders all further data analysis moot.
The factors contributing to . are known to include grain size, prestrain, composition and elastic
modulus. We hope to explain the values of a, and its tleiperature dependence in terms of the grain
size and prestrain for data on commercially pure Ti.

----o-- A

1.5 .-. -- C ............................... ".............-
SB_ 1. 1& C ............................... ................. ............. .......

,--"

0

0 100 200 300 400 500
Temperature (1C)

Figure 7 - Effect of displacement rate on the "BDTT' of NiAJ crystals tested at (a) 2 xl0in2mm/sec
(b) 2 xl0 4mrn/sec (c) 2 xl0Ymnm/sec.

Thrusts 3 - Other Characterization Studies There have been a variety of methods utilized in the
present study in order to understand more clearly the strjicture/property relations in NiAl. Among
these, APFIM studies have been used to determine if'carbon does segregate to dislocations as
suspected based on the SSA and DSA studies. .Figure•i. Oiisplays one such measurement where it
is apparent that indeed there is a higher concentration of carbon at the core of the dislocations. This
is being pursued further under more controlled conditions with and without the addition of silicon.

In addition to the APFIM studies, Hanrahan and Verink have utilized ion implantation, thermal
processing and SIMS profiling to study diffusion, site occupation (of carbon in NiAl), and
interactions (e.g., carbon and iron). The results have been inconclusive as pointed out in previous
publications and reports on this subject although the approach is still of interest.
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Figure 8 - APFIM mass spectra from NiAl. The upper spectrum is a summation of our data from
the dislocation core, and the lower spectrum is a summation of the data from an undisturbed region
some distance away from the dislocation.
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The Computer-Aided Analysis of
Directional Solidification Processes

Wei Shyy

Computer-aidedmodelingandsimulation These complications have tradition- performing parametric studies to cover
has become a viable tool in enhancing the ally resulted in simplified analyses car- the entire range of processing condi-
physical understandingofsolidification pro- Tied out under quite restrictive assump- tions.
cesses. This tool also has the unique capabil- tions such as idealized geometry, as- Two case studies are discussed to il-
ity ofenabling the user to extrapolate agiven sumed boundary conditions, and con- lustrate the practical utility of a compu-
materialsprocessingtechniquefromasmall- stantthermophysicalproperties;inthese tational tool. The cases presented in-
sized laboratory set-up to a large production dude the Bridgman growth of P-NiAW
size, yielding improvedprocess design. How- Computational tools crystals, based on a multizone approach
ever, most solidification processes are very to optimize the use of computing re-
complicated in nature; both physical models sources, and the continuous ingot cast-
and geometrical complexities pose stringent for gaining physical ing process of Ti-6A1-4V, where Maran-
computing requirements, Recent progress goni convection, natural convection, tur-
made in modeling, computing, and process insight and, based bulence, and solidification all interact
simulation is highlighted in this article, on this insight, actively within the mold.

INTRODUCTION BRIDGMAN GROWTH OF P3-NiAIimprvingandCRYSTAL
The large-scale production of high- impo ing aC T

quality crystals and alloys involves sev- optimizing the 3-NiAl is an intermetallic that is cur-
eral complex physical mechanisms typi- process design. rentlybeing investigated as a promising
cal of solidification processes. These in- high-temperature structural material for
dude heat and mass transport, the dy- reduced models, important convection application in the next generation of air-
namics of moving interfaces, geometri- modes created by buoyancy and capil- craftenginesand structuralcomponents.
cal configurations, material thermo- lary effects (critical in
physical properties, and non-linear cou- many solidification pro- T2

pling among them. These phenomena cesses) are also often ne-
are extremely complicated and cannot glected. General under-
be predicted by simple analyses or mod- standing of transport
els. For example, the Bridgman growth processes and macro-
system is one of the directional solidifi- scopicpropertiesincrys-
cation configurations frequently em- talgrowthduringthelast
ployed for producing large single crys- three decades has im- 200 mi
tals from the melt.'2 A schematic of the proved substantially.
growth system, currently being used to However, a comprehen-
produce single crystals of •-NiAI, is sive model of the crystal-
shown in Figure 1. growth process has to

The temperature distribution in crys- account for the complex
tal growth systems such as the Bridgman geometry, temperature
system is highly complex and is influ- and phase-dependent
enced by several factors. As shown in material properties, buoy-
Figure 1, the furnace is composed of two ancy-driven convection
parts: the enclosure, which is filled with and its influence on the
argon and contains the heater (T4), and melt/crystal interface, centorr furnace
the ampoule, containing the melt, the and the resulting thermal P=25 KVA
growing crystal, and the cooler (TI). The distribution within the T4=1730 C, 1 hour 2. -

ampoule is made of alumina and rests crystal. Inparticular, pro- 0 U=6 V, 1=1000 A

on a copper support. The enclosure re- cess scale-up from small U. 1 -28 mm/rin
mains stationary during the growthpro- laboratory experiments iw
cess, and the ampoule is pulled out to to large prodtiction is not
control the growth speed of the crystal. welladdressedintheory. T3

In order to model this crystal growth Computational tools NI-Al liquid

process, the following phenomena are of can be very valuable for Water flow .
key importance and need to be resolved gaining physical insight T1-=5C, T2=20C-. T3=40C+ Mo shieldadequately: melt/crystal phase change and, based on this in- V G p psiwithin the ampoule region; conduction sight, improving and V-- Gallmin. p=50 psi
among various components of the fur- optimizing the process Alumina high density Copper

nace, the alumina wall, and the copper design. They offer a
base; convection in the melt and the en- framework for a conve-
capsulated gas argon; and radiation be- nient and relatively in- Figure 1. A schematic of vertical Bridgman furnace for growing
tween the heater and the ampoule wall. expensive platform for P3-NiAI.
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COMPUTER-AIDED MODELING

thermal diffusion in heat, mass, and momentum transfer different length scales can be maintained via the change"Time Scale withinthemelt;itappearswhenfreesurfacesexistinfthe of, for example, AT, g and a to accommodate the

One issue intnrisic to the soidification process is the solidification process. variation in I. It must be observed that the Prandtl
- presence and interaction of different length and time Another is the Stefan number number and Schmidt numbers, the latter measuring the

scales in the system. To Illustrate this point, consider ratio of kinematic viscosity and mass diffusivity, should
thieedimensionless parameters encountered during St= C=AT also be unchanged to study the transport characteris-
many practicallyimportant solidification processes. One tics in a given processing condition, thus substantially
such parameter is the Grashof number restricting flexibility in choosing a substitute material

. where C, is the specific heat of the melt and Ah,. is the that is easier to handle in a laboratory set-up.
(Gr)T - P~g•T3  latent heat of fusion. The Stefan number measures the Computational Modeling
(GOT . . -magnitude of superheat with respect to that of latent

e heat. It dictates the rate of solidification. - . With the experimental difficulties mentioned for scat-
er where g is gravitational acceleration, p is the character- An inspection reveals that these dimensionless pa- ing issues in reproducing the actual operating condi-

istic density, I is the characteristic length scale of the rameters scale differently with respect to the geometri- lions, it becomes clear that computational modeling can
melt, AT is the characteristic temperature variation in cal dimensions of the solidification component .- be immensely useful. Through such modeling, one can

il- the melt, r is the coefficient of thermal expansion, and first assess the predictive capabilityvia validating against
U- V is the dynamic viscosity. The Grashof number mea- (Gr)r - P carefully conducted laboratory measurements and then
n- sures the relative importance of buoyancy force and Ma - I extend the calculations to the conditions directly rel-
Sviscous dissipation within the melt. Thus, it character- St is independent of I evant to actual production. Besides the scaling aspect,

izes the magnitude of buoyancy-induced convection computer-aided modeling can contribute tootherimpor-
within the melt during solidification. Hence, in practical terms, it is virtually impossible to tant process-related issues as well. For example, it can

Another parameter is the Marangoni. number conduct a laboratory experiment that can maintain the be used to assess the impact of environmental pertur-
same values of all the dimensionless parameters since bations, to optimize the geometrical configuration of

"- a change of length scale of the melt impacts different processing equipment, and to regulate thermal sched-
tr- )"-'.jAT I dimensionless parameters differently. In other words, uling and heat-transfer distribution during the solidifica-
ict Ma = between laboratory and production scales, the relative tion process. Much progress has been made in model-

Icit dominance of different transport mechanisms (e.g., ing of the various aspects of materials processing and
molecular diffusion and buoyancy- and surface-ten- solidification (e.g., References 3-15).

U where a is surface tension and ot is thermal diffusivity sion-drivenconvection)changes. 3Noexperimentshave It is now well established that computer-aided pro-
of the melt. The Marangoni number is a measure of the been reported that can claim that a strict similarity of the cess simulation based on fundamental physical laws

tr- importance of surface tension relative to viscous and transport processes between solidification facilities of can play a critical role in helping engineers assess the
impact of scale extrapolation; however, before confi-
dence can be gained in extrapolating computational

rProcessing Conditions & Physical Phenomena -results to actual production, considerable assessment
and research must be carefully conducted to under-

ts.stand the strengths and weaknesses ofa giventheoreti-
cal model. This requirement is most critical because it

n a t adirectly links model development and experimental
observation. Figure A shows a schematic of an experi-
mentally assessed model development effort; it is clear
that many steps are needed before a laboratory experi-

Laboratory set-up of experimental Physical model mental set-up and a computational tool can be applied
model effectively to predict and control large-scale manufac-

turing process improvement.
Approximati onsitpropery Our understanding of the fluid flow and thermal

nerantieons t , transport aspects of solidification processing can be

substantially enhanced with the aid of computer graph-
ics. Multidimensional views of transport phenomena in
complex geometries have yielded valuable insight that

.. ... Analytical model is difficult to obtain by other means. Despite the many
Measureme•nter rors and -potential pitfalls of relying on numerical solutions to

uncertainties study flowfieldsa-d tahsr acn'inis, yare. ub y-
riscretization accuracy, exercising a well-defined comparison between predic-
approximations to geometry tion and measurement, the level of the numerical and

physical accuracy of a given calculation can, in general,
be established. Hence, based on this assessment, one
can further study the various aspects of the flowfields

Experimental data Computational model that are not easily amenable to direct experimental
measurements. It is this unique capability of the compu-
tational tool that can most impact engineering practice.

convergence criteria, grid reso- Several important aspects of computational algo-
lutton, CPU time restriction rithms need to be addressed before a practical simula-

tion tool can be developed;3 these aspects include
formulation of the field equations solver, choice of the
coordinate system and primary velocity variables; is-

Numerical solutions sues of grid layout, boundary treatment, and the role of
global mass conservation; convection and diffusion
treatments; and solution procedure and convergence. A

"-- , ,a ,cti-a critical issue that must be considered early in the
development of the computational framework is related
to the choice of algorithms for solving the system of fluid-
flow equations involving several dependent variables;

Large Scale Process Simulation and Optimization7 this requires the extra consideration of the coordination
Lgof the coupling and signal propagation among the

equations. There are many existing algorithms capable
ing of solving the fluid flow, heat, and mass-transport equa-

Figure A. An outline of an experimentally assessed model development effort. tions needed for process simulation. 31'1-0



E. 0 The results of this case In order to take into account the rela-
study are part of an on- tive displacement of the ampoule as the
going effort to grow growing crystal is pulled out of the fur-
high-purity single crys- nace, three simulations have been per-
tals of NiAl of a con- formed at the global level involving three

Amna trolled composition and different locations of the ampoule. A
under controlled envi- rnultizone patched grid method hasbeenT ronments. To formulate employed to generate the grid systemI-Argon this problem with com- needed for global (furnace) level simula-
bined heat transfer and tions. Sample grid distributions are pre-

TrT4 phase change in a geo- sented in Figures 3a and 3b for H =
_YW M metrically complex do- 40 mm and 80 mm, respectively, where

main, a set of unified H indicates the position of the ampoule
L governing equations that within the furnace. The global furnace

describeconduction,con- (level one) simulations were conducted
vection, and phase- for three different ampoule positions in
change phenomena over order to estimate the effects ofge.metric

Xco.Ppa the entire geometry of the variations as the crystal is pulled out of
system can be derived the furnace. Calculations were conducted
and solved.323  for H = 40 mm (151 x 213 grid), 80 mm

H T__0 an-' As depicted in Figure (151 x 216 grid), and 120 mm (151 x 219

Bow air rtepu ofthe 1, the combination of the grid). In-all cases, there were 51 x 103
mote.&U is obtained from furnace enclosure and points in the ampoule region. Based on

pull o direction te go fucsltion. the ampoule presents a this resolution, the ampoule region is
a b very complicated geom- then computed again with a better reso-

Figure 2. Layout and boundary conditions for (a) the global etry. To render the com- lution; the boundary conditions needed

furnace model and (b) the refined ampoule model. H measures putations tractable and for this level two simulation are extracted
the ampoule position as it is pulled out. The total length of the to simultaneouslyobtain from the results obtained from the level
ampoule part, between the top of alumina and the bottom of adequate resolution in one solutions.
copper, is 185mm while the length of the ampoule is 113.5mm. the ampoule region, a Figure 4 shows the stream function

two-level strategy is em- (a-c) and the isotherm distribution (d-f)
NiAl is especially attractive because of ployed. Level one simulates the entire for each of the three ampoule locations.
its low density, high thermal conductiv- domain and is referred to as the global The streamline pattern arises as a result
ity, high melting temperature, and supe- furnace model. Level two concentrates of buoyancy-driven convection. It may
rior isothermal and cyclic oxidation re- on the ampoule region and obtains its be observed that the convection pattern
sistance.212 2 However, it has two major boundary conditions from the level one in the encapsulating gas is quite weak,
drawbacks-low toughness at room tem- or the global simulation. With this two- and the convective heat transfer into the
perature and low strength at high tern- level strategy, the user can obtain useful ampoule is negligible compared to the
perature. These deficiencies need to be information at the global level and yet radiative effect from the heater. As the
resolvedbeforeNiAlcanbe used instruc- obtain adequate resolution at the melt/ ampoule translates downward, the con-
tural applications. crystal interface. Figure 2 demonstrates vection within the ampoule becomes

the two-level strategy devised for the slightly weaker and the melt/crystal in-
present Bridgman growth process. To terface becomes convex towards the melt.
solve the governing equations, the con- It is difficult to predict the strength and
trol-volume technique employing a detailed characteristics of the convec-
nonorthogonal body-fitted coordinate tive field within the furnace because the

R 4 system has been adopted.32  geometry is complicated and the bound-

a b c d e f
a b Figure 4. Stream functions (a-c) and isotherms (d-f) of the global furnace simulations for (a and

Figure 3. Grid distributions for the global fur- d) H = 40 mm, (b and e) H = 80 mm, and (c and f ) H = 120 mm. Inside the NiAI melt: a-S, =
nace model of (a) H = 40 mm (grid size = 151 x 0.0506, AS = 0.0053; b-S, = 0.0513, AS = 0.0054; c-S,.. = 0.0532; AS = 0.0056. Inside the
213), and (b) H = 80 mm (grid size = 151 x argon gas: a-S, = 0.0239, AS = 0.0053: b-S = 0.00243; AS = 0.00054; c-S_ = 0.00196;
213). AS = 0.00056. In d-f, T,, = 0.95, AT = 0.02.



ela- fication characteristics. Intensive efforts
the have been made worldwide2-31 to ad-

vance understanding of the processingfur- 
characteristics and their impact on the
!microstructural composition of these
important materials. The normal oper-

een 0 ating conditions of these processes are
tern --- such that many transport mechanisms
ula- are present in the solidification process,
_re- - -including buoyancy-induced convec-
"- = - tion, surface tension-induced (Maran-
iere goni) convection, turbulence, combined
-ule conduction-radiation heat transfer, and,
tace most critically, their interactions with
-ted -the movement of the solidification front.
ts in A schematic illustration of an opera-

tional system is shown in Figure 7a,
,t of• where the raw materials are initially
-ted melted with an external heat source in a
nun water-cooled melting hearth before the
219 a b c d e f molten metal is cast into ingots. The
103 Figure 5. Stream functions (a-c) and isotherms (d-f) of the refined ampoule simulations for (a and modeled geometry as well as conditions

d) H =40mm, (band e) H = 80 mm, and (c and f) H =120 mm. a-S,= 0.0445; AS = 0.0048. of the ingot casting are sketched in Fig-
n is b-S,,_ = 0.0541; AS = 0.0057. c-S,, = 0.0560; AS = 0.0059. d-f-T,, = 0.95; AT = 0.02. ure 7b. For the case considered, the ma-
eso- _ terial is Ti-6AI-4V with an ingot diam-
ded ary conditions vary with the ampoule are the same between the two grid lev- eter of 0.432 m and a 0.457 m height of
-ted movement. Nevertheless, it is clear that els, it is significant that the temperature the copper mold.
evel the isotherm pattern changes signifi- distributions predicted on them are dif- In studying the convection mecha-

cantly as the crystal is drawn down and ferent, resulting in different melt/crys- nisms, both the buoyancy effect within
•tion the temperature gradients at the base of tal curvatures. This aspect impacts on the melt and the thermocapillary effect
d-f) the crystal decrease in magnitude. the detailed distribution of temperature on the pool surface need to be included.
ons. ' The refined ampoule (level two) simu- gradients in the interface region, result- In estimating the strength of buoyancy-
.sult lation was conducted using the ampoule ing in different microstructures of the induced convection, one can use the ther-
may wall temperature distribution (obtained crystal. mal Rayleigh number, (Ra)T, as an indi-

from level one) as the boundary condi- INGOT CASTING OF Ti-6A1-4V cator. The thermal Rayleigh number is
tion. The grid resolution within the am- defined as

e poule has been increased to 101 x 154 Titaniumalloyshavebeenextensively (Ra)T = (Gr)T- PrSthe from 51 x 103 used at level one. Stream used in the fan and compressor sections
Sthe function and isotherm contours are of gas-turbine power plants; however, Here, we chose the characteristic length

con- shown in Figure 5. Noticeable differ- there has long been a concern regarding R to be the ingot radius R = 0.216 m and
,mes ences can be observed between the con- the quality of the alloys used for these the representative kinematic viscosity to
il in- vection patterns in Figure 5 (a-c) and critical components, specifically involv- be the value at the liquidus temperature,
-nelt. Figure 4 (a-c) and, more significantly, ingmelt-relateddefects.Thecurrentstate Tuq (1,898 K), which is about 10-6 m 2/s.
• and the convection strengths are different, of fundamental understanding of tita- Hence, under the normal gravity level
ivec- especially for H = 40 umm. At this am- nium alloys is such that even for the on earth, a thermal Rayleigh number of
e the poule position, more detailed secondary widely used Ti-6A1-4V there is a lack of (Ra), - 1010 Ap/p results. With a density
und- vortical structure in the central region concrete knowledge regarding its solidi- variation of around ten percent, as is the

- above the solid-melt interface can be
clearly observed from the refined solu- H=40mm H=80mm H=120mm
tions depicted in Figure 5 (a-c); at the 8.2 11.4
globallevel[Figure4(a-c)],suchcharac- 8.2 9.9 11.4
teristics are less pronounced. This as-
sessment shows that a fine grid is needed
to capture convection-dominated phe-
nomena, thereby justifying the two-level
approach taken in this study. 8.1 * 9.8 11.3

Figure 6 contrasts the melt/crystal %.
interface obtained from the two-level % %
simulation for all three ampoule loca- Z
tions. It may be observed that the differ-
ences between the coarse grid (level one) 8 9.7 11.2
and the fine grid (level two) calculations
re most significant when the melt vol-

ume decreases (i.e., as the crystal is pulled
out). This observation reinforces the
trends exhibited in the stream-function 7.9 - 9.6 , 11.1

a --a plots mentioned previously. The sensi- 0 0.2 0.4 0.6 0.8 1 0 0.2 0.4 0.6 0.8 1 0 0.2 0.4 0.6 0.8 1
S, =. tivity to grid refinement increases as the R R R
ie the melt volume decreases because of the
s0196; con.straining effect of the top wall. Since Figure 6. A comparison of the melt/solid interface positions between global furnace (dashed line)

interface positions at the ampoule wall and refined ampoule (solid line) models.
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case here, thermal Rayleigh number is number is of the order of 106. Hence, the .01.s
of theorderof 109. Regarding the thermo- flows are expected to be well within the .35
capillary aspect, based on the same length turbulent regime. is &03

scale and the appropriate material prop- The Favre-averaged Navier-Stokes -0 1
erties, it is estimated that the Marangoni equations of mass continuity, momen-

num, and energy trans-
Power Su portalongwith a k-e two- • 0

equation turbulence clo-
.EB Gum • suresz modified to ac-

IRaw Material count for the low Rey-
in Fectron Bears nolds number effect in

the mushy zone,31 are
uTO Hih the basis of the computa-

Iau tions reported here. Col-a
Pumps lective and individual Figure 9. Effect of casting speed on stream

Saer effects of buoyancy and function as predicted by modified k--c turbu-
Ssurface tension on con- lence model for (a) u. =-2 x 10-4 m s-- and

Vacuum/ -_ -- vection can be investi- (b)u. =-O-x104ms-1(A•. =5x1O-2kg/m
Chomber gated and their interac- s).

tion with solidification convection strength. In the bulk melt as
studied. The results pre- well as the upper mushy zone where
sented correspond to two convection is vigorous, turbulence plays
casting speeds: -2 x 10-4 a dominant role in overall heat transfer

EB Heat Flux = 6.202 KW/M2  m/s (455 kg/h) and -4 x. and, accordingly, in these regions the

0 M 10-4 m/s (910 kg/h). The temperature distribution is smeared and
negative sign indicates a the overall thermal gradients are sub-

0.2059 M downward casting direc- stantially reduced.
.145 M tion. Figure 8 shows Toward the solidus line, however, the

predicted isotherms and increasing presence of solidified den-
Annular Ring for Pouring liquid-fraction distribu- drites within the mushy zone dampens

Full Contact 04318 M I(0.01M) tion across the mushy convection, and the thermal conduction
Szone under two casting again becomes the controlling mecha-

37Wd- speeds. The model pre- nism. This change of dominant trans-
0.4572 M Lquid dicts a thick mushy zone port mechanisms from liquidus to

Radiation Heat Transfer based on the mean tem- solidus lines explains why in regions
( o R eperature as a result of the close to the solidus lines the temperature

Sconvectioneffect, and the gradients are high, resulting in small
Copper Mold Inner Surface zone thickness varies mushy-zone thicknesses encompassing

sorid Temperature = 1001C with the change of cast- large variations of the liquid fraction,
x ing speed. Within the half while, on the other hand, the tempera-

domain of the cross sec- ture gradients are low close to the
"Radiation Losses tion, the model predicts liquidus lines, resulting in much in-

ýrFurnace Wall Temp = 1001C that contrarotating ed- creased mushy-zone thicknesses there.0 r dies appear due to the Figure 9 shows the distribution of the
uý combined effects of sur- corresponding stream function under

face tension and buoy- the two casting speeds. Although the
b ancy. The liquidus line patterns of the distributions appearquali-
Figure 7. A (a) schematic of a cold-hearth electron-beam in both solutions is ap- tatively the same for both speeds, it is
melting ingot casting system and an (b) ingot model schematic proximately flat, and its clear that the higher the casting speed,
and boundary conditions, depth appears insensi- thedeepertheconvectionpenetratesinto

tive to the variation of the mushy zone.
2000 2000 the casting speed. It is A Ti-6AI-4V ingot was cast in an elec-

lqu liquid noted that under the tron-beam melting process with a cast-
liquid same thermal energy ingrate of about -1.8 x 10-4 m/s. A small

conditions, the mushy amount of copper was added to the in-
.s zone yielded by the pure got mold pool near the end of the casting

conduction transport is process to mark the pool profile for sub-
solid .5 generally thinner in or- sequent ingot macroetch evaluation.

der to maintain required Because it reduces the melting tempera-
heat flow rates by pure ture, the copper probably caused some

solid molecular transport (i.e., of the solid (particularly in the mushy
conduction). With thein- zone) to remelt. Since there was insuffi-
clusion of convection, the cient heat available to remelt much of
heat-transfer rates in the solid, the profile indicated by
both the bulk melt and macroetching is probably close to the

- upper mushy zone are solidus line. Tne orientation of the co-
a b c d now enhanced by mac- lumnar dendritic structure that does not

Figure 8. Effect of casting speed on temperature (a and b-- roscopic flow motion; the contain copper suggests that the macro-
AT=50K)andliquid-fractioncontours(candd)aspredictedby degree of heat-transfer etch profile at least approximates the
modified k-c turbulence model for (a) u_,, = -2 x 10- m s-1 and enhancement depends, solidus line.
(b) u. = -4 x10- m s-'. of course, on the local The modified k-E turbulence model
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Multi-zone simulation of the Bridgman growth
process of fl-NiAl crystal

HONG OUYANG and WEI SHYYt
Department of Aerospace Engineering, Mechanics and Engineering Science, University of Florida,

Gainesville, FL 32611, U.S.A.

(Received 6 February 1995 and in finalform 31 July 1995)

Abstract-A computational model has been developed for the Bridgman growth process of fi-NiAl crystal.
The model accounts for heat transfer in the whole furnace system, including the encapsulated fluid between
the heater and the ampoule, conjugate heat transfer around and within the ampoule, and phase change
dynamics between melt and crystal. To handle the geometrical and physical complexities of the crystal
growth processes, a two-level approach has been developed. At the global furnace level, combined con-
vection/conduction/radiation calculations with realistic geometrical and thermal boundary conditions are
made inside the whole system. Refined calculations are then made within the ampoule, with the boundary
conditions supplied by the global furnace simulations. The present multi-level model can help improve the
predictive capabilities for crystal growth techniques by optimizing the use of the computing resources; it
allows one to probe the effects of different physical and geometrical variables on the crystal quality.

Copyright © 1996 Elsevier Science Ltd.

1. INTRODUCTION systems, such as the Bridgman system, is highly com-
plex and is influenced by several factors such as vary-

/3-NiAl is an intermetallic that is currently being inves- ing thermo-physical properties and multiple heat
tigated as a promising high temperature structural transfer modes, namely, conduction, convection and
material for application in the next generation of air- radiation. These complications have traditionally
craft engines and structural components. NiAI is resulted in simplified analyses carried out under quiteK especially attractive because of its low density, high restrictive assumptions of simplified geometry,
thermal conductivity, high melting temperature, assumed boundary conditions, constant thermo-
superior isothermal and cyclic oxidation resistance [1]. physical properties and neglecting important con-
However, it has two major drawbacks; low toughness vection modes such as buoyancy driven convection.
at room temperatures and low strength at high tem- Our general understanding of the transport process
peratures [2]. These deficiencies need to be resolved and macroscopic properties of the crystal growth dur-
before NiAI can be used in structural applications. ing the last three decades has improved substantially.
The current study is part of an ongoing effort to grow However, quantitative prediction of the performance
high purity single crystals of NiAI with controlled of specific crystal growth devices is not yet feasible.
compositions and under controlled conditions. This Efforts have been made in the research community
would be the starting point in fundamental and to develop such predictive capabilities. For example,
detailed studies directed towards understanding the Brown [4] reviewed calculations, conducted by his
behavior of this material, research group using the finite element method, of the

The Bridgman growth system is one of the direc- temperature field in the melt, crystal, and ampoule,
tional solidification configurations that are useful for the location of melt/crystal and melt/ambient surfaces
producing large size single crystals from the melt [3]. during crystal growth. Shyy [5] previewed many of
The advantage of the Bridgman system is that the the possible factors that contribute to the solid-
temperature gradients can be controlled, making it ification and heat transport, such as natural convec-
possible to achieve unidirectional solidification. This tion, Marangoni convection, solute concentration,
study is directed towards the prediction of the thermal turbulence and capillarity, at both macroscopic and
characteristics of a Bridgman growth system that has morphological scales. In all these aspects, active inves-
and is currently being used to produce single crystals tigations are being made to address the issues of the
of NiAI. A schematic of the growth system is shown interfacial dynamics in conjunction with the macro-
in Fig. 1. scopic solute segregation and melt oscillation [5-7],

The temperature distribution in crystal growth and microscopic morphological evolution [5, 8-10].

In this study we have attempted to realistically model
t Author to whom correspondence should be addressed, the system taking into account complex geometry,
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NOMENCLATURE

A permeability coefficient T dimensionless temperature
C, specific heat TI cooler temperature
f fluid fraction T4 heater temperature
fc ratio of distances between points E-e T, temperature of the ampoule outer wall

and between points e-P, used for T, temperature of the heater, Th = T4
harmonic interpolation AT reference temperature scale,

g gravitational acceleration AT = T4-TI
H ampoule position within the furnace u dimensionless radial velocity
AH 0  latent heat of NiA! it, dimensionless axial velocity
k thermal conductivity z dimensionless axial coordinate.
P dimensionless pressure
Pro Prandtl number based on NiAI Greek symbols

properties at 300 K
q radiation heat flux between ampoule f thermal dipausiv i ceouter wall and heater fi thermal expansion coefficient

outr wll nd eatr E emissivity of the ampoule outer wall
R0  reference length scale based on E emissivity of the am eo

ampoule inner radius eh emissivity of the heater
Rao Rayleigh number based on NiAI 1 viscosity• - "Q density

properties at 300 K
a Stefan-Boltzmann constant,

r dimensionless radial coordinate 5.67 x 10-8 [W m- 2 k- 4 ].
r. radial position of the ampoule outer

wall
rh radial position of the heater Subscripts
Sto Stefan number based on NiAI E node index of the east unknown

properties at 300 K control volume E
Su source term accounting for phase P node index of the present unknown

change in the radial momentum control volume P
equation e east surface of the present control

Sw source term accounting for phase volume PQ change in the axial momentum a ampoule
equation h heater

I dimensionless time 0 reference scale.

temperature and phase dependent material properties, (ii) the axisymmetric ampoule containing the melt,
buoyancy driven convection and its influence on the the growing crystal and the cooler (TI).
melt/crystal interface and the thermal distribution
within the crystal. The ampoule is made of alumina and rests on a

In the following, we first formulate the physical copper support. The enclosure stays stationary during

phenomena that is involved in this Bridgman growth the growth process and the ampoule is pulled out to

process for /3-NiAl, then develop the numerical strat- control the growth speed of the crystal.

egy to solve this problem, and finally present the simu- The following phenomena are of key importance

lation results and the corresponding findings, and need to be resolved adequately:

e melt/crystal phase change in the ampoule region;

2. FORMULATION AND COMPUTATIONAL e conduction among various components of the fur-

STRATEGY nace, the alumina wall and the copper base;
* convection in the melt and the encapsulated gas

Figure I shows the schematic of a practical designed argon;
vertical Bridgman furnace for growing fl-NiAl [Il] * radiation between the heater T4 and the ampoule
that we chose for our current numerical simulation. wall.
For the purposes of our calculation, the furnace is
composed of two parts: (i) Governing equations

(i) the enclosure, filled with argon, containing the To formulate this problem with combined heat
heater (T4) and; transfer and phase change in a geometrically complexK
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T2

T4 '-A T4 200 nmm

Centorr furnace

13=25 KVA

T4=1 730 C, 1 hour

@11=6 V, 1=1000 A

"Wi

T3

RE Water flow: R_5M Ni-At liquid

TI =5C, T2=20C-, T3=400+ Mo shield

V=8 Gal/min, p=50 psi

Alumina high density Copper

Fig. 1. Schematic of vertical Bridgman growth furnace for growing fl-NiAI.

domain, we have derived and solved a set of unified 0 (Qa P
goenn eutosthat describes- the conduction, at' Qgo -ru -rwuz T

convection and phase change phenomena over the

entire geometry of the system. The dimensionless, axi- + (Pr It ru 8tt / a (uY r Ij-ir ý u
symmetric, Navier-Stokes and energy equations, +P ~ro p 01 5 a-j 0
incorporating variable thermal conductivities and the

Boussinesq approximation are: (2)

(i) Continuity equation z-momentum:

a-(L-;ru) +- -rit = 0, (1) ). or\Q aZ~Q

where u and iv are, respectively, the velocity com- =-r-e + Pro ~ r- + al (-r-w~

ponents along the radial and axial direction. IT 1 r(Wo Or, a r) Ve8,

(ii) Momentum equation + Rao Pro M - I-rT+ Sw. (3)

K - r-momentum: rfQo/o]
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Table I. Thermodynamic and transport properties

Material Q(kgm- 3) p (kgm-'s-') k(Wm-'K-') C((Jkg-'K-') P (K-')

NiAI 5950 0.005 75 660 1.52 x 10-1
Argon 0.487 5.42 x 10' 0.0427 520 8.33 x 10-"

Alumina 3975 t 765 -
Copper 8930 t. 386'

AH0 = 688 kJ kg-.
t Assigned big values.
:Varied with temperature (see Fig. 4).

(iii) Energy equation the difference between the highest and the lowest tem-
(8/° Cp T\ 8/ (o Cp \") O0Cp 7"} perature in the furnace, AT = T4-Tl, as the reference

S-rT + r - -ruT l+- -r temperature scale. The estimated dimensionless par-

Q CPO T) Or\o 0 CPO T) ýo CPO 1 ameters for our current calculation are

= - + Ra = 3.2(x 10' Pro = 4.4 x 10-' Sto = 1.7.

(8)
a( {--torf ) + aL -rutf) + al- L) -r,f •, 4

'- at Q- St r Q+ , - \Oo (-) Furthermore, the original parameters of the

material properties for different material regions,
where the term with Rao in equation (3) comes from which have been listed in Table 1, are converted cor-
the Boussinesq approximation for treating the buoy- respondingly into dimensionless form as listed in
ancy effect, Su, Sw in equations (2) and (3) and the Table 2.
terms with fluid fraction fin equation (4) are appro-
priate source terms to account for the phase change,
p, It, Cp, k and fP are the density, viscosity, specific (it) Two-level modeling strategy

heat, conductivity and coefficient of thermal expan- It may be observed from Fig. I that the combination

sion, respectively. Rao, Pro and Sto are the Rayleigh of the furnace enclosure and the ampoule presents a

number, Prandtl number and Stefan number, respec- very complicated geometry. To render the com-

tively. Their definitions are putations tractable and simultaneously obtain
adequate resolution in the ampoule region, a two-

Buoyancy force Qogfio A TR = level strategy is employed. Level I simulates the entire
Ra0 - Viscous force 0C•0 (5) domain and is referred to as the global furnace model.

Level 2 concentrates on the ampoule region and
Pro Kinematic viscosity /o obtains its boundary conditions from the level I or

Heat diffusivity o0 (6) the global simulation. With this two-level strategy, we

Sensible heat CpO AT can obtain useful information at the global level and
Sto = Latent heat - AHo , (7) yet obtain adequate resolution at the melt/crystal

interface. Figure 2 demonstrates the application of the
where ao, Qo, juo, Cpo, ko and fl0 are chosen reference two-level strategy to the present simulation. To solve
material properties for nondimensionalization. g is the governing equations, the'control volume tech-
gravitational acceleration, AH0 is the reference latent nique employing a non-orthogonal body-fitted coor-
heat, Ro is the reference length, and ATis the reference dinate system has been adopted [5, 12, 13]. A proven
temperature. In this study, we chose the properties of and robust pressure-based algorithm is then used to
/J-NiAl at 300 K as the reference properties, the radius iterate the discretized form of the governing equations
of ampoule inner wall Ro as the reference length and to the steady state [12, 14].

Table 2. Dimensionless thermodynamic and transport properties

RaolPro(fllto)
Material QI0o Pro(Gp-o) k/ko C0/ C (Q/Qo)

NiAI 1.0 4.4 x 10-1 1.0 1.0 1.4 x 10'
Argon 8.2 x 10-1 4.77 x 10' 5.7 x 10-4 0.79 6.32

Alumina 0.67 " 1.16 -
Copper 1.5 " + 0.58 -

t Assigned big values.
4Varied with temperature (see Fig. 4).
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"(a) Global furnace model (b) Refined ampoule model

Fig. 2. Layout and boundary conditions for (a) the global furnace model, and (b) the refined ampoule
model used in the present numerical simulation, where H measures the ampoule position as it is pulled out.
The total length of the ampoule part, between the top of alumina and the bottom of copper, is L =

185 mm, while the length of the ampoule is I = 113.5 num.

(iii) The treatment of phase change melts. For pure materials, the porosity changes
In the modeling of the melt/solid interface region, abruptly as the phase change occurs, but to ensure

phase change needs to be considered along with the numerical stability, a continuous variation is imposed.
"coupled mass and heat transport. Special treatment Here, the source terms have the form: Su = -Au and
thus need to be taken to account for the release of Sw = -A w, where A varies as a function of the fluid
latent heat during solidification [5, 15, 16]. As is shown fraction f from zero in the liquid phase to infinity in
in equation (4), an enthalpy based method has been the solid phase [15, 17].
adopted in the energy equation through the implemen-
tation of the fluid fractionf in the source term. Here, (iv) The interpolation of material properties
f is defined to be I in the region of melt, zero in the The calculations conducted in this study take into
region of solid, and varies continuously between zero account the variation of material properties with tem-
and unity when the material undergoes phase change. perature, such as thermal conductivity, at the ampoule
In addition, Su and Sw are included in the momentum walls and at the melt/crystal interface. Abrupt changes
equations (2) and (3) to enforce the velocity in the in material properties may be expected at the inter-
solid to match the pull rate of the crystal. The faces between two media and the interpolation for the
approach taken here is the inclusion of Darcy-type material properties must be handled carefully in order
source terms in the momentum equations [5, 15]. Thus *to obtain numerical solutions. The usual approach
the phase change material in the solid/melt interface taken is linearinterpolation,
region is considered to be a porous medium, with the
porosity changing from zero to unity as the material k. =f kp +(1-f.)kE, (9)
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where f, designates the ratio of distances between the details of the interface morphology. We also try
points E-e and between points e-P, with E, P, and e to take into account the relative displacement of the
representing, respectively, the east-side unknown ampoule as the growing crystal is pulled out of the

S.node, the present unknown node, and the east-side furnace. Therefore, three simulations have been per-
control surface of the present unknown cell P. Here, formed at the global level involving three different
a standard arithmetic averaging withf, = 0.5 is chosen locations of the ampoule. A-multi-zone patched grid

""for interpolation within the same material media, method has been employed to generate the grid system
However, this does not handle abrupt changes at the needed for global (furnace) level simulations. Sample
interface between the two media. Hence, following grid distributions have been shown in Fig. 3a, b for
Patankar 114], a harmonic interpolation based on a H = 40 and 80 mm, where H indicates the position of
one-dimensional flux conservation is used as follows: the ampoule within the furnace. The global furnace

I 1(Level I) simulations were conducted for three differ-
k ( = l+(10) ent ampoule positions in order to estimate the effects

(I -f,)/kp +fIkE" of geometric variations as the crystal is pulled out of

This treatment has been compared with the flux the furnace. Calculations were conducted for H = 40

balance approach [18] and is found to be equally mm (151x 213 grid), 80 mm (151x 216 grid) and 120

robust and accurate; but simpler to implement. mm (151 x 219 grid). In all cases, there were 51 x 103
points in the ampoule region. Based on this resolution,

(u) Radiation effect the ampoule region is then computed again with a

The radiation heat flux between the heat (T4) and better resolution; the boundary conditions needed for
.the outer wall of the ampoule is handled by the fol- this Level 2 simulation are extracted from the results
lowing simplified treatment [19J : obtained from the-Level I solutions. In the following

sections, we will first show that consideration of
.-(T -- T) realistic material property variation, as, e.g. functions

q /("1 - (I I) of temperature, is essential to obtain a faithful simu-
(1i) + -EJ(r.1rh) lation; we will then discuss the solutions obtained for

\ ) different ampoule locations on both Level I and Level

where a = 5.67 x 10- W m- 2 K4 is the Stefan-Boltz- 2.
mann constant, T., r., and &. are temperature, radial
position and emissivity for the ampoule outer wall (i) The globalfurnace simulation

and Th, rh and E. are the corresponding variables for Figure 4 shows the variation of thermal con-
the heater. The heater is considered to be a black ductivity of alumina and copper with temperature

"body, so eh = 1.0, For the alumina wall of the [20]. Figures 5 and 6 show the stream function and
ampoule, e. = 0.8 and for the copper wall, r. = 0.6. the isotherm distribution, respectively, for each of the
The expression for the boundary condition at the three ampoule locations. The streamline pattern arises
outer ampoule wall is given by, as a result of buoyancy driven convection. It may be

observed that the convection pattern in the encap-k8T ___l.Ti

- k ,Tpo.P -k-I "o+q, (12) sulating gas is quite weak and the convective heat
T Tr rgn transfer into the ampoule is negligible compared to

the radiative effect from the heater. As the ampoule
where the left hand side represents the heat flux into translates downward, the convection within the
the ampoule wall and the right hand side represents ampoule gets slightly weaker and the melt/crystal
the heat flux due to convection and conduction from interface becomes convex towards the melt. It is
the encapsulating gas and the radiation from the difficult to predict the strength and detailed charac-
heater. teristics of the convective field within the- furnace---

because the geometry is complicated and the bound-
ary conditions vary with the ampoule movement.

3. RESULTS AND DISCUSSION Nevertheless, it is clear that the isotherm pattern chan-
ges quite significantly as the crystal is drawn down

In the following, we present the results of steady and the temperature gradients at the base of the crystal
state calculations for the Bridgman growth of NiAl. decrease in magnitude. To shed some light on the role
The geometry of the calculation domain is shown in played by the variations of the transport properties,
Fig. 2a, b. In order to optimize computational costs with respect to temperature, calculations have also
without sacrificing accuracy and resolution in the been conducted with the material properties held fixed
melt/crystal region, the simulation was conducted at to the reference values at 300 K, a practice employed
two levels. Level 1 is the global furnace simulation in some modeling work. While the general patterns of
involving the entire domain. Level 2 is a refined stream functions and isotherms seem insensitive, some
ampoule simulation and takes its boundary conditions critical aspects of the solutions are substantially affec-
based on the global simulation. It will be shown later ted. As an illustration, Fig. 7 shows the differences inQ that the global simulation is relatively insensitive to the temperature distribution along the centerline and
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(a) Grid of H=4Ownm (b) Grid of H=8Ornn

Fit-. IGrid distributiions for the global furnace model of (a) H 40 mmn (grid size = 15 1 x 213). and (b)
11 SO mim (grid size = 15 1 x 216).

the inner wa-ll] Of thle amlpoulle. between the variable -the ampoule. The differencei exhibited in Fig2. 7 impact
properties and constant properties simulations, the tem~peratlure distributionl in thle crX stall and its
Noticeable ditfhrences have been observed :for exam- accurate predtiction is necessary to understand its
pie, a 50', diffln-emce exists alonL the bottom wall of implications on cryst al clualitY.
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Fig. 4. Dependency of thermal conductivities of alumina and copper on temperature (Perry's Chemical
Engineerings' Handbook, 1984).
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Inside the NiAI melt Inside the NiA! melt Inside the NiAl melt
Sn---0.0506,AS=0.0053 Smax--0.0513,AS=0.0054 Sma--0.0532,AS--0.005 6

Inside the Argon gas Inside the Argon gas Inside the Argon gas
Sn=--0.0239,AS=0.0053 Smu,--0.00243,AS=0.00054 Sa=0.00196,AS--0.00056

Fig. 5. Solution characteristics of the global furnace simulation for three different H. (i) H 40 mm; (ii)
H =80 mm; (iiij-H =120 mm. Stream function.
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(i) 00)(ii

Tmelt=0.95 AT=0.02 Tmeltc0.95 AT--0.02 Tmelt=0.95 ATO0.02

Fig. 6. Solution characteristics of the global furnace simulation for three different H. (i) H = 40 mm; (ii)
H = 80 mm; (iii) H-- 120 mm. Isotherms.
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Fig. 7. Comparison of the temperature profiles of the global furnace model with variable and constant

thermal conductiVities of alumina and copper for H = 80 mm.
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((

Q Smax,0.0445 Smax=0.0541 Smax=0.0560
AS=0.0048 AS=0.0057 AS=0.0059

Fig. 8. Solution characteristics of the refined ampoule simulation for three different H. (i) H = 40 mm;
(ii) H = 80 mm; (iii) H = 120 mm. Stream function.

(it) The refined ampoule simulation ampoule locations. It may be observed that the differ-
The refined ampoule (Level 2) simulation was con- ences between the coarse grid (Level 1) and the fine

ducted using the ampoule wall temperature distri- grid (Level 2) calculations are most significant when
bution, obtained from Level -1, as the boundary con- the melt volume decreases (as the crystal is pulled out).
dition. The grid resolution within the ampoule has This observation just reinforces the trends exhibited in
been increased to 101 x 154 from 51 x 103 used at the stream function plots mentioned previously. The
Level 1. Stream function and isotherm contours are sensitivity to grid refinement increases as the melt
presented in Figs. 8 and 9, respectively. Noticeable volume decreases because of the constraining effect of
differences may be observed between the convection the top wall. Since the interface positions at the
patterns in Fig. 5(i-iii) and Fig. 8(i-iii), and more ampoule wall are the same between the two grid levels,
significantly, the convection strengths are different, it is significant that the temperature distributions pre-
especially for H = 40 mm. At this ampoule position, dicted on them are different, resulting in different
the more detailed secondary vortical structure in the melt/crystal curvatures. This aspect impacts on the
central region above the solid-melt interface can be detailed distribution of temperature gradients in the
clearly observed from the refined solutions depicted interface region, resulting in a different micro-struc-
in Fig. 8; at the global level, as shown in Fig. 5, such ture of the crystal.
characteristics are less pronounced. This assessment To further illustrate the usefulness of the multi-level
shows that a fine grid is needed to capture convection approach, a fine grid simulation of the H = 40 mm
dominated phenomena, thus justifying the two level case, corresponding to Fig. 5(i) and Fig. 6(i), was
approach taken in this study. carried on a refined grid of 223 x 284 nodes (73 x 154

Figure 10 contrasts the melt/crystal interface nodes in the ampoule region). This represents a sub-
( obtained from the two level simulation for all three stantial refinement over the grid system shown in Fig.
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Fig. 9. Solution characteristics of the refined ampoule simulation for three different H. (i) H 40 mm;
(ii) H 80 mm; (iii) H = 120 mm. Isotherms.
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Fig. 10. Comparison of the melt/solid interface positions between the global furnace and refined ampoule( models.
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(.

Inside the NiAI melt: Sm~a=0.0418,AS=0.O044 Tmelt--0.95 AT=0.02
Inside the Argon gas: Smax=0.0242,AS--0.0044

Fig. 11. Solution characteristics of the global furnace simulation for H = 40 mm with grid size: 223 x 284.

3a with 151 x 213 nodes (51 x 103 nodes in the work to predict the solidification dynamics and ther-
ampoule region). Figure 11(i) and (ii) show the mal field will aid the development of such critical
streamfunction and isotherms, respectively, obtained information.
on this fine grid system. It can be observed that the fine
grid solution captures more details of the convection
pattern within the ampoule. Differences can be noted
between the solutions presented in Figs. 5 and 6 and Accurate and realistic numerical simulations have
those presented in Fig. I I; more secondary vortical been carried out for a vertical Bridgman crystal
structures are captured on the fine grid. The fine grid growth system for the single crystal growth of NiA1.
solution is closer to the refined ampoule simulation All three heat transfer modes-conduction, con-
(Figs. 8 and 9) than to the coarse grid solutions from vection and radiation-have been taken into account
the global furnace simulation. The fine grid results of with reasonable resolutions. A two-level simulation
the global furnace simulation clearly demonstrate the has been performed to simultaneously achieve accu-
economy of the multi-level approach; instead of racy as well as computational economy. At the global
resorting to a fine grid distribution at the global level, level, the entire system consisting of the enclosure,
carrying out the refined ampoule simulation yields the heaters and the ampoule have been considered. How-
desired accuracy economically. ever, it was desirable to improve the grid resolution

Correlations between the thermal characteristics in within the ampoule to capture the dynamics of the
the combined crystal/melt region and the microscopic melt/crystal interface. Thus, a refined ampoule simu-
structure of NiAI are not well established at the pre- lation was performed using the solution from the

Ssent time. However, the capability established in this Level I simulation as the boundary condition for the
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SUMMARY

A computational capability has been developed to predict the free surface shape, heat transfer and
melt--crystal interface shapes in float-zone processing. A moving boundary, second order, finite volume,
incompressible Navier-Stokes solver has been developed for the fluid flow and heat transfer calculations.
The salient features of the approach include solving the dynamic form of the Young-Laplace equation for
the free surface shape, dynamic remeshing to fit the free boundary, a flexible, multi-block, grid generation
procedure and the enthalpy method to capture the melt-crystal and the melt-feed interfaces without the
need for explicit interface tracking. Important convective heat transfer modes; natural convection and
thermnocapillary convection have been computed. It is shown that, whereas the overall heat transfer is not
substantially affected by convection, the melt-crystal interface shape acquires significant distortion due to
the redistribution of the temperature field by the thermocapillary and buoyancy-induced convective
mechanisms. It is also demonstrated that the interaction of natural and thermocapillary convection can
reduce the melt-crystal interface distortion if they act in opposing directions. It is found that the meniscus
deformation can cause the height of the zone to increase but the qualitative nature of the melt-solid interface
shapes are not significantly affected. Results are compared with literature to validate the predictive
capability developed in this work. ( 1997 by John Wiley & Sons, Ltd.

KEY WORDS: float zone; crystal growtb. solidification; moving boundary;, thermocapillary transport

I. INTRODUCTION

The float-zone technique is one of the candidate methods for growing single crystals. The main
advantage of the float-zone process is that it is a containerless process and thus a main source of

contamination is removed. Another advantage is the reduction of thermal stresses which are
caused by differential thermal expansion between the crystal and the crucible. On earth, it is

mainly limited by the size of the melt zone that can be achieved, since the hydrostatic pressure of

the melt zone is balanced by the surface tension between the melt and the ambient fluid. Another

problem is the loss of volatile components from the melt, which can be circumvented by the use of
encapsulating fluids. Liquid encapsulants can also increase the maximum size of the melt zone

that can be achieved. The formation of the meniscus during the melting process is a major

concern in the successful operation of the float-zone technique and this aspect has been examined
in detail by Shyy and Rao.'

Float-zone simulations have been carried out by many researchers at different levels of
complexity. Kobayashi2 computed thermocapillary convection under zero gravity conditions f6fi

' " i
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Abstract

A computational capability has been developed to predict thefree surface shape, heat
transfer and melt-crystal interface shapes in float zone processing. A moving
boundary, second order finite volume, incompressible Navier-Stokes solver has been
developedfor thefluidflow and heat transfer calculations. The salientfeatures ofthe
approach include solving the dynamic form of the Young-Laplace equation for the
free surface shape, dynamic remeshing to fit the free boundary, a flexible,
multi-block, grid generation procedure and the enthalpy method to capture the
melt-crystal and the melt-feed interfaces without the need for explicit interface
tracking. Important convective heat transfer modes; natural convection and
thermocapillary convection have been computed. It is shown that, whereas the
overall heat transfer is not substantially affected by convection, the melt-crystal
interface shape acquires significant distortion due to the redistribution of the
temperature field by the thermocapillary and buoyancy-induced convective
mechanisms. It is also demonstrated that the interaction of natural and
thermocapillary convection can reduce the melt-crystal interface distortion if they
act in opposing directions. It is found that the meniscus deformation can cause the
height of the zone to increase but the qualitative nature of the melt/solid interface
shapes are not significantly affected. Results are compared with literature to validate
the predictive capability developed in this work.

Keywords:

Float Zone, Crystal Growth, Solidification, Moving Boundary, Thermocapillary Transport.



( 1. Introduction

The float zone technique is one of the candidate methods for growing single crystals. The main

advantage of the float zone process is that it is a containerless process and thus a main source of

contamination is removed. Another advantage is the reduction of thermal stresses which are caused

by differential thermal expansion between the crystal and the crucible. On earth, it is mainly limited

by the size of the melt zone that can be achieved, since the hydrostatic pressure of the melt zone is

balanced by the surface tension between the melt and the ambient fluid. Another problem is the loss

of volatile components from the melt, which can be circumvented by the use of encapsulating fluids.

Liquid encapsulants can also increase the maximum size of the melt zone that can be achieved. The

formation of the meniscus during the melting process is a major concern in the successful operation

of the float zone technique and this aspect has been examined in detail by Shyy and Rao1 .

Float zone simulations have been carried out by many researchers at different levels of

complexity. Kobayashi 2 computed thermocapillary convection under zero gravity conditions for

two different Prandtl numbers, with and without crystal rotation while neglecting the deformation

of the free surface. Kobayashi 3 extended the study to include buoyancy induced convection. Young

and Chait4 has presented asymptotic solutions for the temperature, concentration, and interface

( shapes in the limit of small aspect ratio and weak surface tension for a two dimensional float zone

established in a vertical sheet. Neitzel et. al. 5 have computed thermocapillary convection in a float

zone with a computed free surface shape. Chu and Chen 6 have obtained numerical solutions for float

zone growth of Molybdenum (Mo) crystals with an imposed heat input profile rather than an

imposed temperature profile. Again, they imposed the constraint of a fixed cylindrical free surface

and concentrated their efforts on the details of the flow structure. Duranceau and Brown7 developed

a steady-state, thermal-capillary model where the free surface was computed as part of the solution.

However, their model considered only heat conduction but not melt convection. Lan and Kou8 have

carried out coupled calculations of steady thermocapillary flow and natural convection under

microgravity conditions for an NaNO 3 float zone with an imposed cylindrical shape of the free

surface. Lan and Kou 9 extended this study to include the free surface deformation computed by

solving the Young-Laplace equation with an imposed contact angle at the solidifying trijunction

point. Lan and Kou10 have also carried out a series of studies on float zones with rotation and

counterrotation of the feed and crystal. The have found that due to the resulting melt rotation the

height of the zone can be reduced significantly by reducing the power input. The forced convection

in the melt due to rotation helps to prevent freezing of the melt at the centerline. This is especially

useful for non-electrically conducting materials such as NaNO3 since electromagnetic levitation

forces cannot be used to stabilize the zone.
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( Chan and Choi 1l and Chan 12 have modeled the convective heat transfer, solidification and free

surface deformation during float zone growth of Titanium Carbide (TiC) by induction heating.

Mtihlbauer et. al. 13 have simulated the growth of large Silicon crystals by the needle-eye technique

with the unknown interface shapes determined as a coupled thermal-electromagnetic-hydrodynamic

problem. For their problem, buoyancy induced convection and forced convection due to crystal

rotation dominated thermocapillary convection in the float zone. The effect of dopant segregation

in float zone growth of KNO 3 doped NaNO 3 crystals has been considered by Lan and Kou 14 at zero

gravity. The have found that the shape of the melt/crystal interface is significantly affected by the

radial dopant segregation, especially at the centerline. Also, with increasing strength'of

thermocapillary convection, the segregation decreases. They also obtained a similar effect with fast

counterrotation of the crystal - feed system. Lan15 computed steady, convective heat transfer and

interface shapes in a float zone using Newton's iterations. This study employed a mass conservation

scheme to determine the free surface shape as opposed to a fixed contact angle condition.

Transient computations of g-jitter induced convection in a Bismuth Silicate (BSO) float zone

have been studied by Chen et. al. 16. However, they constrained the free surface to a nondeformable

cylindrical shape and imposed a fixed, parabolic temperature distribution on the free surface and did

not consider phase change/solidification effects. Grugel et. al. 17 have carried out experimental

investigations of vibration on the solidification characteristics in a NaNO 3 float zone. They found

that vibration suppressed thermocapillary convection resulting in flatter interfaces as evidenced by

the improved uniformity of the microstructural morphology presumably due to the opposing effects

of thermocapillary and buoyancy driven convection set up the by effect of body forces due to

vibration. Hu et. al.18 have carried out experiments on the onset of oscillatory thermocapillary flow

in a half zone to determine the relationship between the liquid bridge volume and the critical

Marangoni number measured in terms of the critical temperature difference. Tang and Hu 19 carried

out corresponding numerical simulations on a two dimensional half zone. Lee et. al. 20 have

performed experiments to investigate oscillatory thermocapillary flow. They found that three

dimensional oscillatory flow appears when the Marangoni number exceeds a critical value. The flow

modes were found to be strongly dependent on the aspect ratio rather than on the Marangoni number.

The flow, oscillations, thermal oscillations and the free surface deformations had the same

frequencies. Yeckel et. al. 21 have simulated heat and momentum transport in the vertical float zone

refinement of two dimensional silicon sheets. They found that Marangoni convection dominates

over buoyancy driven flow and the solid-liquid interfaces depart considerably from a planar shape.

Levenstam et. al.22 have carried out experimental and theoretical studies to determine the critical

Reynolds number for transition to oscillatory flow in a silicon float zone. They found that as the

Reynolds number increases, the flow transitions from a steady two dimensional state to a three

dimensional state and then to an unsteady flow.
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( In this study, a numerical methodology has been developed to treat fluid flow and heat transfer

in the float zone process for single crystal growth. A moving boundary approach has been developed

to handle the free surface between the melt and ambient gas. The solidification interfaces between

the growing crystal and its melt have been treated using the enttialpy method discussed in Shyy and

Rao2, Shyy24 and Shyy et. al.25 as opposed to the studies described above where the solid - liquid

interfaces as well as the free surface were explicitly tracked. The enthalpy method makes it

unnecessary to explicitly track the solid-liquid interfaces, thus the grid generation requirements are

less stringent. The free surface has been computed by solving the dynamic form of the

Young-Laplace equation coupled with a mass conservation condition: The SIMPLE algorithm in

body-fitted coordinates24 has been utilized to solve the convective heat transport problem.

2. Governing Equations and Boundary Conditions

2.1 Transport Processes

The Navier-Stokes equations of continuity, momentum and energy can be written in a

(. cylindrical coordinate system and specialized to the axisymmetric case as follows:

a(pr) a(pru) a(prv)continuity: at" + ar + Oy =0 (la)

r-momentum:

a(-ru) + aruv + -a ) r au + \-(gr-- a (- r ru)
at+ ar ay T ar a r ay +ay

u - Ar(u - ucast).

r

y-momentum

O(prv) +a(ruv) a(Qrvv) a(rp) + + [a(,r-- +a tav
at + ar ay ay + ar rar ay -a) (lc)

-(c - c ref)rg - Ar(v - v.,)

energy:

a(rQCpT) + a(rCpuT) + a(roCpvT) - EakrT) + -{kr( •]oy1

a ray [k a ay ayjJ(d
[ o~_.DO~orf) a•___).](1d)

-L a(Q + a(-ruf) a(Qrv) 1
K at± ar + ay

4
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( where the source terms in the energy equation arise from the enthalpy formulation for phase change

problems24. The effect of property variation in the domain has been taken into account and the

properties in the mushy zone are given by,

thermal conductivity: kmush = f k, + (I - f) ks (2a)

density: Qmush = f Q1 + (1 - f) Qs (2b)

where the subscripts '1' and 's' indicate the liquid and solid phases respectively and f is the liquid
fraction. The D' arcy law term is used to drive the velocities-in-the solid to equal the casting or pulling

rate given by Vast. The D'arcy coefficient is given by24 ,

A (I -( f2) (2c)

where C is a large number and q is a small number. For a pure material they can be chosen quite

arbitrarily so as to drive the velocity in the solid region to the casting rate while retaining numerical

stability. The liquid fraction is modeled as a linear function of the temperature within the phase

change interval and is set to zero in the solid

O 
T < Ts

f= 2{T-Ts Ts < T <TI (2d)

• T>T1

and unity in the liquid. For a pure material, the phase change interval, 2E, is chosen so as to spread

the numerical mushy zone over one or two computational cells in order to achieve numerical stability

as described in Shyy et. al.25. As regards the numerical implementation, a choice of either the

T-based or the H-based method is available2 3,25. All the calculations in this work employ the

T-based method.

2.2 Boundary Conditions

(i) Thermal Boundary Conditions

Heat transfer to the system is controlled by radiation and convective transfer from the ambient,

i.e.,

- kVT nlr=R = h(T - Tamb) +- -(T4 - TVmb) (3a)

where r = R designates the surface of the melt/crystal/feed system. Tamb is the imposed temperature
( -distribution due to the heater. Following Duranceau. and Brown7 and Lanis, Tamb is modeled as a

Gaussian distribution given by
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(Tam'b= (Tp T00 exp(~ (Y +2 +T, (3b)

where Tp is the heater temperature located at position yp, T,, is the ambient temperature far away

from the heater and a is the half width of the distribution.

(ii) Free Surface Treatment

For liquids bounded by a free or deformable boundary where a temperature gradient exists

along the interface, a surface shear stress is generated by the surface tension gradient. Thus, the force

balance can be written as,
Sv• = VT -Y (4a)

aT
where the surface tension gradient is proportional to the temperature gradient and gives rise to the

normal derivative of the tangential velocity at the free surface. V is the velocity vector, -6 is the

unit normal vector to the free surface, and 7 is the unit tangent vector to the free surface. The

convection strength is described, in nondimensional terms, by the Marangoni number,

dyI ATrbMa IL ge (4b)

( which is obtained by nondimensionalizing Eq. (4a) with a temperature scale, AT, length scale, rb,

and a velocity scale given by a/rb, where a is the thermal diffusivity of the melt and [t is its viscosity.

This dimensionless parameter represents the strength of the velocity gradients generated by the shear

stress due to the surface tension gradient.

The velocity boundary conditions for the momentum equations are obtained by solving Eq.

(4a), in conjunction with the fact that the meniscus is a material surface, i.e.,
F F vF = 0(5a)

at Or ay

where F(x, y, t) = 0 describes the equation of the meniscus. This can be written as,

V-iA = 0 (5b)

in a moving grid system generated to fit a moving and deforming meniscus. Equations (4a) and (5b)

are solved simultaneously to obtain the boundary velocities at the free surface.

(iii) Symmetry

Since axisymmetry is assumed, the centerline is taken to a symmetry boundary. Thus, at r = 0,
u=O
uv = 0av 0
ar (6)

( aT 0
ar
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( 2.3 Governing Equations for a Deformable Meniscus

The meniscus shape obeys the Young-Laplace equation obtained by balancing the hydrostatic

pressure, hydrodynamic pressure and viscous normal stress terms against the surface tension force,
i.e.,

[_________(7a1
A g y- PL Pd + 2[t- ---= y(T) [I +r,2) 3/2  r + r'2)1/2 (7a)

where r = r(y) describes the free surface shape. Here, AQ is the density difference between the melt

and the ambieni fluili, g is the acceleration due to gravity, y is the temperature dependent surface

tension between the melt and the ambient fluid. The term on the right hand side represents the

product of the temperature dependent surface tension and the free surface curvature. The left hand

side represents the hydrostatic pressure, the hydrodynamic pressure, Pd, and the viscous normal

stress generated by the fluid motion. In addition, there is a pressurization parameter, PL, that must

be determined as part of the solution either by satisfying a contact angle condition at the solidifying
interface or by a mass conservation constraint.

The dynamic form of the Young-Laplace equation, Eq. (7a), can be nondimensionalized as
follows:

BoY-WePd-PL+ Ca-'nn = (I Y AT)[ R" 1
an dT Y (I + '2)3/2 R(1 +R2)/

(7b)
where the Bond number, Bo, is defined as

Bo = (A( g r2)/(y0 ) (8a)

describes the force balance between the hydrostatic pressure and the surface tension, the Weber

number, We,

We = (p a 2)/(-y0 rb) (8b)

describes the relative magnitudes of the inertia and surface tension, and the Capillary number, Ca,

Ca = (2 [t a)/(yo rb) (8c)

describes the relative magnitudes of the viscous normal stress and the surface tension. Here, a is
the thermal diffusivity of the melt, ,u is the viscosity of the melt and rb is a characteristic length scale

typically taken to be radius of the melting feed.

Equation (7a) may be solved with the following boundary conditions:

(i) Fixed radius at the melting feed.

r(y = hc) = rb-. (9)

and either
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(ii) Fixed radius at the solidifying crystal,
r (y = 0) = rc (10a)

or fixed contact angle at the solidifying crystal

r' (y = 0) = tan(n/2 - ýc) (10b)

assuming downward pulling as is the case in the problem considered subsequently. Equation (10a)

has been used in all the cases considered in this study for the purpose of comparison with the

solutions available in literature. Here, y = 0 describes the location of the melting feed and y = hc is

the height of the meniscus, Pýc is the contact angle between the meniscus and the solidifying crystal

and re is the radius of the growing crystal.

3. Computational Methodology

3.1 Moving Grid Procedure

Equations (la-d) are transformed into a moving grid body fitted coordinate system as follows:

The transformation may be expressed as

- •= 0(x,y, t)
'q = Ti(x,y,t) (0a)

The continuity equation in nonorthogonal coordinates then becomes,

ar(Jr)) + a----- + a(rV) = O (1 lb)
at aý ~

where r is the radial coordinate which is identical to x in the following treatment. The separation

between r and x is maintained for the ease of application to a two dimensional Cartesian coordinate
system as opposed to a cylindrical coordinate system considered here.

U = (u - X) Yn - (v - Y) xq

V = (v -y) xý - (u-i)y• (lid)

are the contravariant velocity components and x and y are the radial and vertical components of

the grid velocity vector respectively. The determination of the Jacobian, J, will be explained

subsequently. The momentum equations then become

r-momentum:
a(JQru) a(@rUu) a(QrVu) p 1 ap

a-t + + anj L - ryy j+

Ta,[Ejr(qi uý - q2 Un)] + (Ilie)
a T-- [-ý-r(q-2 u %qun)•ý Su(ý,Ti) • J • rK -a - _



y-momentum:

a(Jrgv) a(+rUv) + a(prVv) xO (rp) x -(rp) +
___ +

at + aý al al l T aý
•.a [.r~ql v- q2vTI)] + a [.-r(q2 v - q3vT)]-

(Q - Oref) g J r + S(,) J *r

along x and y directions respectively, where x1, yl and so on are the metrics of the transformation

and ql, q2 and q3 are defined as
q, =x2 + y•

q + I

q2 =xxn + YYr (llg)

X2 + 2q 3  2

Following Shyy24, the metric terms xT, yTI and so on are evaluated as the projected lengths of the

control volume in the physical space in order to ensure conservative treatment.

3.2 Determination of the Jacobian

The Jacobian of the transformation is defined as,

J = xtyn - xny1  (12)

which can be interpreted as the volume of the computational cell (Shyy 1994). However, in a moving

grid system, the Jacobian has to satisfy the geometric conservation law which can be derived by

considering the transformed continuity equation. Consider an uniform flowfield with Q = 1, u = I

and v = 1. Such a flowfield identically satisfies the continuity equation (la) and is required to satisfy

the transformed continuity equation (1 b). Equation (I lb) then becomes

a[Jr] a[r (YXý -x•Y, )] a[r (iy, - rx•:
[+ 0 (13)at at all

The Jacobian is thus computed by a backward Euler difference in time based on the geometric

quantities such as the radial coordinate and the metric as shown above. The methodology is an

extension of the procedure described in Shyy et. al. 25 to the cylindrical coordinate system.

3.3 Meshing Procedure

For moving boundary problems like the float-zone simulation, it is essential to maintain an

adequate resolution in the liquid zone, even as the grid deforms to track the changing geometry.

Adequate resolution in the liquid zone is necessary in order to (a) stabilize the calculation, (b)

maximize the accuracy of the convective heat transfer and phase change computations, and (c)

accurately capture the meniscus deformation and faithfully represent the curved geometry of the
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domain. At the same time, it is desirable that the grid generation process be fast and robust, i.e.,

ensure that the grid distribution is smooth, avoid excessive skewness, allow good control of the grid

spacing and that the mapping between the physical domain and the computational domain is

invertible.

In this work, a block structured approach with an algebraic grid generation procedure has been

taken to enable fast grid generation. A typical float-zone domain can be divided into three logical

subdomains: (a) the crystal, (b) the melt and (c) the feed rod, as illustrated in Fig. 1. Subdomains

(a) and (c) are highly stretched to fit the long crystal and the feed rod. Thus, the material in

subdomains (a) and (b) is entirely solid during the solution process. Subdomain (b), however,

encloses the melt zone. Thus, phase change and convective heat transfer occur entirely in subdomain

(b). It is also to be noted that subdomain (b) has an 0(l) aspect ratio which dictates the choice of

the interpolation and distribution functions chosen for the algebraic grid generation procedure.

Due to the varying and sometimes conflicting requirements listed above, the grid in each block

or subdomain is generated separately and subsequently assembled together into a single grid system

at each iteration of the solution procedure. In each subdomain, the grid is generated algebraically

by using appropriate interpolation functions and distribution parameters, checked for integrity and

only then is the assembly procedure invoked to create a single grid system. The algebraic generation

. procedure is relatively inexpensive; as opposed to the solution of quasi-linear elliptic equations and

has been found to be robust as well in the present problem. However, careful choice of the

Subdomain (c): the LW
feed.

Subdomain (b): the

melt. •

Subdomain (a): the

grrowing crystal ,

Figure 1. Illustration of the domain and its partition into three blocks
for the purpose of grid generation. Block 2 enclosing the phase change
region is boxed for illustration. The extent of block 2 into the solid
regions can be adjusted to track the height variation of the zone.
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( distribution parameters and interpolation functions is necessary to ensure smoothness and

concentration of grid lines close to the interfaces.

The calculation domain is divided into contiguous, non-overlapping blocks and the meshing

procedure is carried out'separately in each block. For convenience, it is required that each block

consist only of four sides. The sides may be specified either as straight lines or by sequence of (x,y)

pairs describing a curve. The curve may be specified or computed; the only requirement is that it

does not intersect itself. For instance, in the melt zone, the meniscus shape is computed by

numerically integrating the dynamic form of the Young-Laplace equation. The d~tailed procedure

is as follows:

(a) Divide the domain into contiguous blocks of four sides each. Each block is described by a

non-intersecting curve. For the float-zone calculations, it is convenient to divide the domain into

three blocks; the first block consisting of the crystal, the second block consisting of the feed rod and

the third block enclosing the melt and the phase change region.

(b) For each side, compute the arclength from the sequence of (x,y) pairs describing the curve. The

required number of grid.points are then distributed along the arclength of each side as illustrated in

Fig. 2. A variety of choices exist for the distributing function. In this study, it was found convenient

(_ to use cubic and exponential clustering functions depending on the geometry of the individual block.

The cubic polynomial allows a fixed number of grid points to be distributed with specified end points

as well as specified end spacings. The exponential clustering is suitable for highly stretched

Figure 2. Illustration of the transformation procedure to achieve the
desired distribution of grid points alorg-the arclength of the boundary.
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( subdomains, allowing the end points to be matched alongwith the spacing at one end. The spacing

at the-other end is determined by the function. The exponential clustering is-described by

s-sj s exp(ac)-I (14a)
sN - si exp(ct) - 1

where - 1 N being the number of grid points that need to be accommodated within
Nw- V C'

s 1 < s •: sN. The coefficient, a, is determined by specifying the spacing at one end, i.e. as the root

of
As, exp(d Aý) I-- (14b)

TN - SI exp(a) - 1

where the root is determined by an iterative procedure. The quantities ý and -I are the transformed

and normalized coordinates in the computational plane and are defined as,

Ni I- (14c)

and r (14d)

where Ni is the number of grid-points along the ý direction and Nj the number of grid points along

the -I direction. The ability to match the spacing at one end allows a smooth variation of the grid

spacing between the different subdomains.

(c) The resulting boundary distribution is then verified by ensuring that all the newly formed

arclength elements have a positive length. This step is necessary when using high order polynomials

such as the cubic clustering because of potentially oscillatory behavior between the colocation

points.

(d) The newly formed arclength distribution is mapped back to the x-y plane via cubic spline

interpolation. This completes the generation of the boundary distribution for each subdomain.

(e) The internal grid distribution is generated for each block by transfinite interpolation. For
transfinite interpolation, use of linear basis functions has been found to be robust and efficient. The

quality of the grid is determined mostly by the boundary distribution since using low order

interpolation polynomials does not give rise to oscillatory tendencies. The disadvantage is that it is

does not provide additional control of the interior grid distribution which is necessary to ensure grid

orthogonality.

"r'( ,q) = Ai(O, r) + (1 - ý) -O(l,rj) + In ( ,0) + (I - q) '(F , ) - ý ri"(A0,0) -
(,. • (1 - 1'~1) (0, 1) - (I 70 0j l(_.,) - (1 -. 0 TO - A) 1 1) (5

where r= x i +yj
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(f) The grid is checked for zero Jacobians and convexity of the control volumes. Loss of convexity

implies excessive distortion of the quadrilateral that constitutes the control volume. Loss of

convexity is tested by taking the cross product of pairs of adjacent sides of the control volume and

ensuring that the angle between them is not greater than ;r radians. Appropriate error recovery

measures, described later, are taken if such situations are encountered.

(g) The various subdomains are combined together to form a single grid.

3.4 Deformable Meniscus

The meniscus shape is computed by integrating the dynamic Young-Laplace equation

described earlier. As shown in Fig. 3, the meniscus is discretized into finite domains on the

underlying grid points. The dynamic Young-Laplace equation is then integrated over the finite
domains in a manner analogous to the discretization of the transport equations over the control

volume. The derivatives in the equation are approximated by piecewise linear interpolation

functions effectively giving rise to a second order central difference scheme for all the terms in the

dynamic Young-Laplace equation.

The discretized dynamic form of equation (7a) can now be written in the form

ap ri = as ri - I + an ri+I + b (16a)

in the notation popularized by Patankar26 , where
Y

as = Y23/ 2  (16b)
AY.i -1/ 2 (1 + r ) ly =yj_ /2

an = (1 6c)
Ayi+1 / 2 (1 + r'2)3/2jy +

Ayi + 1 /2

- . Iy- ..... Ayi

A i -1/2 _. - 1

Figure 3. Illustration of the differencing procedure for the Young-Laplace
Q equation.
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ap = as + an (16d)

and the source term is given by

bi[ Yi-I Yi _ _ -- + 1/2b Qig Y......4 + 4+.2. Yref Pdi PL+ri( + r12)1/2 Y.y

where all the first derivative terms, r', are evaluated using central differences over the nearest half

grid points and the term Pd i includes the contribution from the inertia and viscous stress effects due

to melt convection."'.:

The equation system (16) is conveniently solved using a tridiagonal solver. However, since the

coefficients are non-linear, successive substitution is employed as the outer iteration. During the

course of the iterations, underrelaxation is employed to ensure convergence. Underrelaxation is first
applied to the non-linear first derivative terms,

r'k = or rk + (I - co) r'k-I (17a)
where k denotes the iteration number. Underrelaxation is also applied to the shape update as follows:

ap = ap/com (17b)

b = b + (1 - Om) ap ri (17c)

to ensure diagonal dominance before solving the tridiagonal system.

3.5 Convergence Criteria

Convergence criteria for terminating the non-linear iterations consists of examining the
residuals summed over the entire field as well as the 1-norm of the solution variation with iterations.

The residual is always scaled/normalized by the solution and is defined as,

Res Z [anri+I+asri-I-apri+b 1 / iri (18)Res =. ~ ~ap .Irl(8

The 1-norm is defined as,

- r -I

IlrII= (19)

and is an auxiliary indicator of convergence. Both, the residual averaged over the total number of

control volumes, as well as the Lj-norm are required to be less than 10-4.

3.6 Global Mass Conservation

(. Meniscus shapes are determined by adjusting the-value of PLso as to satisfy the constraint of

global mass conservation. In this study, a target domain mass is determined by considering the
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domain to be initially a solid cylinder. As melting progresses, a mass deficit builds up due to density

differences between the melt and the solid. The meniscus shape is adjusted to reduce the mass deficit

to zero via manipulation of PL-

First, the mass deficit is determined,

AM = Mdomain - fV o dV (20)

The meniscus is then required to satisfy a volume constraint,

Vm =ntr dy+AM (21)

The required value of PL is determined by finding the root of

9:(PL) = Vm - n Jr dy = 0 (22)

3.7 Root Finding Procedure

(i) The root is bracketed between two extreme values of PL by a linear search for a zero crossing

of ff(PL). It is helpful to carry out exploratory computations to arrive at reasonable guess values for

the step size as well as the initial guess for PL-

(ii) The secant method is used to locate the root. If a pathological situation is encountered where

the secant method does not converge, the procedure automatically switches over to the bisection

method.

3.8 Remeshing Procedure

Once a meniscus profile is obtained satisfying the dynamic form of the Young-Laplace

equation and the global mass conservation constraint, the domain has to be remeshed as the grid

moves to fit the meniscus. It is possible to underrelax the grid movement in order to stabilize the

transport calculations. Again, an algebraic procedure is adopted whereby the x-coordinates of the

control volumes are determined by using transfinite interpolation.

(i) Carry out linear transfinite interpolation to determine the x-coordinates of the grid points using

the x-component of Eq. (15).

(ii) Check the grid for zero Jacobians and loss of convexity of the control volumes. The error

recovery procedure is described next.

3.9 Error Recovery

( It is possible to encounter zero Jacobians.during the iterative process if the height of the zone

decreases so that the grid gets excessively squashed. In such a case, the algorithm prints a warning
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message and continues the calculations without updating the grid. To prevent this from occurring

it is possible to specify a minimum zone height below which the vertical component of grid motion

is suppressed. Loss of convexity usually occurs if the meniscus computation diverges due lack of

existence of solutions in the required parameter range - especially if the zone height becomes

excessively large. An appropriate parameter range can be approximately determined by solving the

static form of the Young-Laplace equation to generate an existence map over the desired parameter

range23 and utilizing such a map to generate appropriate initial guesses. Such a procedure will be

described in detail in the results section.

3.10 Grid Underrelaxation

For most cases, grid underrelaxation is necessary in order to ensure a smooth and oscillation

free convergence history. The vertical and radial components of the grid deformation are

underrelaxed separately and the corresponding underrelaxation parameters are denoted by Wr and

COy respectively. Typical values of Wr range from 0.4 to 0.7 depending on the estimated height of the

melt zone. The vertical component, however, needs to be underrelaxed substantially. The value of

COy has been varied from 0 (no deformation in the y-direction) to 1 (no underrelaxation) in an attempt

to quantify its effect on the solution history. Typical values used are in the range of 0.05 to 0.1 to

Q ensure convergence of the solution. Care is taken to ensure that the melt zone is completely enclosed

by the refined grid region comprising subdomain (b) as illustrated in Fig. 2 by tracking the location

of the subdomain boundaries with respect to the phase boundaries during the iterative process and

also by an a posteriori estimation after the solution has been obtained.

4. Results and Discussion

4.1 Test Problem

The test problem used to develop and test the algorithm is the float zone growth of Sodium

Nitrate crystal (NaNO3) crystals heated using a ring heater. The steady state solutions for pure heat

conduction, meniscus shapes, natural and Marangoni convection are available in literature 8,9,15.

These solutions provide a reference point for comparison and assessment.

An initially cylindrical rod of NaNO 3 is heated at the center by radiation from a ring heater

which causes it to start melting and form a float zone. The meniscus deformation depends on the

length of the molten zone and also on the density change during melting as the meniscus deforms

to conserve mass. The rod is then pulled downwards to simulate the crystal growth processes. Since

the length of the rod is set to 40 times its radius, the melt zone occupies only a small fraction of the

domain. The physical properties of NaNO3 are shown-in table 1. Other relevant geometrical and

physical parameters are presented in table 2.
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C Table 1. Physical properties of NaNO 3

Melting temperature, Tm 579.8 K

Latent heat, L 182 J g-'

Thermal conductivity '(solid), k, 5.65 X 10-3 + 33.5 (T - 503) X 10-7 W cm-n K-1

Thermal conductivity (liquid), ki 5.65 X 10-3 + 33.5 (T - Tm) X 10-7 W cm-1 K-'

Specific heat, Cps = CpI 1.255 + 2.18 (T -373) X 10-3 J g-I K-1

Surface tension gradient, aylaT - 0.056 dyn cm-' K-1

Surface tension, y, . 119.96 - 0.056 (T - Tm) dyn cm-1

Dynamic viscosity, [t 0.0302 - 1.533 X 10-4 (T - Tm) g cm- 1 s-I

Thermal expansion coefficient, 13 6.6 x 10-4 K-1

Density (solid), Ls 2.118 g cm-'

Density (liquid), Q1 1.904 g cm-'

Table 2. Geometrical and physical parameters

rb (radius) 0.2 cm

yp (heater location) 4.0 cm

a (width of heater profile) 0.3 cm

T= 298 K

Tp (heater temperature) 813 K, 913 K

, (emissivity) 0.7

h (heat transfer coefficient) 4.6 x 10-4 W cm-2 K- 1

In order to accommodate the enthalpy method, the melting temperature is distributed over a finite

phase change interval given by "

2 = 0.2K (23)

4.2 Nondimensional Parameters

The material properties and the geometrical parameters presented in tables I and 2 above enable

the estimation of important nondimensional parameters for the system. Based on an estimated

temperature scale, AT = Tmax - Tm = 20K, length scale, rb = 0.2cm, and the material

properties given in table 1, the following nondimensional parameters can be obtained:

Prandtl number Pr V -9.2

K -gI3ATr3  -
Grashof number b 411

17



( Rayleigh number Ra = Gr Pr = 3781

Marangoni number Ma = 4752

Stefan number St - CpAT = 0.3AH

Bond number Bo =Agr2 = 0.61
YO

Capillary number Ca =2ta = 3.8 x 10-6
YOrb

_ Qa2  
X1-Weber number We - 2.4 x 10-y0rbh rb,=00

Biot number - 0.02k
8 0 rbAT3_

Radiation number -3.7 X 10-6
k

A conduction-capillarity solution obtained by setting the heater temperature to 913 K has been

chosen to present some of the features of the algorithm and its implementation, and to characterize

the interaction between the grid movement, meniscus deformation and heat conduction terms in the

discretized energy equation.
(,.

4.3 Estimation of Meniscus Shape and PL

The meniscus calculations need a starting procedure to determine the initial guesses for the melt

zone height and the corresponding guess value of PL. The procedure is as follows:

(i) Determine an initial estimate of the melt zone height. This was done by computing a pure heat

conduction solution for a cylindrical geometry, i.e., with the meniscus shape held fixed.

(ii) Using the guessed height, the static Young-Laplace equation is solved using an adaptive fifth

order Runge-Kutta method and the shooting technique to generate- all possible profiles over the

entire range of PL for which solutions exist. The relative local error (Shyy 1994) is maintained below

10-6 by comparing with the corresponding fourth order Runge-Kutta technique and varying the step

size accordingly.

(iii) Figure 4(a) shows the map of melt volume, Vm, versus PL over the entire range of available

solutions. It is evident that over the range of interest, two solutions exist even for the static

Young-Laplace equation. Figure 4(b) shows the meniscus profiles satisfying the volume constraint
with a relative tolerance of 10-2.

(iv) Figures 4(a) and (b) are used to guide the initial guesses for PL and the limiting values for the

meniscus volume for the float zone computations. Such-a procedure ensures operation in the range

where the solutions to the Young-Laplace equation exist.
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Q. Figure 4. Determination of initial guesses for melt zone height and PL
using the shooting method with Runge-Kutta fifth order integration.
(a) Profiles satisfying the static Young-Laplace equation and the given
melt volume with a relative tolerance of 10-2 and local error less than
10-6.
(b) A map of melt volume versus PL over the entire range of PL for which
the static Young-Laplace equation can be integrated. It is seen that over
a significant range of PL, two solutions exist satisfying a given melt
volume constraint.

4.4 Conduction-Capillarity Solution

Two sets of calculations with different initial guesses and grid underrelaxation parameters were

carried out to investigate the coupling between the grid movement, boundary deformation and heat

conduction. First, a conduction solution was obtained with the heater temperature set to 913 K and

by imposing a cylindrical shape on the meniscus. This was then used as an initial guess for the

conduction-capillarity problem which allowed the meniscus shape to deform in accordance with the

Young-Laplace equation. No underrelaxation was used when updating the meniscus shape or the

grid. Figure 5 shows the convergence characteristics of this procedure. Figure 5(a) shows the history

of the monitored quantities, Hm - the zone height at the free surface, and Hc - the zone height at the
centerline. Figures 5(b) and (c) show the history of PL and the melt volume, Vm, respectively. The
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residual of the energy equation and the 1-norms of the temperature, x, and y components of the grid

deformation are shown in Fig. 5(d-f). The highly oscillatory trend in the solution characteristics is

evident and this procedure cannot yield a solution.

The second set of calculations used an initially solid rod at room temperature, 300 K, as the

initial guess. Figure 6 shows the effect of various grid underrelaxation factors on the convergence

characteristics. Figures 6(a-c) shows the history of Hm for grid underrelaxation factors over a range,

0 < toy < 1. (0y = 1 indicates that the vertical component of grid deformation was not underrelaxed

and wty = 0 indicates that the vertical component t--f grid deformation was completely suppressed.

It is evident that grid underrelaxation in the range, 0.1 < •o < 0.05 is sufficient to suppress the

oscillatory behavior. Complete suppression of the vertical component of grid deformation yields the

smoothest but the slowest convergence characteristics.

Figure 7 shows the solution features. It is observed that the meniscus profile and the zone height

are very close to the profile shown in Fig. 4a. The hydrostatic pressure causes the melt to bulge

outwards near its base and to 'neck' inwards near the top. Figure 7(a) shows the computed grid and

Convergence history ror conduction case with T, 441C1....
T residual

u.7 In Tnorm

- Height at meniscus Io ,
1L0 Height at centerline"
11.4 

Inl

14I( 21u.I 31 4l I I I| I) . 'NNI .0 l IXI

M It -"n o r m

II. I) a1 in1 I0W11 O IIXI 21111 .xxp (KNI
(b) (c)

RAI)

0.1 144 .01:

M""
0117il •il I.'L eU V lll•ll.tlllll(

(c) iterutilmns (M iterations

Figure 5. Convergence history for the conduction case with Tp = 913 K.
Effect of initial guess and underrelaxation parameters on the convergence
history. A conduction solution was obtained by imposing a cylindrical
meniscus shape. The converged solution was then used as the initial guess
for the conduction - capillary solution. The grid motion and boundary

( deformation were not underrelaxed, i.e.,__y = t= 1.

20



(
Height-atmeniscus (H.)

0.6

0.5
E coy
'•0.4 ... =0.1

0.3

0.2 , I , !

0 2000 4000000 10000
(a)

0.6

0.5

0.4 MY - =0.05

S.... 

3 
= 0.05

0.3'"

0 0c 2;t 40000 t 20000

(b)

0.5
S0.4 ID 0 0

(a) -(c)History tor =1 fo0 aioscy

0.3.0
0.32 .. ~=

010000 20000 30000

( c) iterations
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initial guess and underrelaxation parameters on the convergence history.
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(a) - (c) History for Hm, for various wy.

In (c), wy = 0 indicates that only the x component of grid deformation is permitted.
The fixed grid solution is slower to converge, but the solution history is smoother.
The initial guess was a solid cylindrical rod at 300 K. Calculations on grid of 41 x
101 points.

the free surface shape. Figure 7(b) shows the corresponding isotherms. The phase interfaces are

illustrated by the thick lines in Fig. 7(b). The melt/crystal interface at the base of the zone is quite
flat whereas the melt/feed interface at the top is slightly concave towards the melt. Figure 8 shows

the temperature profiles along the entire height of the domain. The temperature profile at the surface

is shown by the solid line and the profile at the centerline is shown by the dashed line. It is observed
(. that the temperature distribution in the solid regions becomes essentially one dimensional away from

the melt zone. This confirms the assumption made by Duranceau and Brown7 in their
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(a) Hm = 0.665 cm, (b) AT = 9.98 K, Tmax = 702.17 K,
Ic = 0.685 cm, Tmrin = 300.00 K.
PL = 1184 dynes/cm 2

(
Figure 7. Heat conduction solutions with TP = 913 K.
(a) Grid and boundary shape.
(b) Isotherm distribution showing the isotherm distribution on the grid of
41 x 101 points. The interfaces are denoted by the thick lines.

conduction-capillarity model which imposed a one dimensional temperature distribution in regions

far from the melt zone in order to reduce the computational load. The present computations help to

justify this assumption and also designate the regions in which a one dimensional distribution can

be prescribed.

5. Grid Refinement Study and Assessment

A series of calculations have been conducted with parameters chosen so as to facilitate

comparison with the solutions of Lan15 . The heater temperature was set to 813 K. Starting with the
conduction-capillarity solution, the effects of buoyancy induced convection and thermocapillary

convection have been successively incorporated. For all computations, the convergence history of

important quantities such as the height of the zone at the free surface, Hm, the height of the zone at
the centerline, Hc, and the heat flux balance has been monitored. These calculations employ the

"second order accurate central difference scheme for the convection and diffusion terms in the
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Temperature profiles for conduction solution with T= 913 K

7-- Temperature at surface
. - - Temperature at centerline
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Figure 8. Temperature profiles along the height of the domain at the surface and at the
centerline. The profiles show that a one dimensional temperature distribution is
established in the feed and crystal regions away from the melt region. This confirms
the one dimensional approximation used by Duranceau and Brown7 in the regions far
from the melt.

discretized form of the Navier-Stokes equations. These calculations were carried out to assess the

present computations with those of Lan 15 in terms of accuracy and numerical diffusion. The study

by Lan15 and the other works cited, have used a first order upwind scheme to discretize the

convection terms.

5.1 Grid

Two grids have been used for the accuracy assessment, a grid of 41 x 101 points and a refined

grid of 81 X 181 points.
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(i) 41 X 101 grid

This grid has 41 points in the radial direction with a spacing of 0.002 cm at the meniscus and

0.008 cm at the symmetry boundary distributed by fitting a cubic polynomial. In the vertical

direction, the phase change zone has 61 points distributed by a cubic polynomial with the spacings

at each end set to 0.007 cm. The feed and crystal zones have 21 points each, distributed according

to the exponential clustering by matching the spacings to the phase change zone. The grid in the

phase change zone extends beyond the location of the trijunction points by 0.02 cm.

(ii) 81 x 181 grid

This grid has 81 points in the radial direction with a spacing of 0.001 cm at the meniscus and

0.004 cm at the symmetry boundary distributed by fitting a cubic polynomial. In the vertical

direction, the phase change zone has 121 points distributed by a cubic polynomial with the spacings

at each end set to 0.003 cm. The feed and crystal zones have 31 points each, distributed according

to the exponential clustering by matching the spacings to the phase change zone. The grid in the

phase change zone extends beyond the location of the trijunction points by 0.03 cm.

5.2 Heat Conduction Calculations

The initial guess was a solid cylindrical rod at 300 K. Initially, the meniscus deformation was

not permitted and a cylindrical meniscus shape was imposed. A converged solution was obtained

for this configuration when the zone height stopped varying and the residual for the energy equation,

averaged over the control volumes, was less than 10-5. This was used as the initial guess for the

subsequent set of calculations with the meniscus shape computed by integrating the Young-Laplace

equation. The zone height is a very sensitive indicator of solution convergence since it occupies a

small fraction of the overall length of the domain. Calculations have been carried out with the

meniscus shapes computed under both normal and under microgravity (Og) conditions to assess the

impact of meniscus shape on the solution.

Figure 9 (i) and (ii) show the computed shape and isotherm distribution obtained on the 41 x
101 grid and the 81 X 181 grid respectively. The zone heights and the maximum temperature, Tmax,

agree to ,within 0.6% and 0.2% respectively, establishing the grid independent nature of the

converged solutions. The solid - liquid interfaces are shown by the thick lines. The meniscus has

a pronounced bulge at the base of the zone due to the combined action of gravity and the density

change due to phase change. The solid liquid interfaces show mild convexity towards the melt. The

solution on the 41 X 101 grid agrees with the solution of Lan 15, the. difference in Tmax being less

than 0.6%. Figure 10 (a) and (b) show that the temperature profiles obtained on the 41 X 101 grid

and the 81 X 181 grid are identical. Figure 10(c) and_(d) show that the temperature distribution in

the feed and crystal regions becomes one-dimensional far away from the zone.
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(i) (ii)
AT = 4.53 K, Tmax = 612.70 K, AT = 4.74 K, Tmax = 612.59 K,

Tmrin = 298.00 K, PL = 994.79 Tmin = 298.00 K, PL = 988.37

dynes/cm2  dynes/cm 2

Kim = 0.328 cm, Hc = 0.236 cm. Hm = 0.328 cm, TIc = 0.234 cm.

Figure 9. Computed boundary shape and isotherm distribution for the conduction
( solution at 1g. (i) Grid of 41 x 101 points. (ii) Refined grid of 81 X 181 points. Only

the phase change region and its immediate vicinity is shown since the actual height

of the rod is 40 times the radius. The zone heights agree to within 0.2% at the surface
and 0.6% at the centerline. The Tmax agree to within 0.02%. The 41 X 101 grid
solution differs with Lan15 by 0.6%.

Figures 11 and 12 correspond to the microgravity condition. The most significant impact of

microgravity on the conduction solution is on the meniscus shape. The meniscus shape now

resembles a circular arc due to the absence of gravity and the solution displays symmetry about the

heater location. Figure 11 shows the computed boundary shape and the isotherm distribution and

also establishes the grid independence of the solutions on the 41 X 101 grid and the 81 X 181 grid.

It is worth noting that the value of PL required to maintain mass conservation in the molten zone

decreases from the normal gravity case shown in Figure 9. Figure 12 compares the temperature

profiles between the 41 X 101 and the 81 X 181 grids showing grid independence of the solution.

5.3 Buoyancy Driven Convection

Figures 13 - 15 show the effect of buoyancy driven convection on the solution characteristics.

Thermocapillary convection has been suppressed by imposing a zero shear stress condition on the

free surface. Convergence was declared when the residuals were less than 10-5 for the momentum

equations and 10-7 for the energy equation. The 1-norm of the solution was less than 10-5 for all
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Temperature profiles for conduction solution
Surface Temperature Profiles Centerline Temperature Profiles
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Figure 10. (a) and (b) Temperature profiles showing comparison between coarse grid
of 41 x 101 points and fine grid of 81 X 181 points along the entire height of the
domain. (a) Temperature profile along the surface. (b) Temperature profile along the
centerline.
(c) and (d) Comparison of Temperatures along the surface and the centerline. (c) 41
X 101 grid, (d) 81 x 181 grid.

the dependent variables. This is adequate for the purpose of accuracy assessment and comparison

with the solutions of Lan 15. The streamfunction is shown in Figure 13. The maximum

streamfunction, Wma, differs by less than 2%. The present solution on the 41 x 101 grid differs

by 8% from the maximum streamfunction reported in Lan 15. Figure 14 shows the corresponding

isotherms. The maximum temperature, Tmax, occurring on the free surface differs by 0.05% between

the solutions and 0.4% from the solution of Lan1 5. Figure 15 (a) and (b) show identical temperature

profiles for the solutions on 41 X 101 and 81 X 181 grids indicating grid independence of the

solution. Figures 15(a) and (b) may be contrasted with the conduction case illustrated in Figures

10(a) and (b) showing the decrease in Tmax due to the effectiveness of convection in heat transport.

( The effect of natural convection is to cause the heatedmelt to rise along the free surface, transfer

heat to the melt-feed interface, and sink at the centerline towards the melt-crystal interface. This
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(i) (ii)

AT = 4.50 K, Tmax 612.57 K, AT = 4.74 K, Tmax = 613.25 K,
Tmrin = 298.00 K, PL = 695.25 Tmin = 298.00 K, PL = 704.61
dynes/cm 2  dynes/cm 2

Hm = 0.327 cm, He = 0.234 cm. Hrm = 0.330 cm., Hc = 0.239 cm.

Figure 11. Computed boundary shape and isotherm distribution for the conduction
solution at 0g. (i) Grid of 41 X 101 points. (ii) Refined grid of 81 x 181 points. Only
the phase change region and its immediate vicinity is shown since the actual height
of the rod is 40 times the radius. The zone heights agree to 1% at the surface and 2%
at the centerline. The Tmax agree to 0.1%.

causes the melt-feed interface to acquire a more distorted shape compared with the conduction

solution, and the melt-crystal interface to become flatter over most of the region except close to the

meniscus. The distortion of the isotherms and the upward shift in the location of Tmax is due to the

convective action. Since the Prandtl number is high, even a modest Grashof number results in a

significant impact on the temperature distribution. The higher temperature gradients evident at the

base of the zone also indicate that the heating takes place close to the bottom of the zone. The zone

is translated upward as compared with the conduction solution due to the enhancement of heat

transfer through the upper half of the domain and its suppression through the lower half.

5.4 Thermocapillary Convection

In the following set of calculations, the effect of thermocapillary convection is taken into

account. As will be demonstrated, the Marangoni effect has a significant impact on the temperature

distribution and the phase interfaces within the melt zone. The actual Marangoni numbers in this

particular system are in the region of 5000, however, numerical stability constrained the calculations
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Temperature profiles for conduction solution and deforming meniscus at Og
Surface Temperature Profiles Centerline Temperature-Profmes
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K.. Figure 12. (a) and (b) Temperature profiles showing comparison between coarse grid
of 41 x 101 points and fine grid of 81 X 181 points along the entire height of the
domain. (a) Temperature profile along the surface. (b) Temperature profile along the
centerline.
(c) and (d) Comparison of Temperatures along the surface and the centerline. (c) 41
x 101 grid, (d) 81 x 181 grid.

to a Marangoni number of 500. Grid independence and accuracy assessments have beencarried out.

Computations have been carried out to assess the impact of meniscus deformation on the solid-

liquid interface shape and zone size. Calculations have also been conducted to simulate float zone

growth under zero-gravity conditions to simulate float zone processing in orbit. In all subsequent

calculations, the convergence criteria has been set to less than 10-4 for the momentum equations and

to less than, 10-6 for the energy equations while ensuring that the 1-norm of the solution was less

than 10-5. These criteria either meet or exceed the convergence criteria specified in the literature

cited previously.

(i) Normal Gravity

(a) Cylindrical meniscus

A conduction calculation with the imposed cylindrical meniscus was used as the initial guess.

Figure 16(a) shows the streamfunction and Figure 16(b) shows the computed isotherms. The
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(i) (ii)

-max = 2.706 X 10. g/s, tmax = 2.654 X 10.3 g/s
AT = 1.87 X 10-4 g/s AT= 1.84 X 10-4 g/s

Figure 13. Streamfunction and phase interfaces on (i) 41 x 101 and (ii) 81 x 181
grids. (i) and (ii) differ by less than 2%.
The 41 x 101 grid solution differs from Lan15 by 8%.

(

(i) (ii)

AT = 3.99 K, Tmax = 601.03 K, AT = 4.07 K, Tmax = 600.76 K,
Tmin = 301.23 K Tmin = 300.93 K
Hm = 0.344 cm, Hc = 0.257 cm Hm = 0.335 cm, Hc = 0.244 cm
PL= 995.46 dynes/cm 2  PL = 995.31 dynes/cm 2.

Figure 14. Isotherms on (i) 41 x 101 and (ii) 81 x 181 grids. Tmax differs by 0.05%.
The 41 x 101 grid solution differs from the-solution of Lan15 by 0.4%.
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Temperature profiles for natural convection and deforming meniscus
Surface Temperature Profiles Centerline Temperature Profiles
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Figure 15. (a) and (b) Temperature profiles showing comparison between coarse grid
of 41 x 101 points and fine grid of 81 X 181 points along the entire height of the
domain. (a) Temperature profile along the surface. (b) Temperature profile along the
centerline.

streamfunction pattern shows the interaction between natural and thermocapillary convection. Two

Slarge convection rolls are apparent in the upper half of the domain where the thermocapillary

convection aids natural convection. In the lower part of the zone, two small counter-rotating loops

are formed where the thermocapillary effect opposes natural convection. The isotherm plots show

that the location of Tmax is displaced upwards and its value is less as compared with the conduction

case. The distortion of the phase interfaces is clearly evident especially away from the centerline.

Figure 17(a) and (b) provide a comparison of the temperature profiles on the two grid resolutions

considered. The temperature distribution is almost identical on the two grids.

(b) Deformed ineniscus

The previous calculation is used as the starting guess and now the meniscus is allowed to deform

according to the requirement of mass conservation and the Young-Laplace equation. Figure 18(a)

shows the streamfunction on the 41 X 101 grid and the 81 X 181 grid. Figure 18(b) shows the

corresponding isotherms. Allowing the meniscus to deform increases the free surface area thereby

increasing the convection strength of all the four convection cells in the domain. Since the maximum

Temperature, Tmax, is virtually unaffected, this implies a larger heat flux through the domain

resulting in a taller melt zone. The increased strength of the upper convection rolls also causes the

melt-crystal interface at the lower end of the melt zone to become flatter at the centerline, but acquire

- increased distortion close to the free surface. The maximum streamfunction differs by 9.7%

between the solutions on thegrid of41 X 101 points and the grid of 81 X 181 points. Figure 19(a)
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(i) (ii)

tmax = 1.733 X 10-3 g/s, tmax = 2.242 X 10-3 g/s
AT = 1.20 X 10-4 g/s AT = 1.55 X 10-4 g/s
'l = -4.433 X 10-4 g/s 'I = -4.840 X 10.4 g/s

(a) Streamfunction and phase interfaces on (i) 41 X 101 and (ii) 81 x 181 grids.

(i) , (ii)- -' = -

AT = 3.90 K, Tmax = 596.97 K, AT = 4.04 K, Tmax = 597.81 K,
Tmin = 300.85 K Tmin = 300.94 K
Hm = 0.331 cm, Hc = 0.166 cm Hm = 0.365 cm, Hc = 0.223 cm

(b) Isotherms on (i) 41 X 101 and (ii) 81 X 181 grids.

( Figure 16. Solution for Ma = 500, lg, and fixed cylindrical meniscus.
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C Temperature profiles for Ma = 500, ig, and cylindrical meniscus
Surface Temperature Profiles Centerline Temperature Profiles
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Figure 17. (a) and (b) Temperature profiles showing comparison between
coarse grid of 41 X 101 points and fine grid of 81 X 181 points along the entire
height of the domain. (a) Temperature profile along the surface. (b) Temperature
profile along the centerline.

-'• and (b) compare the temperature profiles of the two solutions which are indistinguishable. Figure

19(c) and (d) show the upward displacement of the location of Tmax as compared with the conduction

solutions and the establishment of the one dimensional temperature distribution in the feed and

crystal regions away from the melt zone.

(ii) Zero Gravity

(a) Cylindrical meniscus .

A conduction solution with an imposed cylindrical meniscus was used as the initial guess.

Figure 20(a) shows the streamfunction and Figure 20(b) the isotherm distribution. It is immediately

evident that the solution is symmetrical about y = 4 cm which is the heater location. Four

counter-rotating flow loops are evident in the melt zone and these convection rolls cause the

isotherm distribution to be pulled towards the free surface. Convection suppresses heat transfer to

the centerline causing the characteristic convexity of the phase interfaces towards the melt. The

maximum streamfunction is lower than that in the normal gravity case, but the flattening effect of

natural convection on the melt-crystal interface is absent. Figure 21(a) and (b) compare the

temperature profiles on the two grids and it may be observed that the two solutions are nearly

identical.
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00

(i) (ii)

,max 2.880 X 10-3 g/s, Imax = 2.623 X 10-3 g/s
AW= 1.99 X 10-4 gs AT = 1.81 X 10-4 g/s
Tj =--4.975 X 10-4 g/s Ti =-5.160 x 10-4 g/s

(a) Streamfunction and phase interfaces on (i) 41 x 101 and (ii) 81 x 181 grids.

Q. __ __ __ _

(i) (ii)

AT = 4.01 K, Tmax = 598.66 K, AT = 4.07 K, Tmax = 597.87 K,
'Tmin = 301.33 K Tmin = 300.94K

Hm = 0.394 cm, Hc = 0.260 cm. Hm = 0.372 cm, H, = 0.227 cm

PL= 1011.47 dynes/cm 2  = 1011.52 dynes/cm 2.

(b) Isotherms on (i) 41 x 101 and (ii) 81 x 181 grids.

Figure 18. Solution-for Ma = 500, 1-g;-and computed meniscus.
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( Temperature profiles for Ma 500, 1g, and deforming meniscus
Surface Temperature Profiles Centerline Temperature Profiles
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Figure 19. (a) and (b) Temperature profiles showing comparison between coarse grid
of 41 x 101 points and fine grid of 81 X 181 points along the entire height of the
domain. (a) Temperature profile along the surface. (b) Temperature profile along the
centerline.

(
(b) Deformed meniscus

The previously computed solution was used as the initial guess and the meniscus was allowed

to deform in response to the needs of global mass conservation and the Young-Laplace equation.

For this case, momentum residuals of less than 5 X 10-4 could not be achieved on the grid of 41

X 101 points. Figure 22(a) shows the streamfunction and Figure 22(b) shows the isotherm

distribution on the grid of 41 X 101 and 81 X 181 points. It is observed that the convection rolls

increase in strength since the meniscus deformation results in a larger surface area over which the -

surface tension gradients can act. These factors also result in a larger heat flux being transported

through the domain and the height of the melt zone to increase. The maximum streamfunction differs

by 6.6% between the solution on the 41 x 101 grid and 81 x 181 grid. Figure 23(a) and (b) show

that the temperature profiles obtained on the two grids are identical.

5.5 CPU Time

The CPU time for a computation that includes meniscus deformation is approximately 0.2 ms

per iteration per grid point on a single cpu DEC AlphaStation 200 166 MHz workstation and

Q• - approximately 46 ps on a single cpu of the CRAY YMP.
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(i) (ii)

Imax= 1.013 X 10-3 g/s, =max 0.954 X 103 g/s
AT = 7.00 X 10- 5 9/s AT = 6.58 x 10-5 g/s

(a) Streamfunction and phase interfaces on (i) 41 x 101 and (ii) 81 x 181 grids.

(i) (ii)

AT = 3.65 K, Tmax = 600.18 K, AT = 4.14 K, Tmax = 599.50 K,
Tmin = 298.00 K Tmin = 298.00 K
Hm = 0.374 cm, Hc = 0.199 cm Hm = 0.356 cm, Hc = 0.173 cm

(b) Isotherms on (i) 41 x 101 and (ii) 81 x 181 grids.

Figure 20. Solution for Ma = 500, 0g, and fixed cylindrical meniscus.
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Temperature profiles for Ma = 500, Og, and fixed cylindrical meniscus
Surface Temperature Profiles Centerline Temperature Profiles

8 ,8

6 6

-4 4

2 TS: 81 x 181 2--- T:41x101 --- T,: 41 x101

0 - 1 0 _, I , .- ,
300 400 500 600 300 400 500 600

(a) (b)

Figure 21. (a) and (b) Temperature profiles showing comparison between coarse
grid of 41 X 101 points and fine grid of 81 X 181 points along the entire height of
the domain. (a) Temperature profile along the surface. (b) Temperature profile along
the centerline.

(• 6. Conclusion

A moving boundary technique has been developed in the context of the SIMPLE algorithm and

the enthalpy method for the computation of convective heat transfer and solidification in the float

zone. A general multi-block technique for algebraic grid generation has been developed to fit curved

free surfaces and adaptively enclose the phase change regions in solidification processes.

Underrelaxation procedures have been developed to ensure the stability of the numerical procedure.

Care has been taken to ensure that grid quality is maintained after the grid generation procedure with
appropriate error recovery in case of failure of the grid generation procedure.

Computations have been carried out to assess the robustness, stability and accuracy of the

convective heat transfer and phase change computations via grid refinement and comparison with

the solutions of Lan15. The solutions of Lan15 were based on front tracking rather than the enthalpy

method, used the streamfunction-vorticity formulation of the Navier-Stokes equations as opposed

to the primitive variables formulation used in the present work, and employed first order upwind

schemes for the convection schemes rather than the second order central difference scheme

employed in this study. It is found that for the conduction-capillarity and buoyancy driven

convection calculations, grid independent solutions can be obtained even on 41 x 101 grids.

However, when thermocapillary convection is taken intLo.account, grid refinement from the 41 x 101

grid to the 81 x 181 grid exhibits quantitative differences although not qualitative differences. Good
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(i) (ii)

•max 1.170 X 10- 3 g/s, tmax= 1.097 X 10- 3 g/s
AT = 8.07 X 10-5 g/s ATP = 7.57 X 10-5 g/s

(a) Streamfunction and phase interfaces on (i) 41 x 101 and (ii) 81 x 181 grids.

(i) (ii) -

AT 3.63 K, Tmax = 600.89 K, AT = 4.23 K, Tmax = 599.95 K,
Tmin = 298.00 K Tmin = 300.91K
Hm = 0.406 cm, Hc = 0.219 cm Hm = 0.381 cm, Hc = 0.183 cm

P= 642.25 dynes/cm2  PL = 654.94 dynes/cm 2.

(b) Isotherms on (i) 41 x 101 and (ii) 81 x 181 grids.

- Figure 22. Solution for Ma - 500, O-and computed meniscus.
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(
Temperature profiles for Ma = 500, 0g, and deforming meniscus

Surface Temperature Profiles Centerline Temperature Profiles

6 6

'4 4

T 1 181 2T• 81 x 181
2 22 - - -T. : 41 x 101 ---- T, : 41 x 10

0 , , , , 0 , f, ,

300 400 500 600 300 400 500 600
(a) (b)

Figure 23. (a) and (b) Temperature profiles showing comparison between
coarsegridof4l X 101 points and fine grid of 81 x 181 points along the entire
height of the domain. (a) Temperature profile along the surface. (b) Temperature
profile along the centerline.

comparison has been obtained with the solutions of Lan15 for the conduction-capillarity and natural

( convection solutions with similar boundary shapes and grid distributions.

Computations have been carried out to assess the impact of free surface deformation as well as

microgravity environment on the float zone. The free surface deformation results in a larger surface

area at the meniscus resulting in a higher strength of thermocapillary convection as well as an

increase in the heat flux through the system. Thus, for the parameters and regimes considered in this

study, the free surface deformation has a quantitative but not qualitative impact on the melt zone.

The microgravity environment, on the other hand, results in a suppression of buoyancy induced

convection as well as a significant impact on the meniscus shape. However, at the operating

parameters considered in this study, the microgravity environment does not offer any significantly

reduced convection since the surface tension gradient is always present due to the thermal

inhomogeneities along the meniscus.

The difference between the present study and the previous studies lies in the use of the enthalpy

method as opposed to interface tracking and the use of a flexible, multi-block grid generation

procedure that, in conjunction with the use of the enthalpy method, can adapt to a wide range of zone

lengths including the fully solid case. The procedure has been designed to accommodate unsteady

computations, to be presented in a subsequent study, which can use a fully solid rod as the initial

condition. A front tracking procedure as formulated byPrevious studies9"15 cannot handle the small

zone sizes that will be present initially. The use of the enthalpy method in this study makes it
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( unnecessary to fit the solid - liquid interfaces giving additional flexibility. This study also uses

higher order convection schemes - the second order central difference scheme as opposed to the first

order upwind scheme used in the previous studies. Grid refinement studies have been carried out

employing substantially higher grid resolutions than the previous studies. The study indicates that

higher grid resolutions are needed to due to the high strength of thermocapillary convection in the

present system.
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Abstract-A coordinated theoretical and experimental study of the ter ure distribution inside a
customized vertical Bridgman system for growing P-NiAl crystal has b en conducted. The theoretical
model accounts for the combined effects of phase change dynamics, th oupled heat transfer processes of
conduction, convection and radiation, variable material properties, and complex geometry pertaining to
the system. Comparisons between numerical predictions and experimental measurements show satisfactory
agreement. The accuracy of the melting temperature of NiAI with stoichiometric composition, along with
important processing parameters such as interface curvatures and temperature gradients across the inter-
face, have been discussed in detail. Also assessed are possibilities of improving the solidification process,
including coating the ampoule outer wall with a mnt,;ýl ^r 1.;" -A•,tve emicivit,, )r decreasing the

ampoule wall thickness. ©

1. INTRODUCTION behavior of NiAI from two aspects, i.e. the influence
of alloying and processing on the structure and

The physical and mechanical properties of nickel properties of NiAI. Alloying mostly deals with theK aluminum (NiAI) depend strongly on both com- procedure of additions of certain elements or other
position and temperature [1-6]. At stoichiometric precipitates to the single crystal for the purpose of
composition (50 at.% Ni, 50 at.% Al), NiAI has its property enhancement. Processing, on the other hand,
lowest yield strength and highest ductility, while tran- is mainly concerned with the change of thermal con-
sition temperature from brittle to ductile behavior ditions by factors such as selection of ampoule
(BDTT) is at a minimum [2]. Impurity content and materials, setup of heating and cooling temperatures,
deviations from stoichiometry can significantly and variation of growth speed. The current study is
change these properties. For example, it has been focused on the processing conditions in a vertical
found that single crystal NiA1 with improved purity Bridgman system for growing single crystal fP-NiAl,
[1] or with small (<1%) additions of iron, gallium or having a composition of 50 at.% Ni, 50 at.% Al,
molybdenum [5] yields substantial increase ofductility with a B2 (CsCI) crystal structure. The information
at room temperature. As far as the temperature effect obtained facilitates a better understanding of the vari-
is concerned, it has been widely recognized that NiAI, ous processing parameters, which, in turn, offer guid-
like most other intermetallics, has the drawbacks of ance to adjust the processing environment for enhanc-
poor ductility at room temperature and low strength ing crystal quality and composition control.
at elevated temperature, despite its many other In the present study, initially, the raw material of
superior advantages such as low density, high thermal NiAI is vacuum induction melted and chill cast into a
conductivity and high melting temperature [2, 5--6]. rod with a desired size. The rod is then removed from
These problems need to be resolved before NiAI will the chill mold, placed in a high density refractory (e.g.
be useful in structural applications as a high tem- alumina) ampoule, which is situated on top of a water
perature material. cooled ram (e.g. copper), remelted and then direc-

The present work represents part of a systematic tionally solidified by slowly withdrawing the ampoule/
effort conducted with the goal of understanding the ram assembly from the hot zone. In most cases, a

single crystal seed is placed between the chill and the

tCurrent Address: Atchison Casting Corporation, feedstock in order to preselect the orientation of the
Quaker Alloy Division, Myerstown, PA 17067, U.S.A. single crystal NiAI. Figure 1 (a) shows the schematic

t Author to whom correspondence should be addressed. of such a Bridgman system. Several physical mech-
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NOMENCLATURE

C, specific heat TI coolant temperature
g gravitational acceleration T4 heater temperature
H ampoule position within the TCI, TC2 thermocouple reading

furnace TC3, TC4 thermocouple reading
AH latent heat u radial velocity component
k thermal conductivity w axial velocity componenrt
P static pressure z axial coordinate
R radial position from the Z axial position from the reference

reference point of the point of the ampoule (see Fig. I).
ampoule (see Fig. I)

r radial coordinate
Su, Sw source terms in the momentum Greek symbols

equations thermal expansion coefficient
T temperature p viscosity
Twr reference temperature Q density.

"(a) 2T =0(a) T2 (b) an2

Heater... .. .. ..•

75mm

T0 mAlumina

Argon

iTI

NiAl T=T4
Centorr furnace
P=25 KVA
T4=1730 0 C, 1 hour -Heater

@ U=6 V, 1=1000 A

IWr
T3 Copper

TI=5*C, T2=20*C-.T3=40*C+I
V=8 Gal/min, p=50 psi [- ' Mo shield H -- -HTT an2-

Alumina high density Copper I

Pull out direction V
Fig. 1. Vertical Bridgman growth system for fP-NiAI crystal: (a) schematic of actual design; (b) layout and
boundary conditions extracted from (a) for numerical simulation, where H measures the ampoule position

with respect to the heater baseline as it is pulled out, T4 1800'C and TI = 10C.
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anisms can be identified in this system and are of The relative positions of the various components in
key importance to the processing conditions. These the system were measured with respect to the baseline
include the phase change dynamics between the NiAl of the sealing frame as shown in Fig. 1 (a) and Fig.
melt/solid interface, heat conduction across the 2. While the relative positions of the ampoule and
ampoule wall and the copper ram, convection in the thermocouples are taken with respect to the bottom
melt and in the encapsulated argon gas, and radiation of the heater, shown in Fig. 2 by the horizontal radial
between the outer ampoule wall and the heater, which axis R. The ampoule position is denoted by H, which
is held at T4. surrounding the ampoule. is initially set as 43 mm. As the ampoule is pulled

We have developed a numerical model to simulate down, this number increases. h denotes the tip pos-
the thermal and solidification characteristics of this itions of thermocouple 1 or 2. Because of the interior
system, accounting for the coupled heat transfer pro- complexity and small scale of the current system, the
cesses, complex geometry, as well as variable material measurement of positions is estimated to have a con-

properties [7. 8]. To validate this model, experimental fidence limit of + I mm.
measurements of temperature profiles at designated
locations in a vertical Bridgman growth system for fi- 2.2. Temperature measurement
NiAI single crystal have been made and compared Inthe course ofmakingtemperaturemeasurements,
with the predictions. To help optimize the thermal the system was first heated for ab6t 3.5 h until TC3
conditions for growing single crystal fl-NiAI with and TC4 reached 1740'C. Then the system was held
desired properties, parametric variations have also for another 30-45 min to allow the NiAI feedstock to
been considered in numerical simulations. Further- melt. Next, the ampoule/ram assembly was withdrawn
more, the exact melting temperature of NiAI does from the furnace and stopped at designated positions
not seem to have been ascertained; combining the to allow TCI and TC2 to take measurements at
computational and experimental information, the cor- different positions, as described next.
rect value of the melting temperature is assessed. After the NiAI feedstock was melted, the alumina

tube with thermocouple TCI was moved down
through the melt until it stopped and touched the
melt/solid interface. Hence, the interface position for

2.1. System set-up the initial ampoule position of h = 43 mm could be
Figure I (a) shows the schematic of the current ver- located. Thereafter, the alumina tube remained at this

tical Bridgman growth system, which is axisymmetric. position. while TCI was allowed to translate verti-
Compared to the previous work [7, 8], in this study, cally. Once temperature readings from TCI and TC2
the ampoule inner diameter has been increased from were stable, TCI and TC2 were moved to a new height
25 to 29 mm diameter to grow a larger crystal. The and the corresponding temperatures obtained. For
feedstock of NiAI was prepared by vacuum induction the convenience of measurement, TCI and TC2 were
melting and chill casting into a 28 mm diameter rod, always moved in tandem. After measurements at vari-
with a 5 mm diameter hole in the center to allow for ous h positions were made, the ampoule/ram assembly

installation of a thermocouple. was withdrawn and stopped at a designated new
Four Type C tungsten-rhenium thermocouples ampoule position, e.g. H = 59 mm, where tem-

with 3 mm diameter were installed for measuring the peratures were once again measured. This process was
temperature profiles and furnace hot zone tem- repeated until the desired number of ampoule pos-
perature during the crystal growth process. Figure 2 itions were measured. In the present work, tem-
shows the detailed arrangement of these ther- perature profiles, along the NiAI centerline and the
mocouples. Thermocouple I (TCI) was positioned ampoule outer wall, were measured for a total of six
along the centerline of the NiAI feedstock. To protect ampoule positions, H = 43, 59, 67, 77, 87 and 97 mm.
this thermocouple from corrosion and contaminating Table I and Fig. 3 summarize the data collected. The
the crystal during the melting process, it was enclosed number of data points collected decreases as the
by an alumina tube using a 3 mm inner diameter and ampoule is pulled out (H increases), since the ther-
5 mm outer diameter and a tip length of 6.5 mm. This mocouples traverse a smaller length. In addition, the
arrangement also allows thermocouple I to translate interface position was only obtained for the first
vertically along the NiAI centerline. Thermocouple 2 ampoule position of H = 43 mm. The measured inter-
(TC2) was positioned along the outer ampoule wall face position, with respect to the bottom line of the
and was also allowed to translate vertically. In heater (R axis), is 75 mm. This number is checked
addition, thermocouples 3 and 4 (TC3 and TC4) were once again after the experiment when the solidified
fixed horizontally at about one-half height of the NiAI ingot was broken and the position of the tip
heater. They were used to help monitor the thermal trace of the alumina tube was measured. The result
condition in the furnace hot zone during the entire showed that the confidence limit for the interface
crystal growth process. All thermocouples were cali- measurement is about +2 mm. During the entire
brated before the installation. However, it has to be experimental process, a stable furnace temperature of
mentioned that the confidence limit for type C thermal 1740 + I 'C was maintained by manually adjusting the
couple is 1%. input power about a baseline value of 7 kW.(_
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C /C ISealing Frame

heater (T4)

200rmm

165m

.""..TO3• TC4

"("6.5m

TI
136mm

! 20rmm

S 13mrr

45mm I -
1 ~ ~23rm -- '

tH

pull out direction
Fig. 2. Setup of thermocouples for the experimental measurement of temperature.

2.3. Experimental observations ampoule, its temperature reading drops significantly.
From Table 1 and Fig. 3, it can be seen that the The cause of this substantial discrepancy of tern-

temperature measured along the outer ampoule wall perature is unclear at present, but might be explained
can be up to 1796*C, which is higher than the value by the effect of radiation. Figure 4 shows this situation
of 1740'C measured by TC3/TC4. Even at the same more clearly in a top view of the system. It can be seen
height, the temperature value at the ampoule outer that the tips of TC3 and TC4 both face directly to the
wall is about 40°C higher than that of TC3/TC4, ampoule wall instead of the heater, hence they receive
although their horizontal gap is only about 8 mm as less radiation from the heater than TC2, resulting in
shown in Fig. 2. It is also observed that, when TC3 or a lower temperature. In addition, it is also observed
TC4 touches the ampoule outer wall, it yields the same from Fig. 3. that the temperature gradient in the axial
temperature as that is measured by TC2. However, direction is higher at the lower portion of the ampoule
when TC3 or TC4 is pulled horizontally away from the than at the higher portion of the ampoule. As the

.. K .'
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Table I. Temperature vs thermal couple positions (h) for 120
different ampoule positions (H)

H [mm] Thermocouple I (located along the NiAI centerline) 100 " .•

43 h [mm] 82 " 88 98 108 118 'e ,

T[-C] 1737 1752 1766 1774 1778 - V0 ,
59 h [mm] 63 78 88 98 108 E

T['C] 1734 1762 1774 1779 1782 Eg 80 "
67 h [mm] 56 68 83 93 103 N .- - - -n

T[0 C] 1733 1758 1773 1782 1784 "' A ,
77 h [mm] 54 58 68 78 88 60•-.

T[ C] 1752 1758 1772 1780 1785 60 - "°
87 h [mm] 54 63 73 83 A ' 0 A

T[CC] 1762 1773 1780 1780
97 h[mm] 54 58 68 73 40 1 1 , !

T['C] 1767 1770 1778 1780 1700 1720 1740 1760 1780 1800

Temperature (*C)

H [mm] Thermocouple 2 (located along the ampoule outer (a)
wall)

43 h [mm] 82 88 98 108 118
5 T[C] 1780 1786 1791 1795 1796 120

59 h /mm] 54 63 78 88 98 108 1 t
ST["C] 1761 1773 1787 1791 1793 1793 0 0 - H=43mm

67 h [mm] 56 68 83 93 103
"T [:C] 1773 1783 1792 1794 1795 100 n ---- 0 H=59m m A

77 h [mm] 54 58 68 78 88
W T[zC] 1779 1782 1788 1793 1794 A-- H=67mm

87 h [mm] 54 63 73 83 "E" ---- H=77mm DIT["C] 1779 1787 1790 1793 E 80 ,'lip

97 h [mm] 54 58 68 73 83 93 G --- . H=87mm ,kp
T["C] 1782 1784 1789 1790 1193 1794 N___ ___ ___ __....__ ___A H =97m m ,,Af

60
W A

ampoule is pulled out (H increases), temperature pro- 40
files along both the NiAl centerline and the ampoule 1700 1720 1740 1760 1780 1800
outer wall become more unified. Temperature (°C

3. COMPARISON WITH NUMERICAL (b)
Fig. 3. Experimental result of temperature profiles along: (a)

SIMULATION the NiAI centerline; and (b) the ampoule outer wall for

3. 1. Modeling considerations different ampoule position H.

We have mentioned before that, in the vertical
Bridgman system, there exists complicated physical
phenomena of phase change, conduction, convection T4 = 1740'C as the heater boundary condition, which
and radiation heat transfer, variable material proper- is actually the temperature measured by Tc3/Tc4.
ties and complex geometry. Previously, we have From the aforementioned experimental set-up, the
developed a comprehensive numerical model that heater temperature cannot be directly measured. "
could take into account all these factors [7, 8]. In the However, the highest temperature along the ampoule
present effort, we compare the modeling predictions outer wall was measured by TC2 to be 1796°C. There-
by this method with experimental results. In order to fore, the heater temperature T4 can be estimated to be
accomplish this, several modifications to the model 18000C, based upon previous numerical results which
have been made to meet the specific conditions showed a 3-5°C difference in temperature between
adopted in the current experiment, the heater and the alumina wall. The cooling water

First, as explained previously, the geometry of the temperature ranged from 5 to I0°C (city water). When
experimental system had to be changed to accom- the cooling water reaches the copper ram, it will be
modate the thermocouples. The inserted alumina tube warmed up somewhat, so we use the upper limit of
along the NiAI centerline has a diameter about one TI = 10°C as the cooling boundary condition. For
sixth of the ampoule inner diameter of 29 mm. Hence, the rest of the boundaries in the furnace, temperature
the interference caused by the alumina tube had to be boundary conditions are difficult to give directly. Esti-
considered. mation can be made, though, according to the exper-

The second change is in boundary condition speci- imental characteristics. We have mentioned that, dur-
fication. In the previous study [7, 8], we used ing the entire crystal growth process, the furnace hot
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Heater T4= 1800"C

T=1739-1741"C

• :TO. TC4

The highest temperature at ampoule outer
8ram wall is T=1796"C

Fig. 4. The top view of the arrangement of thermocouples in the NiA! furnace.
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zone temperature was maintained at a stable value of =r-z+ rLV t+z r
1740'C by manually adjusting the stable power input.

In other words, a constant heat flux condition is + frgpf(T- Tr) + Siw. (3)
imposed for the remaining furnace boundaries, i.e. (iii) Energy equation
aT 7/1n 2 = 0.

The third consideration is the accurate specification {ra a az )
of the material properties as functions of temperature, QC' (rT) + -r(ruT) + (rwT)
This is a very important factor in obtaining accurate
numerical results. As shown in Table 1 and Fig. 3, = ra +•z r
"the majority of the alumina ampoule is exposed to a Or r + z k z.

temperature range above 1700°C, which exceeds the
upper threshold (1127'C) of conductivity as a func- a + a az +
tion of temperature, k(T), shown in Fig. 5 [9]. There- aHr + 8r( + ( • (4)
fore, in this modeling effort, conductivity of alumina
above T= 1127'C has been estimated by extra- The radiation heat transfer between the heater and
polation of the gradient of k(T) at T = 1127'C. the ampoule outer wall comes into play via boundary

conditions. The detailed account of the formulation
3.2. Modeling result and the numerical solution of these equations can be

A similar set-up of the computational domain as found in refs. [7, 8]. As the pulling speed of the current
adopted in ref. [8] is applied here, except that the crystal growth process is about 1-2 mm per h, steady-
alumina tube has been considered in this case, shown state computations are most likely sufficient.
in Fig. 1 (b). The governing equations, in conjunction 3.2. 1. Comparison of temperature profiles. Figures
with the enthalpy formulation for phase change, Bous- 6 and 7 show that the temperature distribution along
sinesq approximation for buoyancy effect and variable the NiAI centerline and the ampoule outer wall
material properties, are given as: obtained from the computational simulation matches
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Fig. 6. Comparisons of temperature profiles along: (a) the NiAI centerline; and (b) the ampoule outer
wall between the modeling result and the experimental data for the three higher ampoule positions of

H = 43 mm, H = 59 mm and H = 67 mm.

the experimental measurements well overall. Sat- at a higher location (H = 43 mm) and the other at a
isfactory agreement is observed for all six ampoule lower location (H = 87 mm). For the higher ampoule
positions, especially for the temperature along the position, Fig. 8(a) shows that the ampoule base region
outer alumina wall. This implies that both the sim- is contained inside the furnace hot zone. Since the
plified radiation model currently in use for computing treatment of radiation heat transfer and boundary
the heat flux between the alumina outer wall and the conditions appear reasonable there shown by Fig. 6(b)
heater, and the boundary condition of constant heat and Fig. 7(b), the computed thermal distribution of
flux at the heater bottom are reasonable. Along the this region is also accurate. Accordingly, the predicted
ampoule centerline, agreement between experimental temperature profile along the NiAI centerline matches
data and computational results is good for the three very well with experimental results. At the lower
higher ampoule positions of H = 43 mm, H = 59 mm ampoule position, Fig. 8(b) shows clearly that the
and H = 67 mm, but worsens for the three lower ampoule base region has been pulled out of the fur-
ampoule positions. This trend is explained in more nace hot zone. In this case, the boundary condition at
detail below, the outer wall of this region is still specified as a

Figure 8 shows the streamfunctions and isotherm constant heat flux, which is no longer accurate. Fur-
distributions for two selected ampoule positions, one thermore, as the thermal distribution inside the
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Fig. 7. Comparisons of temperature profiles along: (a) the NiAI centerline; and (b) the ampoule outer
wall between the modeling result and the experimental data for the three lower ampoule positions of

H = 77 mm, H = 87 mm and H = 97 mm.

ampoule is very sensitive to the isotherm change near rather weak, solutions obtained with the steady-state
the ampoule base, it is not surprising to observe in conduction analysis are quite close to the full simu-
Fig. 7 some deviations between numerical results and lation for the present case. Based on the experimental
experimental data along the NiAI centerline. Improve- data and conduction analysis, we are able to make a
ment of the modeling accuracy can be obtained by direct evaluation of the melting temperature of/1-
specifying realistic boundary condition at the outer NiAl and compare it with the value adopted in the
ampoule wall as it is pulled out of the furnace. The literature. The established melting temperature is also
temperature distribution along the ampoule outer wall consistent with the solutions obtained by including
in the furnace hot zone, though, is not influenced by the convective effect.
this effect. For the ampoule position of H = 43 mm, we mea-

3.2.2. Melting temperature of P-NiAI. The melting sured the interface position by moving the alumina
temperature of NiAI at stoichiometric composition is tube through the NiAI melt until it touched the sol-
reported in the literature as Tinelt = 1638°C [2, 3]. id/melt interface, which was found to be hi/,,, = 75
However, the accuracy of this value seems ques- mm. It is noted that, since the tip of TC1 is separated
tionable. Since the pulling speed of the ampoule is from the interface by the closed end of the alumina
slow and the convective strength within the melt is tube (with a thickness of 6.5 mm shown in Fig. 2),
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Fig. 9. The estimation of melt/solid interface temperature of

streamfuction isotherm P-NiAI.
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data, the temperature profile we used for interpolating
the interface temperature is likely to be accurate. It is
noted that type C thermocouples have a confidence
limit up to 1%, and hence can possibly result in about
"I 8°C uncertainty in the present temperature measure-
ment. The confidence limit of the solid/melt interface
measurement is +2 mm. Considering all possible
errors that might effect the measurements of tem-
perature and interface position, the melting tem-
perature we obtained for the NiAI sample at stoi-
chiometric composition is still noticeably higher than
1638°C reported in the literature.

4. ASSESSMENT OF PROCESSING CONDITIONS
VIA NUMERICAL MODELING

fl-NiAl with high purity and improved mechanical
property of high tensile elongation at room tem-
perature has been produced routinely with the current
design of the vertical Bridgman system [1]. Therefore,

streamfuction isotherm it is valuable to describe the detailed characteristics of
(b) H=87nmm the processing conditions that are suitable for growing

Fig. 8. Solution characteristics of NiAI furnace for selected high quality single crystal NiAI. Furthermore, based
ampoule positions of: (a) H = 43 mm: and (b) H = 87 mm. on the numerical simulation, we. will also provide

suggestions to improve design of the furnace com-
ponents.

the temperature reading of TCI is not the melt/solid
interface temperature. However, the detailed tern- 4. 1. Simulation of actual vertical Bridgnman growth
perature profile along the entire ampoule centerline system
can be obtained from our numerical results. Com- Based on the satisfactory comparison between
bining these two results, the interface temperature of experimental and numerical results obtained for the
NiAl can be determined by interpolation, as shown in case with thermocouples, we now turn our attention
Fig. 9, yielding Ti,,,,f-- 1716 0C. This result is surpris- to the actual growth process without inserting the
ing, as this value is at least 70'C higher than the alumina tube. Figure 10 shows the solution charac-
melting temperature of NiAI widely reported in the teristics of the stream function and isotherm at differ-
literature. Walston and Darolia [10] have also ent ampoule positions. The convective fields in the
reported recently an observation of NiAl melting tem- melt are of very similar patterns at all ampoule
perature as high as 1682°C. Although T,,m, could not positions, and the maximum velocity varies little. The
be determined directly in this study, the above esti- convective strength in the encapsulated argon gas
mation does seem to have its merit. Since the current change more noticeably, but the maximum velocity
numerical model correlates well with the experimental there is at least one or two orders of magnitude smaller
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Fig. 10. Solution characteristics of (i) streamfunctions and (ii) isotherm in an actual vertical Bridgman
growth system for NiAl crystal for different ampoule positions: (a) H = 43 mm; (b) H = 59 mm; and (c)

H = 67 mm.

than that in the melt due to the higher Grashof 4.2. Suggestionsfor design inmprovement
number. As already discussed, the convective effects In this section, we will vary design parameters with
in the current crystal growth system are not strong. the goal of improving processing conditions in the
This is a desirable condition. for otherwise isotherms vertical Bridgman growth system. Since convection
can be greatly distorted by convection which will cause has been found to be insignificant to affect the iso-
nonuniform thermal gradients across the interface, therm distributions within the melt in the present set-

It has been recognized in the literature that, for up, it is not included in order to save computational
crystal growth from the melt in the vertical Bridgman time. Parameters such as the ampoule emissivity, theC growth system, a slightly convex (toward the melt) geometry of the ampoule base, the thermal con-
liquid-solid interface can help prevent spontaneous ductivity of the ram, and the ampoule wall thickness
nucleation at the ampoule wall. In addition, high tem- have been adjusted and their influence on the interface
perature gradients across the interface and uniform curvature and temperature gradient are compared. In
distributions of thermal conditions along the interface the following, possible modification that might lead
are desirable for obtaining high purity crystals [II- to the improvement of the interface conditions are
13]. In the following, these aspects are further listed.
discussed.

Figure II shows the interface shape and the vertical o Case I : the original design will be treated as the base
temperature gradient across the interface at different case;
ampoule positions. Due to the similar convective pat- e Case 2: increase the emissivity of the ampoule outer
terns, the interface shapes and temperature gradients wall from 0U8-to 1.0. This can be achieved in reality
obtained at ampoule positions are also close to each by, for example, coating the alumina ampoule outer
other. The difference between the centerline and inner wall with high emissivity and high melting tern-
ampoule wall locations is about 2 mm, and the gradi- perature materials;
ents are all maintained within the range of 3.16-3.35°C e Case 3: decrease the ampoule base angle from 120
mm-'. Because of the convective effect in the melt, to 100 degrees, as shown in Fig. 2;
the temperature gradient at the interface centerline is 9 Case 4: use a higher thermal conductivity material
about 5% higher than that at the inner ampoule wall. for the chill ram. For example, replace copper by
Figure 12 explains this situation more clearly, in which silver;
the interface characteristics with and without con- . Case 5: decrease the ampoule outer diameter by 2
vection are compared. It is observed that convection mm.
causes the interface position to be moved up about
0.5%, which is quite small. However, it causes the Figure 13 shows the interface characteristics result-
temperature gradient across the interface to vary more ing from the variations of these parameters. It is
noticeably (5%) along the interface, as shown in Fig. observed, that most of these variations can lead to
12(b). certain increases of the temperature gradient across
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Fig. 11. (a) Interface characteristics; and (b) vertical temperature gradient across the interface for three

ampoule positions of H = 43 mm, H = 59 mm and H = 67 mm.
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Fig. 12. Comparison of: (a) interface characteristics; and (b) temperature gradient across the interface
between solutions with convection and without convection effects for the ampoule position of H 43 mm.
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Fig. 13. Effects of variations in processing parameters on the interface characteristics by solutions without
convection: (a) interface position; and (b) temperature gradient across the interface.

the solid/melt interface, which is desirable. In particu- system for the fi-NiAl single crystal. In this system,
lar, for Cases 2 and 5, i.e. the increase of emissivity of there are strongly coupled effects of phase change,
the ampoule outer wall and the decrease of the conduction, convection and radiation heat transfer,
ampoule thickness, the increase of the temperature variable material properties as functions of tempera-
gradient is more prominent. However, the change of ture, and complex geometry and boundary conditions.
the ram material to one with a higher conductivity Therefore, optimization of the processing conditions
(Case 4) seems not to influence the interface con- for crystal growth is a very challenging task. In this
ditions much. It is interesting to observe that the inter- study, we have coordinated computational and exper-
face curvature seems to be insensitive to these para- imental efforts to first validate our theoretical model,
metric variations. The locations of the interface, then offer insight into possible design improvements.
though, become lowered for Cases 2 and 5, higher for For example, we have shown that coating the ampoule
Case 3, and nearly unchanged for Case 4. It is desirable outer wall with a high emissivity material, or decreas-
to further explore these factors by inspecting the qual- ing the ampoule wall thickness can be advantageous.
ity of the crystal growth with these design modi- We have also found that the melting temperature of
fications. fP-NiAl is around 1716°C, which is about 70°C higher

There are also other possible variations in furnace than that reported in the literature. Because the high
design that can potentially improve the processing melting temperature of NiAl is one of its strongest
condition near the interface. For example, it is obvious -attributes, the accurate definition of the melting tern-
that an increase in heater temperature (T4) or a perature is of great interest. This important aspect
"decrease of the cooling temperature (TI) helps should be further investigated.
increase the temperature gradient inside the system.
However, care needs to be taken here because of the
convection effect. It is observed from Fig. 12 that Acknowledgment-This work has been partially supported
convection tends to cause the nonuniform distribution by the Air Force Office of Scientific Research (URI Grant
of temperature gradient along the interface, which is F49620-93-0309) under the direction of Dr Charles H. Ward.

undesirable. Thus, any variations that can lead to
increased convection strength should be made care-
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Figure 3. Global grid distributions for (a) the NiAI system of H=3.2 withi a total grid size of 1S1x213 and Six 103 inside ampoule. (b) thefliar

base CdTe configuration around the amupoule region withi a total grid size of 79x]167 and 31x.101 inside ampoule, and (c) the semi-spherical

GdTe configuration around the ampoule region with a total grid siz-e of 79x1 75 and 61x 110 inside ampoule.
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Figure 3 Vertical Bridgman growth system for P-.NiA1 crystal. (a) Schematic of practical design. (b) Layout and boundary conditions
extracted from (a) for current numerical simulation, in which (i) is the global model and (ii) is the refined model. The total length of
the ampoule housing, between the top of alumina section and the bottom of copper section, afterbeing scaled by the amnpoule innerradius
of 12.5mm, is L--14.8, while the length of amnpoule is 1=9.08.
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Figure 4 Schematic of global and refined models, along with the thermal boundary conditions, for two configurations of vertical
Bridgman growth system for CdTe crystal. - (a) The flat base ampoule, configuration. (b) Thei semi-spherical base ampoule
configuration.-
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__--Smple He ArCommunications Pe

Gas Outlet diSuperheating Behavior of NiAI / Gas Purifier

Beaio-fTi getternng fuma

NAGRAJ S. KULKARNI and KYUNG TAE HONG Two-Color Pyrometer Sample (800C)

The intermetallic compound NiAI has been widely stud-
ied for its possible use as a high-temperature structural ma- 9 Levitation Coil
terial.t] The preparation of NiA1 alloys of controlled If
composition and stoichiometry has been recognized to be

an important component in their continued development ata Pyrex glass tube
and understanding. Control of interstitial elements such as R'cording

compsiton nd soiciomtry as eenreconizd t be System
oxygen and carbon is necessary to minimize the effect of Gas
these elements on the mechanical properties of such inter- Inlet MEN

metallics. A promising laboratory technique that can be
used to circumvent these problems involves the container- Copper chill plate
less processing of metals and their alloys using electro-
magnetic levitation.['-] Compared to other conventional Fig. 1-Schematic representation of the electromagnetic levitation melting

processing techniques, electromagnetic levitation process- apparatus.

ing offers several unique advantages,1 2.3 1 such as (1) non-
contamination of the melt since there is no contact with
crucible materials; (2) homogeneity of the melt due to ex-
tremely efficient electromagnetic stirring and homogeneity pend on the strength of the magnetic field, independent con-
of the solid due to rapid solidification; (3) rapid equilibra- trol of temperature was done by varying the flow rate of
tion in metal-gas systems due to the large surface area of He gas (a highly conductive gas) in a mixture of purified
the melt exposed to the gas phase and to efficient stirring, Ar, while maintaining a constant power level for the du-
thus permitting control of interstitial elements such as O, ration of the experiment. The gases (initial purity 5 ppm
C, N, and H; and (4) laboratory survey work of unknown 0) were ultrapurified by passing them through a Ti getter-
alloys and the investigation of basic phenomena such as ing furnace at 800 *C. The purity of the gases was deter-
melting, vaporization, nucleation, and solidification. Since mined at a location just before their entry into the levitation
only small samples weighing 1 to 2 g can be used during chamber using a solid-state oxygen monitor.* The oxygen

. levitation processing, the application is limited to laboratory *Centorr model 2D oxygen monitor, CENTORR Associates Inc.,
purposes. In the case of alloys that contain an element hav- Suncook, NH.
ing a high vapor pressure (e.g., Al in NiAl), the technique
is especially attractive since it permits control of the stoi- monitor is a Voltaic cell of the concentration type and has
chiometry (Ni/Al atom ratio) by preferential evaporation of yttria-stabilized zirconium dioxide as the cell electrolyte.
the high vapor pressure element. The present study de- The voltage of this cell depends on the ratio of the partial
scribes an unusual superheating and transformation phe- pressure of oxygen at the two electrodes and is given by
nomenon observed during electromagnetic levitation the Nernst equation. The concentration of oxygen in air
processing of the intermetallic compound NiA1. (20.95 pct or 209500 ppm) establishes the potential of the

A high frequency generator was used to supply a sinu- reference electrode. The monitor registered oxygen levels
soidally varying power with frequencies ranging from 50 of < 10-20 atm. (10-'4 ppm) for the ultrapurified gases used
kHz to 5 MHZ to a step-down transformer, which in turn in this study. Such low levels of oxygen are achieved by
was used to supply currents of several hundred amps to a the preferential oxidation of porous Ti in the gettering fur-
specially designed coaxial levitation coil (1/8-in. Cu tubing nace (hence reducing the oxygen concentration in the gases)
and 0.02-in. wall thickness). The resulting electromagnetic since the oxygen partial pressure of Ti in equilibrium with
field was used for levitating and simultaneously internally TiO. is <10-35 atm at 800 °C, as seen from a standard
heating (due to eddy current losses) a given sample. The Richardson-Ellingham stability diagram for the formation
sample was contained within a PYREX* glass tube for at- of oxides. This high-purity atmosphere protected the NiAl

samples used in this study from oxidation. The gas flow
*PYREX is a trademark of Coming Glass Works, Coming, NY. lines and various fittings employed in the entire setup were

mosphere control (Figure 1). The glass tube was housed in made from stainless steel.
a suitable chamber, which facilitated rapid insertion and Small button-head NiA1 samples weighing 1 to 2 g, that
removal of samples. Since both heating and levitation de- were used for levitation processing, were obtained from

arc-melted NiAl ingots of known composition. The ingots
were prepared by arc melting high-purity (99.99 pct) Ni
and Al pellets of weighed proportions in an Ar atmosphere

NAGRAJ S. KULKARNI, Graduate Student, is with the Department of that was purified by passing through the Ti gettering fur-
Materials Science and Engineering, University of Florida, Gainesville, FL
32611. KYUNG TAE HONG is Principal Researcher with the Division nace. Wet chemistry* and inductively coupled plasma emis-

. of Metals, Korea Institute of Science and Technology (KIST), Seoul, *Nickel . by dimethylglyoxime precipitation and Al by 8-
Korea 136-791. hydroxyquinoline precipitation.

Manuscript submitted September 3, 1997.
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He OFF=1== He ON ===z'j=== He OFF == Ti-Al,51 over a broad range of temperatures and states. In
C the present case, the accuracy of the ratio-pyrometer was

recalescence 0 determined by comparing the melting temperature of a stoi-
...................... chiometric NiAl sample with the value published in the

meltingl K• " • i literature (1638 °C)'i61 The pyrometer reported the average

&ý /temperature of the sample since its aperture was large
.... .... ....... b .. H . ............. enough to cover the entire sample. Usually, there was aSi!i temperature gradient of less than 10 °C along the vertical

axis of the sample, the bottom being hotter than the top

-sscud during the heating process. The sample could be quenched

E at any time by simply turning off the power. At all times,
/ - solid + iquidnset - liquid ]the sample could be visually observed with the aid of high-

solidification .ftemperature viewing glasses.
A typical experiment that describes the observed phe-

A nomenon during levitation processing-is explained with the

TIME - aid of Figure 2. An NiAl sample.-was suspended in the
melting chamber surrounded by the induction coil using an

Fig. 2-Schematic of a typical output during levitation processing of NiAl adhesive tape at the end of a specimen positioner. A con-
alloys. tinuous flow of purified Ar was maintained throughout the

course of the experiment. During the heating stage, the He
flow was turned off. The power was then turned on, which

sion spectrometry (ICP)** analysis were employed to de- caused the sample to be dislodged from the tape, to levitate,
"**Perkin-Elmer ICP/5000 (Perkin-Elmer Physical Electronics, Eden and to heat up simultaneously. The specimen-positioner

Prairie, MN). along with the tape was withdrawn upward, where it re-
mained for the duration of the experiment. The NiAl sample

termine the Ni and Al contents. To ascertain the purity of began to heat up (AB in Figure 2) and, at the melting point,
the levitation chamber, combustion analysist was used to transformed to the liquid state (B). This initial heating up

tModels CS444 for C and S; RH404 for H; and TC436AR for N, O, took only about 15 to 20 seconds. The melting process
and Ar. Performed at LECO Corporation (St. Joseph, MI). corresponded to a plateau on the temperature time profile

of the chart recorder. This is consistent with observations
"determine the concentrations of dissolved C, S, N, 0, At, in the literature, where first-order transformations, such as

/ nd H in a stoichiometric NiAI sample before and after the melting process, are indicated by a plateau on the time-
vitation processing. It was found that the concentration of temperature profile during electromagnetic levitation ex-

0 reduced from 25 to 15 ppm, while that of C reduced periments.[4] After melting, the molten sample was
from 25 to 2 ppm. The concentrations of the other elements superheated anyway from 150 up to 200 'C (BC in Figure
were unchanged: N < 2 ppm, Ar < 5 ppm, S < 2 ppm, 2) over the melting point and held at that temperature for
and H -- 2 ppm. a few seconds. High frequency oscillations that occurred in

During levitation processing, the sample temperature was the liquid due to the electromagnetic stirring caused tem-
monitored continuously using a two-color ratio pyrometer* perature fluctuations of ± 5 'C that resulted in a wavy pro-

*RatioScope III, Capintec Instruments, Inc., Pittsburgh, PA. file on the chart recorder. In contrast, the temperature of

the solid sample could be controlled within ±_I 'C and the
(narrow band filters centered around wavelengths of 0.81 time-temperature profile was quite smooth.
and 0.95 Am) that was connected to a fast response chart The molten liquid was then cooled by allowing a flow of
recorder. The use of a ratio pyrometer was necessary since a purified He-Ar mixture (CDE). Supercoolings ranging
the emissivity of NiAI, both as a function of composition from 200 up to 250 'C (DE) could be achieved for most
(i.e., stoichiometry) and temperature, was not known. In the samples due to the suppression of nucleation in the contain-
case of a two-color pyrometer, the measured response de- erless, high-purity (low 0) environment of the melting cham-
pends on the ratio of the emissivities at the two wavelengths ber. Because of the large driving force available at high
(colors). The standard practice is to calibrate the ratio py- supercoolings, solidification of the entire sample occurred
rometer for a gray body for which the ratio response be- extremely rapidly resulting in an almost adiabatic tempera-
comes independent of emissivity, since the emissivity ratio ture rise as the latent heat was released, a phenomenon com-
is always unity. Naturally, this introduces an error in the monly known as recalescence (EFG). For a pure metal such
measurement of temperature for a material, where the em- as nickel, while using this technique, the recalescence phe-
issivity ratio differs from unity at the selected wavelengths. nomenon results in the temperature of the sample rising to
However, in practice, it has been found that while the em- a few degrees Celsius below the melting point of the sample.
issivities at each wavelength may vary widely as a function However, in the case of NiAl samples, an extraordinary
of temperature and state (phase), the ratio of emissivities at event occurred. The recalescence effect resulted in the sam-
the selected wavelengths is relatively constant and rarely ple temperature increasing several tens of degrees over the
exceeds 1.05 for most materials. The ratio pyrometer has melting point (FG). Following the recalescence, since the He
' en traditionally used in the steel industry for temperature flow was still being maintained, the temperature of the so-

.,easurement under adverse viewing conditions. More re- lidified sample dropped to below 1000 'C (GHI).
cently, it has been widely used in laboratory supercooling The same sample was then reheated by turning off the
and solidification studies in many systems, e.g., Fe-Nit 41 and
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1800 off. This suggested a peculiar endothermic transformation

o melting temperatures that was absorbing heat at a faster rate than was being sup-
o maximum superheating temperatures plied. Visual observation and the lack of any significant

1700 .instability in levitation, as evident from the temperature
L o profile, until almost the end of the transformation suggested
L 0 3that this transformation occurred in the solid state. By the0 -time the interface had advanced completely to the top and

S1600 the entire sample had transformed, the temperature had
dropped to the same melting point (N) as that measured

150during the original heating stage (B). Following this, there
SAIN 0was a great deal of instability that ultimately resulted in the

'E' 1500 sample melting at its melting point (N). Thus, it appeared
that although the path followed during this heating stage
(IJKLMN) was distinctly different from the initial heating

1400 stage (AB), the melting temperatures (B and N) were iden-ticatl..
. 'e entire process (A-N) was repeated a few times for

the same sample as well as for other samples having the
1300 . same composition. In each case, the identical phenomenon

20 30 40 50 60 70 80 was observed and the same melting and superheating tem-
Atomic % Ni peratures (± I °C) were observed. The composition of a

given sample was varied by simply holding the superheated
Fig. 3-Superheating effect in NiAI levitation processed alloys as a liquid for a sufficient period of time (usually a few minutes)
function of composition. in the flowing Ar atmosphere (OP in Figure 2). Since Al

in NiAI has a much higher vapor pressure than Ni, the
He flow (IJ). The NiA1 solid sample appeared to be com- composition of the NiA1 sample shifted toward the Ni-rich
pletely stable even after its temperature had risen well side of the phase diagram due to the Al loss. In principle,
above its reported melting point (JKL). In fact, a super- a single sample of a known Al-rich composition (e.g., 45
heated NiAI sample held at 45 °C over the melting point at. pct Ni) is enough to scan the relevant NiA1 liquidus
(K) for 30 minutes showed no signs of melting or instabil- phase boundary (up to 60 at. pct Ni) around the stoichio-
ity. This was clear both visually (no solid-liquid interface metric composition. In practice, however, instabilities in
and no instability seen) and from the temperature profile on levitation that resulted during the melting process or during
a chart recorder, which was smooth throughout. In contrast, the superheating of the liquid sometimes caused fusion be-
at the onset of melting during the levitation heating process, tween the sample and the walls of the melting chamber.
a sample exhibits instability due to the varying responses Hence, a number of samples had to be used.
of the electromagnetic field on the solid and liquid fractions The NiAl phase exhibits congruent melting at the stoi-
of the sample (near B in Figure 2). The solid-liquid inter- chiometric composition,[61 and the melting point at this
face is also visible through the high-temperature viewing composition is a maximum. The maximum melting tem-
glasses at the onset of melting. A solid + liquid sample perature that was noted during the scan across the relevant
that is quenched by turning off the power and allowing the NiA1 phase region was 57 TC higher than the published
sample to freely fall either on the Cu base plate or in a value for the stoichiometric composition (1638 TC). This
water chamber directly below the Cu base plate loses its was not surprising since errors in measurement of absolute
integrity, since there are no longer electromagnetic stabiliz- temperature using two-color ratio pyrometers are not un-
ing forces that can preserve the shape of the sample. The common and can arise from a variety of sources,P] most
solid-liquid interface is easily distinguished by microstruc- notably the deviation of the emissivity ratio from unity.
tural examination of a quenched sample. In the present Hence, the emphasis was on relative measurements (rela-
case, microstructural examination of a NiAl sample tive to the melting or liquidus temperatures), while main-
quenched from the superheated temperature confirmed that taining similar processing conditions for all compositions.
the sample in the superheated state was solid. The shape The same offset of 57 °C was applied to all the melting
and integrity of the sample were unaltered by the quenching and superheating temperatures that were recorded during
procesS. the scan across the G3 NiAl phase region. The actual com-

Once the sample reached a certain critical superheating positions were then extrapolated from the known liquidus
temperature (L), which was almost identical to the temper- temperatures of the NiAl phase diagram.t6] This procedure
ature increase upon recalescence (G), an interface appeared of determining the compositions from the known melting
at the bottom of the sample (visually observed, see LM in points seemed adequate since the extrapolated compositions
Figure 2), indicating initiation of a transformation. With for each sample corresponded quite well with the known
continued heat input, the interface advanced toward the top weighed compositions.
portion of the sample, leaving behind a transformed region Results of the study are plotted in Figure 3. The super-
in the bottom portion, which could be easily distinguished heating effect occurred for compositions between approxi-
visually on account of its darker color (LMN). The average mately 45 to 60 at. pct Ni, with the maximum superheating
temperature of the sample dropped during the period of of about 65 deg occurring close to the stoichiometric com-
motion of this interface (LMN), although heat was still be- position. The compositional dependence and the asymmetry
ing continuously supplied, since the He flow was turned
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of the superheating behavior on either side of stoichiometry in NiAI, that we found impossible to retain by quenching,

is also apparent and is indeed consistent with the asym- also had second-order kinetics.
metric nature of NiAI in general, with respect to its liquidus We do not believe that our observations were affected

- solidus as well as its physical properties such as den- by oxidation problems, since as discussed earlier, the purity
Stensile strength, hardness, etc.['] of the levitation chamber had been verified both by using

Our attempts in trying to quench in the unusual trans- an oxygen monitor as well as by bulk chemical analysis of

formation proved unsuccessful. Solid superheating NiAl the oxygen content within the samples. The surfaces of the

samples that were quenched during the transformation (LM levitation processed samples appeared extremely clean and

in Figure 2) or at any stage of the heating process always lustrous and exhibited a range of colors ranging from yel-

corresponded to the ordered B2 NiAl crystal structure, as lowish at the Ni-rich end (approximately 60 at. pct Ni) of

evident from powder X-ray diffraction analysis.* The shape the P3 phase region to silvery gray at the Al-rich end (ap-

APD 3720, Philips Electronic Instruments, Inc. (Mahwah, NJ. proximately 45 at. pct Ni). Formation of an oxide scale
___D___ 0,___i____Eetronicnstrumets,__n._(_ahwh, ___) would have resulted in a dull surface and the range of col-

and integrity of the sample were unaltered by the quenching ors would not be evident. A depth profile analysis using

process, either in water or on the Cu chill plate. Microstruc- Auger spectroscopy* confirmed that oxidation was not a
tural analysis also revealed no trace of any interface. It thus • Perkin-Elmer PHI 660 (Perkin-Elmer Physical Electronics, Eden

appeared that the kinetics of this transformation was ex- Prairie, MN).
tremely rapid. Further studies of this unusual transformation
revealed that it was in fact reversible; if the He flow was problem. We also discount the possibility that the rapid

turned on (instead of being turned off during the normal solidification of the undercooled melt during levitation pro-

heating process) at stage M of the transformation, the in- cessing (EG in Figure 2) could result in some nonequilib-

terface moved from the top toward the bottom portion of rium or disordered phase in NiAl that is somehow respon-

the sample and completely disappeared as it approached L. sible for the unusual superheating behavior. X-ray analysis

The path MLKJI was followed in this case, and it appeared of our samples always corresponded to the ordered NiAI

that the transformation in this reversed case was exother- crystal structure, and there was no evidence of any other

mic. phases. Studies in the literature have also documented that

The similarities between our observations regarding this attempts at trying to induce disorder in NiAI by rapid so-

unusual transformation and those of Sykes and Jones t[' in lidification from the melt have been unsuccessfulJ17 ,1'
8

,
9

1

their investigation of the order-disorder transformation' 9' in Electron microprobe** analysis along a longitudinal section

the Cu 3Au system are indeed striking.* It is suggested that **JEOL Superprobe 733 (Japan Electron Optics Ltd., Tokyo).

*Sykes and Jones'81 make the following statements in their article: "It
)und that provided the specimen had a consistent scheme of order of a levitation processed sample did not reveal the presence

S-ghout each crystal at a temperature just below the critical of any unusual segregation or partitioning, the Ni/Al atomic
temperature, then, although energy was continuously supplied to the ratio being constant throughout. Bulk density measurements
specimen, its temperature-time curve in the neighborhood of the critical of levitation processed samples using helium micropycno-
temperature showed first a maximum and then a minimum; in brief, an m
effect exactly opposite to the undercooling phenomena observed on etryf were also consistent with those previously pub-

cooling curves and generally produced by a change of phase. The fact tModel MPY-I, Quantachrome Corporation, Boynton Beach, FL.
that the temperature of the specimen falls, although heat energy is
continuously supplied, proves that latent heat is absorbed at the critical lished for NiAIl.101

temperature on heating." It seems logical to assume that the superheating and

this transformation in NiAI is an order-disorder transfor- transformation that occurred during levitation processing

mation that appears to be associated with the superheating were related to the high supercoolings (up to- 250 TC)

process in NiAI. Studies that have explored correlations be- achieved in the liquid NiAl sample prior to the onset of

tween the heat of formation, the critical temperatures for rapid solidification. Stoichiometric NiAl samples, that were

disordering, the type of defect structure, and the melting not levitation processed, did not show any significant su-

point have suggested that NiAl, like many other interme- perheating or any visual signs of a transformation and had

tallic compounds (e.g., NiGa, Ni3Al,t10,1' FeA1, CoAl, etc.), a time-temperature profile indicated by path AB in Figure

has a virtual order-disorder transformation temperature well 2 during the heating process. However, when a stoichio-

above its melting point.' 2
,13,1

4
] It appears likely that the lev- metric NiAl sample, regardless of its prior processing his-

itation processing of NiAI caused the order-disorder trans- tory, was subjected to high supercoolings using levitation

formation to become more transparent, since one must processing, it always exhibited the same superheating be-

expect an ordered material to undergo disordering before havior followed by the unusual transformation. This sug-

actually melting. The fact that the transformation occurred gested that the structure and properties of the supercooled

over a temperature range rather than at a fixed temperature NiAI liquid was different from the liquid that existed at the

is consistent with the transformation behavior of order-dis- melting point, since the resulting solidified structures be-

order transformations.t8' 91 A comparison may also be made haved differently with regard to the unusual transformation

with /3 brass (CuZn), which has the same B2 crystal struc- and superheating behavior. Indeed these differences have

ture as NiAl, but has an order-disorder transition tempera- been well documented in the literature in terms of a change

t4"- that lies well below its melting point. It is known that in the short-range order parameter in molten NiAI melts

o isordered state of the /3 brass structure is almost im- using X-ray diffraction, density, viscosity, surface energy,
possible to quench due to rapid second-order transformation and interaction energy measurements J

2
1.22] Furthermore, the

kinetics.11t 5 16 This suggests that the unusual transformation thermodynamic properties of liquid NiAl have been exper-
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imentally determined by Stolz et al.I23l as a function of com- 19. R.N. Singh and N.H. March: in Intermetallic Compounds: Principles

position and temperature and have been well described and Practice, J.H. Westbrook and R.L. Fleischer, eds., John Wiley
using an association model.[19 .

4
1 The association model for 20.and Sons, New York, NY, 1995, vol. 1, pp. 661-86.

usiNg 1[T 20. A. Taylor and N.J. Doyle: J. AppL. Crystallogr., 1972, vol. 5, pp. 201-
NiAI23I considers the molten state to consist of free atoms 15.
of Ni and Al that are in dynamic equilibrium with the as- 21. M.S. Petrushevskii, E.S. Levin, and P.V. Gel'd: Russ. J. Phys. Chem.,

sociate having the stoichiometry NiAl. This dynamic equi- 21971, vol. 45, pp. 1719-21.

librium is assumed to be governed by the law of mass 22. G.D. Ayushina, E.S. Levin, and P.V. Gel'd: Russ. J. Physý,Chem.,
1969, vol. 43, pp. 1548-51.

action. The concentration or the mole fraction of the NiA1 23. U.K. Stolz, I. Arpshofen, F. Sommer, and B. Predel: J Phase

associate is a function of both composition and temperature. Equilibria, 1993, vol. 14, pp. 473-78.
Within the 83 NiA1 phase region, it is expected that the 24. F. Sommer: Z Metallk., 1982, vol. 72, pp. 72-86.

stoichiometric composition (i.e., 50 at. pct Ni) would have 25. R.W. Cahn: Nature, 1988, vol. 334, pp. 17-18.
26. V.K. Pecharsky, K.A. Gschneidner, Jr., and D. Fort: Scripta Mater.,the maximum concentration of the NiAI associate in the 19*96, vol. 35, pp. 843-48.

molten liquid. As compared to the liquid at the melting
point, it is expected that at high supercoolings, the concen-
tration of this associate would be much higher. The rapid
solidification from thp'supercooled NiAl melt, having such -Orderingr. pOrd rin and Martensitic
an associated structur'e, appears to be responsible for the
formation of NiA1 samples that show this unusual super- Transformations of Ni 2AIMn Heusler
heating(25 .26) and transformation behavior. The melting and Alloys
solidification behaviors of NiAI need greater analysis in
light of this study.

Y. SUTOU, I. OHNUMA, R. KAINUMA, K. ISHIDA

The NiA1Mn /3 alloys having a high M, temperature are
We thank Professors Robert T. DeHoff and Michael J. of interest as potential high-temperature shape memory
Kaufman, Department of Materials Sciepce, University of
Florida, for their comments on the manuscript. We are
grateful to Dr. Atul Gokhale for his assistance and guidance Y. SUTOU, Graduate Student, I. OHNUMA, Research Associate, R.

in the electromagnetic levitation experiments. The financial KAINUMA, Associate Professor, and K. ISHIDA, Professor, are with the
Department of Materials Science, Graduate School of Engineering,support of the United States Air Force Office of Scientific Tohoku University, Sendai 980-8579, Japan.

Research is gratefully acknowledged. Manuscript submitted March 23, 1998.

(•.. REFERENCES

1. D.B. Miracle: Acta Metall. Mater., 1993, vol. 41, pp. 649-84.
2. W.A. Peifer: J. Met., 1965, pp. 487-93. (a) as-annealed
3. E.C. Okress, D.M. Wroughton, G. Comenetz, P.H. Brace, and J.C.R.

Kelly: J. Appl. Phys., 1952, vol. 23, pp. 545-52.
4. R. Willnecker, D.M. Herlach, and B. Feuerbacher: Appl. Phys. Lett.,

1986, vol. 49, pp. 1339-41.
5. J.J. Valencia, C. McCullough, C.G. Levi, and R. Mehrabian: Acta

Metall., 1989, vol. 37, pp. 2517-30.
6. P. Nash, M.F. Singleton, and J.L. Murray: in Phase Diagrams of (b) as-aged

Binary Nickel Alloys, P. Nash, ed., ASM INTERNATIONAL, Metals
Park, OH, 1991, vol. 1, pp. 3-11.

7. R.E. Spjut: Noncontact.Temperature Measurement, NASA Conf. Pub.
2503, M.C. Lee, ed., NASA, Washington, DC, 1987, pp. 182-213. ,•

8. C. Sykes and F.W. Jones: Proc. R. Soc. A, 1936, vol. 157, pp. 213- 0 TB2 L2  1
390. 

X- 
5

9. F.C. Nix and W. Shockley: Rev. Modern Phys., 1938, vol. 10, pp.
1-71.

10. R.W. Cahn, P.A. Siemers, J.E. Geiger, and P. Bardhan: Acta Metal.,
1987, vol. 35, pp. 2737-52.

1 . R.W. Cahn, P.A. Siemers, and E.L. Hall: Acta Metall., 1987, vol. 35,
pp. 2753-764.

12. J.P. Neumann, Y.A. Chang, and H. Ipser: Scripta Metall., 1976, vol.
10, pp. 917-22.

13. J.P. Neumann, Y.A. Chang, and C.M. Lee: Acta Metall., 1976, vol.
24, pp. 593-604.

14. H. Assadi, M. Barth, A.L. Greer, and D.M. Herlach: Acta Metall.
Mater., 1998, vol. 46, pp. 491-500.

15. S.G. Cupschalk and N. Brown: Acta Metall., 1967, vol. 15, pp. 847-
56.

16. S.G. Cupschalk and N. Brown: Acta Metall., 1968, vol. 16, pp. 657- 200 250 300 350 400 450 500 550
66.

17. V.F. Bashev, I.S. Miroshnichenko, and F.F. Dotsenko: Izv. Akad. Heating Temperature / TC
• " Nauk SSSR, Met., 1989, vol. 6, pp. 55-58.

18. M. Barth, B. Wei, D.M. Herlach, and B. Feuerbacher: Mater. Sci. Fig. I-DSC heating curves of (a) as-annealed and (b) as-aged Ni-25 at.
Eng. A, 1994, vol. 178, pp. 305-07. pct AI-22.5 at. pct Mn alloys.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 29A, AUGUST 1998-2225



B2
((a)

[011]B2

L2 1
C(C)

1•..01T]L21

Fig. 2-Selected area diffraction patterns (SADPs) taken from (a) as-annealed and (b) as-aged Ni-25 at. pet AI-17.5 at. pct Mn alloy spec.imens. (c) TEM
dark-field image taken from the (11llO)N ordered reflection in the SADP (b) showing the APD structure of the L2, phase.

(SM) alloys.t'. 2.3] The present authors have recently exam- phase and the magnetic and SM properties of NiMnAI
ined the details of martensitic transformation, such as the Heusler alloys.'J. 9 ] It is the purpose of this article to report
crystal structure of the parent and martensite phases and the the results of our investigation of the order-disorder and
M, temperature and microstructure of the premartensite martensitic transitions of Ni-Mn-Al Heusler alloys aged at
phase, in the Ni-Al-Mn alloys quenched from high tern- low temperatures.
peratures over 1000 °C.t41 In these specimens quenched Single-phase /P alloys of the Ni-Mn-Al ternary system
from the elevated temperatures, the crystal structure of the were prepared in an induction furnace under an argon at-
parent phase is always B2 (Ni(AI, Mn)) and the martensite mosphere by melting from pure metals of Ni (99.9 pct), Al
phase shows a 2M (Lio), 10M, 12M, or 14M (7R) structure (99.7 pct), and Mn (99.9 pct) in appropriate quantities. All
or a mixture of them.14.5.61 Very recently, Chernenko et al. the cast alloys were solution treated at 1000 TC for 72 hours
pointed out that ferromagnetic NiGaMn SM alloys with a and quenched in ice water; some alloys were then aged at
L2, (Ni2GaMn: Heusler) structure have potential for use as 400 TC to obtain an ordered L21 structure. Details of the
a new type of smart materials whose SM properties can be experimental procedures of transmission electron micro-
controlled not only by temperature and stress, but also by scopic (TEM) and X-ray diffraction (XRD) examinations
magnetic field.J7 Since the L2 1 Heusler structure also ap- and differential scanning calorimetric (DSC) measurement

-ars in the stoichiometric NiAIMn alloy,Pt ] it can be ex- are described in our previous article.t4
1

pected that the NiMnAl Heusler alloys exhibit unique Figure 1 shows the DSC heating curves of as-annealed
properties similar to those of the NiMnGa alloys. However, and as-aged specimens. While there is no endothermic peak
there are very few reports on the stability of the L2, ordered in the as-annealed specimen, an endothermic peak appears
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Introducdon

The concept of the internal stress is widely accepted, however, its measurement has proven difficult.
( Originally Seeger assumed that the internal stress at low temperatures could be measured at the plateau of the flow

stress versus temperature curve [1). However, such assumptions are subject to conjecture because flow stress
plateaus art typically associated with dynamic strain aging (DSA). As a result, deformation in the plateau region
can involve interactions between dislocations, point defects and mobile solute atoms in addition to basic rate
controlling mechanisms. Thus, it is difficult to build a definitive correlation of the plateau stress to the internal
stress at temperatures below the plateau region.

Several stress relaxation techniques based on the empirical equation proposed by U [2] have been applied
to determine a variety of thermal activation parameters including the internal stress, (ri, the effective stress, (*, the
stress sensitivity exponent, m, and the density of mobile dislocations, Pm [3-5]. Unfortunately, inconsistencies

have been noted when the results of such tests are analyzed by means of Li's equation, including negative values of
m which have no physical significance [6,7].

Qian and Reed-Hill have developed a simplified approach for determining :ri which implies a zero entropy

of activation. The feasibility of this approach has been demonstrated for the commercial purity niobium data of
Fries er al. (8,9], the experimental Nb-O data of Park et al. [ 10] and the Cu3Sn data of Qian and Reed-Hill [11]. In
this paper, the general approach is reviewed and an attempt is made to apply it to the polycrystalline Ni-48.9
aL%Al and Ni-43.0 at.%Al data of Pascoe and Newey [12,13].

Review of Olan and Reed-Hill's Model

The approach of Qian and Reed-Hill, which is based on the early relations of Orowan [14].and Johnston
and Gilman [15], has several assumptions and requirements:

(1) it must be possible to evaluate the temperature and strain rate dependence of flow stress by a power

law relationship of the form -

745
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where the exponent n is the strain rate sensitivity measured under conditions where e is directly
proportional to the dislocation velocity v, .* is the effective component of the flow stress, i is the

base strain rate, and ýo is a constant equal to pmbvo. It is further assumed that n is given by

n=RTIHo where R is the universal gas constant and H0 is a material parameter with units of energy;

(2) sufficient strain rate sensitivity and flow stress versus temperature data must exist at temperatures
below the plateau region (i.e., where DSA does not occur);

(3) the temperature dependence of the elastic modulus must be known;

(4) it is assumed that the temperature dependence of the internal stress is related to that of the elastic

modulus by the equation

((2): Yi = 0 (2)
Eo

(5) the applied stress is assumed to be the sum of its internal, oi, and effective, 6*, components. Thus,

0=01+0*. (3)

In studies of strain aging the strain rate sensitivity, which was expressed above as n, may also be expressed as
s=cda/dlng. Considering the assumptions listed above, it can be shown that the strain rate sensitivity, s, is related

(U to the flow stress and the strain rate by the following equation

_RT * ... RT/Ho
s o- €•~0oLE/Eo)O (4)

HO0

where G* is the effective stress at 0 K. Plotting s versus temperature yields a curve containing a single maximum

as illustrated in Fig. 1. At the maximum of this curve it can be shown that the following relationships apply:

(Ymax -z cO0 /e (5)

Ho = RTmax max (6)

Smax

Cmax
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where e is the base of the natural logarithm, Smax the strain rate sensitivity peak, Tmax the temperature at Smax,
6max the effective stress at Tnax and ao the effective stress at 0 K. These relationships can be used in conjunction

with equation 3 to derive the following expression for the internal stress at 0 K

= (o - eMax)

1-C'EmaxSE0

where a 0 and cmax can be extrapolated from the experimental data. Thus, only data concerning the temperature
dependence of the elastic modulus is required to determine cio.

Application of the Model to 13-N'LAI

Pascoe and Newey (12,13] have published an extensive set of flow stress and strain rate sensitivity data
between 77 K and 1550 K at a base strain rate of 2.2 x 10-4 s-1 for a variety of extruded and single crystal NiAI

alloys. Nearly complete sets of data exist for polycrystalline Ni-48.9 at.%Al and Ni-43.0 aL%Al and these data

are represented in Figs. 2 and 3. For Ni-48.9 at.%A1, the maximum in the strain rate sensitivity plot was judged to
occur at Snax =23.57 MPa and Tmax=103 K. For Ni-43.0 at.%Al, no definite maximum was given but it was

assumed to occur at Smax =32.12 MPa and Tmax=150 K which represents the first data point for this alloy.
Extrapolating the flow stress data to 0 K we find ao=2000 MPa and 6max=750 MPa at 103 K for Ni-48.9 at.% Al
and ao=3100 MPa and amax-=1380 MPa at 150 K for Ni-43.0 aL%AI. The temperature dependence of the elastic

modulus has been found to vary significantly with processing technique but not with composition (16]. For this

analysis we have adopted the recent equation of Hellman et al. [17] which was derived for a powder processed
alloy of Ni-50.6 at.%Al. Assuming that this equation may be applied to off-stoichiometry extruded alloys, we

describe the modulus as follows

E (GPa) = 249.3-0.03 1T+1 x 10-5T 2  (9)

which yields values of Eo=249.3 GPa and Emax= 24 6 .2 GPa for Ni-48.9 at.%Al and Eo=249.3 GPa and

Emax=244.9 GPa for Ni-43.0 at.%Al. Substituting these values into equations 6, 7 and 8 we determined internal

stresses for both alloys as summarized in Table 1.

Table 1. Calculated values of a1i0 , H0 and to for the data of Pascoe and Newey (12,13].

Alloy aio (MPa) Ho J/mole t •o s5

Ni-43.0 at.% Al I 389.9 I 38,442.4 5.4 x 109
Ni-48.9 aL% Al 35.0 26,927.6 9.1 x 109

A second method for determinating the constants H0 and to is from a plot of the strain-rate sensitivity n

I versus T (18]. A plot of n versus temperature should be linear where DSA is not a factor. Using the n versus
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temperature data of Pascoe and Newey [12,13], we determined Ho to be 58,561 J/mol for Ni-43.0 at.% Al and
"f "23,077 J/mo! for Ni-48.9 at .% Al which, for Ni-48.9 at.%Al, compares favorably with the data presented in

Table 1. The poor correlation for Ni-43.0 at.%A1 is attributed to a lack of sufficient low temperature data for this

alloy.

The curves appearing in Figs. 2 and 3 were obtained by insertion of these parameters into equations 1 and
4. These curves are based upon original estimates of material parameters. No attempts have been made to improve

the fit of the derived curves by adjustment of the original estimates of Tmax and Smax. In view of the limited

number of strain rate sensitivity measurements of Pascoe and Newey [ 12,13] near the strain rate sensitivity peak,
there is good agreement between the analytical curves and the experimental data in regions where DSA is not a

factor. The deviations of the calculated curves from the experimental data at temperatures above the start of the
yield stress plateau may be explained in terms of a combination of DSA and dislocation drag (8]. It is well

documented that minima in the temperature dependence of strain rate sensitivity (s or n) occur in the regimt of DSA-
[19]. General agreement is observed between the NiAI data of Pascoe and Newey [12,13] and that for other metals
and alloys. Examination of the n versus temperature plots for Ni-48.9 at.% Al and Ni-43.0 at.% Al, for example,

reveals deviations from linearity which may be associated with strain aging. In addition, the locations of these
deviations correspond well with the minima observed in the s versus temperature curves and the locations of the
yield stress plateaus in the 0.2% yield stress versus temperature curves. Further evidence in support of these

assertions are the observations of yield drops in Ni-48.9 at.% Al in the range 100 K to 500 K [12,13]. Such yield
drops were absent upon unloading and immediate reloading but reappeared when the test specimen was unloaded
and aged at 350 K for 1 hr; this behavior is often associated with static strain aging.

This method appears to work well for the available data up to approximately 600 IC If the general model is
modified to take into account DSA, good agreement between the experimental s versus temperature curves and the
actual data is observed up to the minima in this curve [20]. Above this temperature, the minimum in the s versusQ• temperature passes through a well-defined peak. Similar peaks have been observed in Ti-O [21], Nb-O [10], and
Cu3Sn alloys [11]. It has been suggested that this peak is the result of deformation involving dislocation drag [8].

As a final note, the method for determining Ho from n and s versus temperature curves also correlates very
well for Pascoe and Newey's soft-oriented single crystal data. Unfortunately, there are insufficient data to
effectively model s or the yield stress as a function of temperature presently and further work is needed in this area.

Conclusions

We conclude that the approach of Qian and Reed-Hill is useful for determining the internal stress in NiA!
and for modeling the strain rate sensitivity and flow stress as a function of temperature and strain provided data is

available below the regime of DSA and when the strain rate dependence of the flow stress can be approximated

with a power law (equation 1).
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EFFECT OF CRYSTALLOGRAPIIUýORIENTATION ON THlE FRACTURE
TOUGHNESS OF NiA1 SINGLE CRYSTALS

S. SHRIVASTAVA AND F. EBRAHINII
Department of Nlaterialý Science and En.;:neen ng, lUrixersiry of Florida, Gainesvil:.. F`L
32611

ABSTRACT

In the piresent study. single-edge no:ched bend specimens of NiAl single crystals were :,este6
in (100)<010>. (101)<101>, and (101 )<C.0> orientations before and after heat-treat'::z the.
notched specimen; at 1000*C for one hour. The fracture toughness data for the non heat-.-eate.d
specimens were found to be consistenti:t the previous results. An increase in the f.u
toughness of N'iAl was observed in a!l c~entations studied upon heat-treating the r~~h,-
specimens. The toughne!ss ratio for the tw.o orientations obtained from the heat-treated r.,:chce'
specimens was found to be 1.2. This ratc, is in agreement with the reported stress z.-.zlysii
considering the crack kinking in (100) oriented specimens. A detailed SEM analysis rce-.-aled
that the electric discharge machine (EDM) cutting of the notch caused the formation o`sa-
microcracks at the notch front and also cre2:e-d internal stresses in the vicinity of the notc-. The..
increase in toughness upon heat treatment -Is attributed to the modification of EDM darn~ae.

INTRODUCTION

The fracture toughness as well as th;! ductile-to-brittle transition of NiAI single 5t5
depend on the ct-ystallographic orien-.ation.' It has been reported that the toughnes' of e
specimens oriente-d with (100) as th-. cra:'k, plane is nearly twvice the toughness of sp:.-imen s
having (110) as the crack plane. Chang e-, al.' reported that the crack in the (100) plae- .:ink-.J
Snacroscopically into the- ( 110) plane durin, propagation and they attributed the doublin, of
toughness to the halving of the nomnial streis on (110) plane, assuming that the stress ra.::o ahe---d
of a Crack is similar to an unnotched specimen. However. such an assumption may not -- va:!'
for the notched specirnens.

Rigorous analysis, of elastic stresses fo- crack kinking suggests that the stress ratio fo.- a K~a
angle of 450 is approximately 1.2 rather :han 2. Another factor to consider is that th!e ela;s:c
Modulus in the <100> direction is about half of that in the <1 10> direction in NiAl'. whi~h
mnakes the critical elastic energy release ra-.e for ( 100) fracture plane to be four times o; that for
(110) fracture plane. The purpose of the present study has been to investigate the cau;,e of the
fracture toughness anisotropy and to stu-.dy the effect of heat treatment on the tc'.ehre-ss
anisotropy. in NiAI single crystals.

MATERIALS AND EXPERIMENTAL PROCEDURES

Single crystals of NiAI were provideJ by General Electric. Aircraft Division in C-.7.znnati,
Ohio. The as-received crystals had been homogenized in an argon filled vacuum f-rnace at
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1350=C for 50 hours. The orientations of crystals were determined using Laue back-scattered '
x-ray diffraction technique.

Fracture toughness testing was conducted using single-edge-notch-bend (SENB) specimens.
The rectangular bar specimens of 40 mrm x 5 mm x 3 mm were cut and the notches were
prepared using the eJectric discharge machine (EDM). The faces of the specimens were
mechanically ground :using SiC paper and polished up to 0.05,u Al2O3 . The orientations of the
specimens tested were (110) <110>, {110} < 100>,and (100) <010>, where the givenplanes
represent the plane of the notch and the given directions denote the direction of the crack profile.
The notch shape. size and the damage introduced by EDM were characterized prior to
performing the four point bend testing. Selected specimens were heat-treated either before or
after making the notch for stress relieving. The heat treattneit w;is carried out at 1000*C in
argon atmosphere for one hour Iollowed by furnace cooling under flowing argon.

The four point bend testing was conducted at a constant displacement ratie of 0.001 mnmn/sec

using a closed-loop hydraulic mechanical testing system. The fracture toughness KQ was
calculated using the relationship given in reference.4

The fracture surfaces were characterized using a scanning electron microscope. In selected
specimens. after fracturing, one of the broken halves was cut in the middle and the plane normal
to the notch plane was prepared using mechanical and electrolytic polishing for etch-pitting.
Marble etchant was found to be a suitable etchant for etch-pitting.

.7

RESULTS

The fracture toughness values were determined at room temperature and the results are
presented in Table 1. The toughness data obtained Kor the non heat-treated samples are in good
agreement with the previously reported values. t '2 In these speciments, the (100) orientation

consistently showed approximately twice the toughness of the ( 110) orientation. It was observed
that the heat treatment of notched specimens resulted in an improvement of the fracture
toughness in all the orientations studied. A higher magnitude of increase in toughness was
observed for (110) fracture plane, for which the toughness was increased to twice the toughness

of the non heat-treated specimen. Consequently, the difference in the fracture toughness of the
two orientations was reduced. However, the heat treatment performed prior to making a notch
did not improve the toughness.

The Kjc values were calculated based on the J-integral values and are also given in Table 1.
The J-integral values were obtained from the area under the load-displacement curves of the four
point bend test. As seen in Table I, the Kjc values correlated with the KQ values reasonably
well. lf*Jc is considered to be the fracture criterion, the {100) orientation has an approximately
four times the toughness of I 110) plane in the non heat-treated conditionl. This ratio decreases
to 2 in the heat-treated condition.

The fracture surfaces of all the orientations studied showed a distirct zone of the length of
30-50 pin adjacent to the notch front as shown in Figure 1(a). This zone comprised of two
different planes forming steps as shown in a higher magnification fractograph [Figure 1(b)].
Figure 2 shows that these steps were formed in cpntinuation of the cracks developed on the
EDM notch surface. It can be noted that these micrdcracks are much sharper than the original
notch. A study of an EDM notch prior to loading revealed that the cracks observed on the
surface of the notch (see Figure 2) were formed during the EDM cutting. SEM analysis of the
heat-treated samples showed that the fracture zone adjacent to the notch was oxidized upon heat
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T abl . Romtemperature friacure toughness of Nilsingle crysta.

ýSpeci- Heat
Crystal men Orienta- Treat- ic E K,,=,'fTE 1%

No. No. tion ment (N/rn) (GPa) (MPa m"2) (MPa M111)

1 1 (1 01)[TOI] No 154.5 184.5 5.33 5.77

2 2 (101)[010] No 259.0 184.5 6.91 7.88

2 3 (101)[010] Yes* 219.9 184.5 6.37 7.44

1 4 (101)[010] Ycs 736.3 184.5 11.58' 14.76

1 5 (100)[010I No 709.1 94.5 8.18 9.23

2 6 (100)10101 Yes 1418.2 94.5 11.57 15.43

2 1 7 1(100)[010] Yes 1381.8 94.5 1 11.43 15.55

. . . This specimen was heat-atrated before making a notch.

Figure 1. (a) (110)<101>
fracture surface showing the
presence of a distinct zone
along the notch front

'V ~.~ ~ .(delineated by the dotted line);
.(b) A high magnification

fractogniph showing the step-
'' like features in the fractograph

presented in (a).
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*Zi F'" igure 2 S M fractograph
* ~ ~ ~ o an o arif~ iiiside 111C notch

-. ~showing thie atssociationl of the
"~Iep-likc licaiic', pieseilil on

Sthe hracture surface with the
mnicrocracks (marked by
arrows) produced by the i
FDM

1 higure 3: SEM fractograph
-Iioiviiii illc ox idlatiou of' Ihe
disti iic z.one iii a liecut-treatcd

licincitiii 1[liC o)xidi/.Cd /Aotic i's shown Ill Figure 3. Tlits ohservautioii SuggestS tha~t thlls Zone
developed durinIg ma1,king tile EDM notch prior to loadn, h pcmn

D)ISCUSSION

Fl1r1Cture toughness data show a significant increase in all thle ortientations studied, when
tested after heat t-treating thle notched specimens. Tlhe rati ill* Kj values ohiained lor Ohe two
ut iCe1M atuis dee teased it) 1. 2 upon heati-treating filie not1ched Sp)CuinIci eis whICel Is Ill exceNllen
igreenkilnt with thet stress analysis for crack kinking 2 In a previous study-5, in increase in
tolughniess has beenl reported upon annealing NiAI single crystals at 1 300'C. IHowever, in that
study. the Increase in toughness was attributed to the cooling rate effect. Ii was suggested that

tas LIICooling rate Increases thle number oh mobile disheatiuns, which had been previously
pitnned hY the interstitial1 atomis However. the absence of toughness enhancement in thle sample
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TOM'

heat-treated prior to making. the FDM notchi sugl'esis that in the present study the ano%
* ccinhanisail dotes not1 o peiait:

T 1he loughness enh~ancemnent for the j100) orientation was much less than that for the ), I W
orientation. TFhis obse rvat it n siqsts dial ic I fwi te a ti Min respomnsible for the gaain in lotil hlitt
should be orientationt dependent. Sitltto the evaluation of fracture toughness of glasses usin1
iitdentatloll filaws V1. 111Ciras i ttIII liv. IIM~Y IV Jiiirihuted to ithe reliefoit residuli NIICSN
and/or bfuncung 01' tile Sltarf) cr-aCk Iromi pioduced by tile UIJ.M procss. Thc a esiduaiI sti'c\

* present ahead of the notch front after the stress distribution and therefore result in lo%%t
toughness Wmues. Although. ithe mechanism by which the residual stresses are produced has n,
been fully investigated, preliminary results indicate generation of a high density of dislocation
near the 1t0t01. A high density of icfid-ptIS ft'n1iCid near thie notcht front oil aI I1001 plimc
shown in F~igure 4. Recovery of' tftese dislocations wo~uld result in a reduction in residLJ.
stresses. lollwleasi it~~iisii 1X)~'drc inn id tile possible htighter plaiNitIi
associated with thte I M)~ oriented f racture sliccimnits cait he responsible for creating a 1(1%k
level of, internial sttCSCe andt Ililite a Itit-Iti i11eie\IIIC% vallue I fptti fha ea atten 1.111C. 11wII,

* lower recovery of' toughtness is achieved lit these: specimntts
lThe prescin t ovust uionai~ stigij-si if ii i ab l~i damage created by I til Dmmpri cess titt na k i

* ~~~ a notcht is ittportant Iin evaluat ing ithe fracture toughness of materials aitd imust ftc Consideilcc
The presence of a distinct zonte adjiacent it) ite notch on the fracture surface and the associatto
of thtis zone with the inicroeracks created 1wv the LDM are euvidences of thtis daita-e Ih

* fonttai ioi of' ecif- pii s art ii il fwit- ntichf I% coIIrre it Iy un der furt her invest igat ion anld wilt
reported iii a future papel.

Be rgimantn an id Veiti* h f avye iec tor'i et ItIAL iniC i ioughtiess datIa fc r Ni Al single crystal us Itt
* fatigue pre-erac ked and alist) us in g lit tchfed sp ee i cites Thei r data for- thte jl I 0 lan 'iC .Iif

teirperatures does niut shotw any sipnifianit dtfferenitc heiwcen the fracture toughness valIue
obtained fronm tte ntotched spectimets aitd iftose fromt [lie fatigue pre-cracked specimens Ilit lit
present study, it was observed lthat the liotefies produced by tfte EDM htave shtarp cracks alon
the notch front. which can act as aI starter crack for the fracture to occur. This may be th
reasoti wIl iy t) Signi fieanit dtIl c iicct wvas if icmi vt bet wee ii fthe low eittipera itir iei ug fatit "

the notchted and tfte fatigue cracked NiAI sintgle crystal

sltiawitie thle piestceut: cit CIO
pits near the EDM ntotch on

(100 plne
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Introduction

Consider a defect free elastic single crystal loaded uniaxially in tension along the [uvw]
crystallographic direction. If one of the weakest crystallographic planes (minimum theoretical tensile
strength planes) lies perpendicular to the loading axis then this plane will be the cleavage plane (in this
paper cleavage plane is referred to any crystallographic plane on which fracture occurs by breaking
atomic bonds) and the fracture strength may be estimated from the theoretical tensile strength of the

( material [1]. In the absence of thermal activation cleavage is expected to occur simultaneously on all of
the cleavage planes, while thermal vibration may statistically cause the fracture to occur on a particular
weakest plane. Recent molecular dynamics calculations confirm these concepts [2]. If the single crystal is
oriented such that the normals to the weakest tensile planes make angles 0, with the uniaxial loading
direction (where the value of i depends on the crystal symmetry) then fracture will occur on the planes for
which the resolved normal stress reaches the fracture stress first.

A notch ( or an inherent defect ) creates an inhomogeneous local deformation field which depends
on the specimen geometry as well as the remote applied displacement field. In the case of notched
specimens a simple stress criterion for fracture based on the remote applied stress is not applicable. For
isotropic elastic materials the fracture path may be determined as the path where (a) the elastic energy
release rate is maximum [3-5], (b) the strain energy consumed is minimum (S criterion) [6], or (c) the local
tensile stress intensification is maximum [7]. If the notch is loaded in mode I, these criteria are equivalent • •
and predict that the crack should propagate on the same plane as the notch. However, when the crack is
loaded under a mixed mode, the crack kinks out of the notch plane. The fracture path predictions made by
these criteria, in this case, are also in good agreement.

Now let us consider a notched anisotropic material, such as a single crystal, loaded in mode I.
Owing to the dependency of properties such as elastic constants, surface energy, and cleavage stress on
crystallographic orientation, although the crack is remotely loaded in pure mode I, locally it may not
propagate on the same plane as the notch. Indeed in many cases the crack kinks into other planes and
propagates under a mixed mode. The purpose of this study has been to predict the fracture path in
notched anisotropic single crystals. We have adopted the maximum elastic energy release rate criterion
for determining the fracture path. The analysis has been performed for a simple cubic crystal, however, it
can easily be extended to other crystal symmetries.

Analysis

Let us consider a sharply notched elastic single crystal with a simple cubic structure loaded in
-mode I as shown in Figure 1. The origin is chosen at the crack tip with the x-axis parallel to the notch
profile. The crystall6graphic orientation- of the crystal is presented by a radial distribution of the surface -energy y#(0), known as a crystal y-plot [8]. In Figure 1 the [hkl] orientation, which is parallel to the notch
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front, has been chosen to be a <100> type direction. The surface energy cusps, at which dyv(O)/d0 is
discontinuous, locate the other two perpendicular <100> directions. The planar orientation of the crystal
relative to the crack is defined by the angle 0 (rotation angle), which is the angle between the x-axis and
the trace of one of the {100} planes. Note that both the fracture resistance and the applied local stress
depend on the orientation, i.e. the 0 angle in Figure 1. The fracture criterion based on the maximum
energy release rate approach for a uniaxially loaded two dimensional problem can be expressed as [3]:

G = G(O,L) Y.' = 1YJ()

8G dyc
= 2f-y- (1)

G(O*,L*) = 2 y1(0*) (2)

where G(0,L) represents the variation of the elastic energy release rate with load L and orientation angle
0, yJ(O) represents the variation of the surface energy with c6y~tal|15 raphic orientation, and L* and 0* give
the remote load and the incipient kink angle at the point of crack propagation.

The rate of release of energy at the tip of a kinked crack for plane strain condition can be
approximated as [4]:

G(O) =(1 - v2) (Ki2 + K,2)/E (3)

C, = (3 cosOI2 + cos 30/2)/4

C21 = (sine/2 + sin30/2)/4

where K• and K, represent the stress intensity factors at the tip of the kinked crack in mode I and II,
respectively, and Ks represents the stress intensity factor at the tip of the sharp notch.

The two dimensional variation of the surface energy with crystallographic orientation for a <100>
zone axis (four-fold symmetry) of a cubic crystal was approximated by the following equation:

yJ(0) / y, = 1 + a(sin 2(0 ± _.)) 4 (4)

where y, is the minimum value of surface energy, a is a geometrical factor. The y0(0) / y, function is plotted
for various values of a in Figure 2. The numerical method used for calculation required that the y=(G)
function to have a continuous derivative at all angles, and consequently no cusps were included in this
function.

The Newton-Raphson numerical method for non linear systems was used to solve equations (1)
and (2) simultaneously. Incorporation of anisotropy of elastic constants would have required that the
equation for G(O,L) and its derivative to be modified for each 0 angle. Due to the complexity of the
problem as a first approximation we have ignored the elastic constant anisotropy in this paper.

Discussion

Figures (3) and (4) show the variation of the kink angle, 6*, and the normalized fracture toughness
(G(O) I yo) as a function of the rotation angle (D. Note that the applied load relates to the applied k,, and
hence, toughness is given by G(0) rather than G(0*). The results presented in Figure 3 indicate that, in
general, cleavage does not occur on the weakest plane, i.e. the 0* angle (kink angle) is not the same as
the 0 angle (rotation angle). However, as the value of the geometrical factor, a, is increased the fracture
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path becomes closer to the weakest path. An increase in the value of a corresponds to a sharper drop of
the surface energy near the weakest plane as well as an increase in the ratio of the maximum to the
minimum energy values.

It is interesting to note that, for a given value of the minimum ,ssurface energy, y,, the fracture
toughness increases with an increase in a value. This result'suggests that if a crack follows the weakest
path, it does not necessarily consumes a lower energy, i.e. the increase in fracture energy due to a larger
fraction of mode II component may be larger than the decrease in fracture resistance because fracture is
occurring on a weaker path. It should be noted that the sharper change in dyJ(O)/d0 as a function of 0 is
responsible for fracture to occur closer to the minimum surface energy plane. This phenomenon is
demonstrated schematically in Figure 5. Consider two y-plots, y'(0) and -?(0), where dy(6)Ide varies much
faster for case 2. As shown in Figure 5, although in case 2 crack follows a path close to the minimum
energy plane, it has a higher apparent fracture energy than case 1. Recent results [9] suggest that Si
single crystals may fracture on a variety of crystallographic planes, however, all of these planes were
determined to correspond to minimums (or cusps) associated with the y-plot reported for this material [10].
The incorporation of surface energy cusps into the present model is expected to shift the fracture path
toward rational crystallographic planes.

One interesting result of the approach presented here is that fracture path, and hence fracture
energy depends on the crack propagation direction of the notch. For a give notch plane the crack
propagation direction constitutes the [hkl] direction in Figure 1, and consequently, the fracture path. For
example it has been shown [11,12] that the fracture path and fracture energy for Si crystals with a {1 10}
notch plane depends on whether the crack is directed to grow in a <110> or in a <001> direction, which
corresponds to the notch front orientation of <001> or <110>, respectively. The reported results indicate
that when the crack front is parallel to a <110> direction the crack kinks into a (111} plane, however, when
the crack front is parallel to a <100> direction it remains on this plane. Consistent with the predictions
made here, the latter case shows a lower toughness, despite the fact that (111) planes in Si have a lower
surface energy than {110} planes.

Experimental results indicate that in semi-brittle materials there are exclusive cleavage planes, e.g.,
bcc metals, such as iron, usually fracture on {1 00} planes and not on {1 101 planes, although the surface
energy values of these two sets of planes are very close. Contrary to this experimental observation,
elastic constant anisotropy is expected to drive the crack into high elastic modulus planes, and thus
promote {110) cleavage planes in BCC type structures. On the other hand, recent results for NiAI [13], an
ordered intermetallic with B2 crystal structure, indicate that for this material cleavage tends to occur on
{110} planes rather than on {100} planes. These discrepancies are suggested to be related to plastic
anisotropy. In semi-brittle materials, such as iron and NiAI, plastic deformation at the crack tip is essential
to crack initiation and propagation, and consequently, the plastic anisotropy plays an important role in
governing cleavage planes. In NiAI, owing to the strong ordering, the slip occurs on <100>{01} and
<100>{011} slip systems rather than <111>{110} and <111>{112} slip systems which operate in BCC
metals. This difference is expected to alter the plastic anisotropy which would affect the crack path. Plastic
work can also be included in the y-plot as part of the resistance to fracture, and therefore, the approach
presented here is applicable to semi-brittle materials.

Summary

A two-dimensional analysis of crack propagation in anisotropic single crystal has revealed that the
cleavage path depends on the shape of the y-plot. Consequently, for a given notch plane the fracture path
has been predicted to depend on the notch front orientation. The results of this study suggest that the
fracture path depends not only on the level of resistance to fracture but also on the change of fracture
energy with orientation. Furthermore, when a crack kinks into a minimum energy plane, it does not
necessarily exhibit a lower fracture toughness than the case where crack follows a higher energy plane.

• . . .
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ON EVALUATING THE FLOW STRESS IN NIOBIUM
OF COMMERCIAL PURITY

R. E. REED-HILL and M. J. KAUFMANt
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Abstract-An analysis has been made of the CP niobium data presented in two papers by J. F. Fries, B.
Houssin, G. Cizeron and P. Lacombe, Jour. Less-Com. Met. 33, 117 (1973) and J. F. Fries, C. Cizeron
and P. Lacombe, Rev. Phy's. Appl. 5, 371 (1970). This study involves a phenomenological procedure which
assumes a rate controlling mechanism in which the force between a barrier and a mobile dislocation
element varies inversely as the distance. The derived analytical curves obtained with this model are in very
good agreement with all the experimental flow stress and strain-rate sensitivity data from 20 to about
600 K. This agreement supports the hypothesis that, in this particular CP niobium, the rate controlling
mechanism might involve dislocation intersections where it is generally accepted that the force between
an obstacle and a dislocation element varies inversely as the distance between them. An analysis of the
effect of the interstitials on the shape of the flow stress-temperature curve was also made for specimens
tested above 300 K. It was found that the unusual flow stress peak that appears in the plateau region at
570 K might be explained in terms of overlapping of the dynamic strain aging stresses of the three
interstitials 0, C and N near 570 K. That the phenomenological model is not in agreement with the
experimental data above 600 K is possibly due to dynamic recovery of the metal's substructure.

SINTRODUCTION in either model. The present paper adds additional

For many years, the large temperature dependence of information about the subject of alloy hardening in

the yield and flow stresses in b.c.c. metals at low a b.c.c. metal which suggests that, while interstitialatoms may play an important role in the low temn-
temperatures has been a subject of considerable con- atoms strengthenimpof role in the ratem-

cem nd isareemntHisoriclly tw basc vews perature strengthening of b.c~c. metals, the rate con-cern and disagreement; Historically, two basic views trolling -mechanism is probably not the thermal
were evolved to explain this low temperature activation of mobile dislocations past interstitial
strengthening. One group [1-4] believed the rate solute atoms.
controlling mechanism was overcoming Peicrls- In a previous publication [10], a preliminary pro-
Nabarro potential barriers to dislocation motion. On
the other hand, very strong evidence has also been cedure was presented whose goal was to plot analyti-
presented [5-9] favoring a model in which strengthen- cally the effects of dynamic strain aging, DSA, on the
ing was cntrolled by the thermal activation ofThis required the estab-ing as ontrlle bythe heral ctivtio of lishment of an analytical expression for the basic rate
dislocations past interstitial solute atom defects. This cont of the experim e
controversy apparently existed due to the fact that the controlling mechanism. A study of the experimental
b.c.c. metal deformation is complicated by inter- commercial purity niobium flow stress and strain rate
actions between solute atoms and, in particular, by sensitivity data of Fries el al [11, 12], made at
those between interstitial and substitutional atoms. trolugested that the atvio eta ofthe
These interactions may lead to gettering or scaveng- basic rate controlling mechanism of this material
ing of interstitials' and in turn to alloy softening. A con to

complicating factor also occurs when the concen-
tration of interstitials exceeds a limit, which depends
on the alloy and the nature of the interstitials, H =H'Ina *

resulting in a saturation effect [6] in which the where H is the activation enthalpy, H* a material
temperature dependence of the flow stress does not
change appreciably with interstitial concentration. In constant with units of energy, r[ the effective stressat 0 K and a * the effective stress at any temperature.
such cases, interstitial hardening may appear to be three asic the active s loation mecan-
athermal [6]. Actually, either alloy softening or inter- isms---(l) the Hartley [13] dislocation intersection
stitial saturation would act to distort the temperature mechsm(2) the H oey andiSecger [14] thermallys
"arid compositional dependencies from those expected ac anism, (2) the Schoeck aner

activated cross-slip mechanism, and -(3) the Seeger
: [15] mechanism for overcoming the Peierls stress--:-

I-To whom all correspoindence should be addressed. all conform to this type of activation enthalpy.
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Furthermore, as suggested by Hartley [13], this acti- equation (5). Deviations will, of course, appear if the

vation enthalpy may be expected if the stress exerted flow stress, a, has a finite long range stress corn-

by a barrier on an element of a mobile dislocation line ponent, aE, or if DSA occurs. If there are no signifi-
varies inversely as the distance between them. It is cant deviations then one may assume that a = a * and

also true that equation (1) leads directly to a power DSA is not a factor within the temperature range
law relationship between the effective stress and the investigated. The power law will also not hold when

strain rate. the test temperature is high enough to allow dynamic

Another assumption used in the procedure was recovery or dynamic recrystallization to alter the
that, in the absence of DSA, the flow stress consists basic metallurgical structure. As stated earlier, the

of power law in equation (5) corresponds to an
(2) activation enthalpy, H, in the thermally activated

Sa* + G (2)strain-rate equation

where or is the total flow stress, a* its thermally f H\
activated component and aE the athermal com- e =40exp,--J (8)
ponent. In temperature regimes where DSA exists, a
dynamic strain aging component is added to the total equal to
flow stress

Co*
a = C* + aE + ansA (3) H = H In- (9)

where aGsA is the DSA component. In b.c.c. intersti- where His the activation enthalpy and H', a and a
tial systems it has often been demonstrated exper- are d in equation (n summar, th power
imentally that asDs may consist of two additive parts law in equation (5) requires the use of the effective

so that
stress, a*, as opposed to the total stress, a. The

UOSA = as, + co, (4) athermal component 6f the stress may be small

with as, the Snoek component and ac., the Cottrell enough to ignore if the specimens are annealed,
component. The various parts of the total flow stress undeformed, have a large grain size (or are single
will now be considered t crystals) and are of high purity. On the other hand,

if GE is finite, one must evaluate GE and subtract it

from a since a* = a - aE. A procedure for doing this
THE THERMALLY ACTIVATED STRESS will be given later. This procedure [101 depends on the

The thermally activated or effective component, use of flow stress and strain-rate sensitivity data,

a*, of the total stress is described by the power law obtained at low enough temperatures so that DSA
does not occur, and a knowledge of the temperature

a* = G - (5) dependence of the elastic modulus.

where 4•' is a constant, 1 the strain-rate, R the EVALUATING , AND HO
international gas constant, T the absolute tempera- Consider the alternative strain-rate sensitivity par-
ture and 4 another material constant with units s-1. ameter Sthele
Equation (5) is often written

d._- (10)
a*- a ) (6) d In i

where n = RT[H° and is one form of strain-rate -Note that S has dimensions of stress and differs from
sensitivity parameter. Equation (6) accurately de- the strain-rate sensitivity parameter n in equation (6).
scribes some of the b.c.c. and h.c.p. data in the The defining equation for n is
literature obtained with relatively pure metals. d In a* da*/a* da/a*
Furthermore, it does not arbitrarily make the effec- n = = - (II )
tive stress go to zero at the plateau of a constant
strain-rate plot of a vs T. If, in equation (6), T = 0 K S can be evaluated with the aid of constant tempera-
the effective stress, a*, becomes ao*, so that aG* is the ture strain-rate change data and has the advantage
effective stress at 0 K. On the other hand, 4 corre- that da = do* because the athermal flow stress com-
sponds to a strain rate that raises a* to a* at any ponent GE is independent of changes in e. A typical S
temperature. For constant i data, equation (6) may vs T plot is shown in Fig. 1. Note that S passes
also be written through a maximum at a temperature designated To.

In a* = In G: + BT (7) Assuming a power law relation between a* and e, S
can be shown to be

where B = (R/H°) x ln( e/lo) is a constant. If exper- d a RT *(I ý Ti m

imental flow stress data can be fitted by this linear S = co = - Ga(-1 . (12)
equation, it is reasonable to assume they conform io d In i - 60
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Fig. 1. if the enthalpy in the thermally activated strain rate equation, i =!oexp(-H/RT) is
H = • In(afu*) and the strain rate sensitivity, S = dc/d In i, is plotted vs T, a curve with a maximum
results. The temperature, Tg, and magnitude, S.., of the maximum can be used to evaluate the material

parameters HO and 0.

( Taking the derivative of S with respect to T, setting Figure 2 gives an example of an application of this
it equal to zero and then solving for T, i.e. T., yields statement. There are four plots in this diagram based

1 on CP niobium data from a paper by Fries et aL. [11]
TB = - (13) who used i = 1.1 x 10-1s' as the basic strain rate

R ln(9/4) and a factor of 10 in their strain rate change tests. At
H06 the upper left in Fig. 2(A) is the plot of S vs T. In

But, by equation (7), the slope of a linear plot of In ai* Fig. 2(B) to its right is the plot of ai vs T. Figure 2(C)
vs T was defined as B = (R/H°) x ln(t/4). Therefore gives Ina* vs T and, finally, Fig. 2(D) shows the

dependence of n on T. Note that Fig. 2(A) is equiv-

T8= . (14) alent to Fig. 1. The maximum in Fig. 2(A) was
B estimated to occur at TB =123 K and S=.,

16.4MPa while, as shown in the next section,
This means that the temperature at the maximum on
a S vs T plot equals the negative reciprocal of the ea (10 5 an gave the values o n

slop ofa I a* s Tplo. Tus, f T ca be equations (15) and (17) gave the values of HO and e-,
slope of a In c*' vs T plot. Thus, if TB can be shown in Table .1. All four diagrams in Fig. 2 were
identified, its reciprocal gives -B. Substituting TB drawn analytically after substituting the data given in
from equation (13) into eqiuation (12) leads to Table I into the power law [equations (5) and (7)] and

aci strain-rate sensitivity [equations (10) and (11)]
e x ln(e/4) equations.

where e is the base of the natural logarithms. This is
an important result because equation (15) can be
solved for 4 in equation (5) if experimental values of It was demonstrated earlier [16], on the assumption
S,. and (4 are available. Furthermore, solving of a zero entropy of activation, that the athermal

1 1 component of the stress at 0 K can be determined by
TB = - - = - (R/H0 )ln(•/o) (16) the equation

for H' gives ai = o -e4T. (18)( -e Er".:
(',. H°- -TBRln(e/lo). (17) 1 " Eo)

Thus, measurements of. TB, S., and a* can yield where 6E. is therathermal stress at 0 K, a0 the total
the material cohstants, -HK and 4o, in equation •(5)1 stress at 0 K, e the base of the system of natural



1734 REED-HILL and KAUFMAN: THE FLOW STRESS IN NIOBIUM

0 0 0

0

( 0

to Z

0 0

oz o

0

4)r v

.v r 0C
00o06 04 09 0C 010 z ~ 10 9* 00 V, 00 0* C .2

b >4

o C-4 )c

* m ~- 211 r:

10 -

OO2 00 b4t -'a CC O0 t oa go

60

00 0

oz9 l90 r 01

N2d NU /VldN' sa



REED-HILL and KAUFMAN: THE FLOW STRESS IN NIOBIUM 1735

H Table I waiting time for thermal activation of a dislocation at
H'= 25,500 J/mole an obstacle and -sý is the experimentally determined
to= 4.98 x IO's-`

1.1 X 10- 3s-, relaxation time for Snoek strain aging, which is about

o* = 1072 MPa one-quarter of the relaxation time, TR, for the Snock
B = -8.0 x 10-1 K-' effect as measured with a torsion pendulum [10]. The

Snoek oxygen strain aging relaxation time has an

logarithms, at- the total stress at TB, ET. the elastic activation energy very close to that for the diffusion

modulus at T9 and E0 the elastic modulus at 0 K. of oxygen in niobium. The Snoek strain aging relax-

According to Fries et al. [II], the elastic modulus of ation times for the three interstial solutes in the CP

niobium may be assumed temperature independent in niobium are

the temperature range of the data in Fig. 2. Thus, t1 ,_ 10_ex 1.103 x l05' a

equation (17) reduces to = 7.77 x 1T j S

4 /T-e 7-  ,f..6 (IS5 x 10s\
ao--eare (19) Tsn R-2.22 x 10- ) exp" ( x S (21b)c%=(I - e) 4s, R T

According to Fig. 2(B), ao=1158MPa and -1.38 x 105 ,
aTr = 481 MPa. When these values are substituted in =Sc 1.425 xl1'sexp s (21c)
equation (18), one obtains cr&=86MPa making 4 RT )

0*=1072 MPa. The line near the bottom of the where Tso,. rs,, and Ts,,, are the Snoek strain aging
drawing in Fig. 2(B) represents aE; the difference relaxation times while rp0, r, and rp are the
between this line and the curve of the total stress, a, corresponding relaxation times measured on a tor-
gives a * as indicated on the drawing. sion pendulum. Cottrell aging involves the long range

drift of interstitial atoms to lower energy positions

THE DSA STRESS near a dislocation and can be viewed as resulting in
the formation of a dislocation atmosphere. It is

The commercial purity niobium specimens of Fries accordingly a much slower process than Snoek aging.
et al. [11, 12] were reported to contain in wt ppm: The kinetics of Cottrell aging can be followed using
300 0, 120 N and 70 C. In atomic percent this equals a modification of the Harper equation [10] given
0.19 0, 0.09 N and 0.05 C for a total of 0.33 at.%. below
Their CP niobium was also stated to have about
0.09 at.% total of seven different substitutional {cl - txpF.( II - (22)
elements. This implies the ratio of interstitial to .Cot = 1Ot 1 x "2
substitutional solute atoms was close to four. The where is the Cottrell component of the DSA
interstitial element with the highest concentration whre Gcot is the ot lu cm nt o tepds
was oxygen. The activation energy for the diffusion of stress, tcome, is its maximum value that also dependson the temperature and strain, t,,. the dislocation
oxygen in niobium is 110,000 J/mol, that for nitrogen
152,000 J/mol [17], and forcarbon 138,000 J/mol [18]. waiting time, and ct the Cottrell relaxation time.-..
The DSA phenomena in the Fries et al. specimens are The st agn []uderstress epiments of Delo
consistent with the assumption that they are probably belle et a. [20] suggest that, in niobium, Tco,.

due to all three interstitial elements. is approximately 5,000 times larger than s,,-. On
the assumption that this ratio• holds for all three

The three components of the DSA part of the stress
will now be considered. All three are considered
strain dependent. However, since the yield stress data 1012 (1.103 x 0 (23a)
was measured at a constant strain (0.2%) and a Rco=3 .8 9 x 1 exp T R. 10 3
constant strain-rate (1.1 x 10-I s-), the strain depen- -
dencies of the Snoek and Cottrell stresses of all three 1 0 1. exp (1.52 x 10 (23b)
interstitials were ignored. First, consider the Snoek rCO N 1. x p. RT /)
components which are due to the initial jumps of
interstitial atoms into lower energy interstitial sites ?=7.10x 10 2exp 1.38 x 10s
resulting from the presence of the strain fields of the Tcotc -10 (23c)
dislocations. The kinetics of the Snoek aging com- In a set of CP niobium strain aging experiments made
ponent of a given interstitial can be determined [10] under an applied stressand at four different constant
using the equation temperatures between 344 and 418 K, it was observed

{ (/ [20,21] that the oxygen Snoek and Cottrell strain
rsa= Gsn_ I I - exp- - (20) aging stress amplitudes were temperature dependent

-s.J and decreased in magnitude with increasing tempera-

where -s. is the magnitude of the Snoek component ture at a rate equal to that of the thermal flow stress
of the stress, a,,5 ,is its maximum value that depends component, avr*. In an aging under stress experiment,
on-the temperature and strain, t, is the Sleeswyk [19] the specimen usually deforms as it is aged and it has
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been demonstrated [20, 21] that it is reasonable to Table 2

assume that the aging under stress strain aging kin- cs.,', = 30 MPa vsý-= 120 MPa as•.c = 60 Max

etics follow those observed in static strain aging. =Co,,, 145 M Pa 7co =50 MPa oc.,. = 750 Max
"",, = 0.10s

Tests of this type are useful in relating static strain
aging theory to dynamic strain aging. Therefore, it is
assumed that the six amplitudes of the oxygen, half that of nitrogen due to its lower ('-50%) concen-
nitrogen and carbon Snoek and Cottrell strain aging tration. It should be noted that the amplitudes in
components have this same temperature dependence. Table 2 correspond to hypothetical stress amplitudes
Multiplying each amplitude by exp[B x (T - 300)] that would result when tests are made at 300 K. In
will accomplish this, since practice, they were selected so that equation (27)

would fit the observed magnitudes of the DSA data

B -x n( ) in the temperature range where DSA was observed.
The waiting time, t.., on the other hand was chosen

and so as to make'the start of the analytical plot of
equation (25YclJiicide with the temperature at which

exp[x(T- 300)] ( { r-1 s0 . (24) the experimental evidence for DSA commences. ThisV0) gave a waiting time of 0.10s. Considering the rela-

Note that exp[B x (T - 300)] normalizes the DSA tively fast strain rate used in these tests, this value

amplitudes to 300 K (i.e. room temperature). Actu- appears reasonable. However, it was decided to test
amliytuDSAes toa300 K ( ine. roomtemratur).! 1- - it in terms of the mobile dislocation density using the
ally, theDSAstressesatastrainOrateof 1.1 x 10 s
do not appear until well above 300 K. Finally, the Orowan equation

total DSA stress component is as follows p prbv (26)
(DSA 'Sn - expx - tL\O where p. is the mobile dislocation density, b the

Burgers vector, and v the dislocation velocity which
( / (p \2/3\) may be assumed to be represented by

+ aco•,o,, -- ep-)

V = - (27)
+-as.s,,- Il-exp(-t•" ,
+ (X ( .s,)} where T7 is the average distance of advance of a mobile

dislocation segment D where D is the average dis-
" aC.,' I -exp tance between obstacles (i.e. trees) along the dislo-

S\\cot' /) cation, and tw is the waiting time. The distance T was

"+ rs5c" --exp(- tw)} computed with the aid of Friedel's equation [22] for D

(D~ i (28)
+- a~cw 1-- exp-- -0

Cot, ec where E is the tensile modulus of niobium, 7 the

x exp(B x (T - 300)). (25) average spacing between obstacles (trees) in the nio-
bium lattice, and ca* the thermal component of the

The procedure used to evaluate the Snoek and flow stress. Friedel also points out that the area swept
Cottrell stress amplitudes as_ and cc.,_, in equation out by a dislocation on overcoming a barrier, A,
(25) was as follows. The aging under stress exper- should equal
iments of Delobelle et al. [21] indicated that in
niobium the oxygen Cottrell amplitude was about 4.3 A = 2D x h/2 =D x h=-72  (29)
times larger than the oxygen Snoek amplitude. This
same ratio was assumed to hold for the ratio of the
Cottrell to Snoek amplitudes of all three interstial - P
elements. However, since all of the amplitudes were hT = . (30)
normalized to 300 K, the nitrogen amplitudes were
also multiplied by a factor of 4 and the carbon An evaluation of W at 300K, assuming the rate
amplitudes by a factor of two to obtain their ampli- controlling mechanism was overcoming forest
tudes shown in Table 2. This was done in order to dislocations and Pr= 10•m- 2 where pf is the
allow for the fact that both the nitrogen and carbon density of forest dislocations, gave a spacing of
DSA occur at a higher temperature than does the forest dislocations along a mobile dislocation of
oxygen DSA. The dynamic recovery factors fall by a D = 1.8 x 10" m, T = 5.54 x 10-1 m and a mobile
factor of better than four between the temperatures dislocation density pm = 1.44 x 1010 m-2 . This
where the oxygen and the nitrogen-carbon Snoek dislocation density is very reasonable if the rate
peaks occur. Also, the carbon amplitude was taken as controlling mechanism is dislocation intersections.
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Fig. 3. This figure shows that the high temperature data above 300 K of Ref. [12] can be fitted to about,, 650 K by an analytical equation that assumes a = ar * + at + aDSA where a * and at are extrapolated fromC • the lower temperature data region and'am is the sum of the DSA stresses due to 0, N and C. Note that

the unusual stress peak in the plateau region at 570 K can be explained in this manner.
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Fig. 4. In this figure the flow stress data from Refs (11, 12] as well as the analytical expressions for the
flow stress are combined to cover the temperatures from 20 to 950 K.
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The uppermost solid line curve in Fig. 3 was temperatures from 20 to 850'C (293 to 1123 K). At
obtained by adding the total DSA stress to the a strain rate of 1.1 x 10- 3s-1, serrated stress-strain( effective and internal stresses. The DSA stress was curves were observed in these specimens between
obtained by inserting the values in Table 2 and about 418-and 623 K. This implies that DSA occurred

- the Snoek and Cottrell relaxation times, rs,, and -rc, in this region. The Portevin-Le Chatelier effect, how-
in equations (21) and (23) into equation (25). Also ever, is only one of many aspects of DSA which
shown in this figure are curves for the internal stress include (1) an increase in the flow stress, (2) an
aE and U * + UE as extrapolated from the expressions abnormal and rate dependent work hardening peak,
for these components obtained using data from below (3) the blue brittle effect, (4) a strain rate sensitivity
300 K (See Fig. 2). The three curves at the bottom of minimum, and (5) a yield stress plateau. In general,
Fig. 3 correspond to the DSA stresses of the three it is believed that DSA can result in an increase in the
individual interstitial elements 0, N and C. Figure 4 net yield stress whether or not serrated yielding
compares all of the flow stress data points of occurs. Only when the DSA is strong enough to make
Figs 2(1B) and 3 witIkeomputed curves based on the the strain-rate sensitivity become negative do serra-
low temperature p0&ir law. parameters, 4 and H', tions occur. What has been attempted here is to
and the DSA parameters discussed above, demonstrate that the yield stress plateau can be

modeled by assuming that the DSA stress in this
DISCUSSION region can be added to the basic flow stress. The CP

niobium specimens of Fries et al. [12] are interesting
As may be seen in Fig. 2, the assumption of the in this regard because their flow stress plateau is not

power law in equation (5) leads to analytical curves temperature independent, as often observed, but con-
giving the temperature dependence of the flow stress, tains a pronounced peak. These specimens were
a, the logarithm of the effective stress, a*, and the reported, however, to contain three interstitial el-
two strain-rate sensitivity parameters S = da/d In e ements in solution: 0, N and C. When reasonable
and n = d In a*/d In i that are in very good agree- values for the Snoek and Cottrell amplitudes for the
ment with the low temperature CP niobium data of three interstitial elements are used in equation (25), a
Fries et al. [I1]. Even if the power law procedure DSA stress peak is seen to occur analytically in the
outlined in this paper is considered phenomenologi- region where the peak is observed in the experimental
cal, it clearly describes the data very well in this data. This is because the maximum of the oxygen
temperature range. Since, as Hartley [13] has pointed Cottrell DSA stress as well as the maxima of the
out, an activation energy of the form Snoek DSA stresses due to nitrogen and carbon occur=out, ~an ) a isation be exe tewhenee form
H = -10 ln(c'/aJ) is to be expected whenever the within the limits of the experimental peak. It should
stress exerted on a mobile dislocation element varies be noted that the fit between the analytical flow stress
inversely as the distance, this agreement cannot be curve and experimental data points is, on the whole,
considered consistent with the concept that the rate very good in Figs 3 and 4 to about 650 K. Above this
controlling mechanism in this grade of niobium is the -temperature, the experimental data points drop
overcoming of individual interstitial atom barriers, below the calculated flow stress curve with the devi-
This is because the interaction force between a point ation increasing with rising temperature. Note that
defect and a dislocation has been calculated [23] to they also fall below the extrapolated lower tempera-
vary as 1hR

3 and not as IhR where R is the distance ture athermal stress, aE, when the temperature
between them. On the other hand, there is strong exceeds about 700 K. This implies that, at these
evidence for the view that the interstitials are a factor higher temperatures, dynamic recovery may alter the
in the plastic deformation strength of niobium. For basic metallurgical substructure. Support forethis
example, the effective stress at 0 K, a*, increases with conclusion is given by studies of static recovery in
increasing interstitial concentration. Also the tem- niobium summarized in a general review by English
perature dependence of the effective stress, a*, due to [24] on the properties of niobium.
dynamic recovery, is the same as that shown earlier
[20] for the DSA stress due to oxygen in the CP CONCLUSIONS
niobium specimens of Delobelle et al. [21] which were
strain aged under stress at four different constant 1. It has been possible to derive analytical curves
temperatures. In both cases, the dynamic recovery in very good agreement with the 20-300 K CP nio-
factor was B = 8 x 10' K-1. It would thus appear bium experimental data of Fries, Cizeron, Houssin
that the basic rate controlling mechanism, which may and Lacombe. These curves reproduce the tempera-
be dislocation intersections, controls the temperature ture dependence of (1) the flow stress, a, (2) the
and strain rate dependence of the effective flow stress effective stress, ar *, and (3) the strain-rate sensitivity
while the interstitial concentration and its arrange- parameters S = da/d In e and n = d In a*/d In L
ment relative to the dislocations could possibly play 2. The rate of dynamic recovery of the effective
a role in determining the level of the effective stress. stress, a*, for data between 20 and 300 K was found

There remains the high temperature CP niobium to equal that previously reported for the oxygen DSA
data due to Fries, Cizeron and LaCombe covering stress of the CP niobium specimens of Delobelle,
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Abstract

The tensile stress-strain response of polycrystalline NiAl was studied as a function of purity and pretest treatment (annealing and/or
prestrain). After annealing at 1100 K for 7200 s (i.e. 2 h) followed by furnace cooling, high-purity and nitrogen-doped alloys exhibited
continuous yielding, while conventional-purity or carbon-doped alloys exhibited a distinct yield point and Lilders strain. Prestrain by
hydrostatic pressurization removed the yield point, but it could be reintroduced by further annealing treatments. Yield points could be
reintroduced more rapidly if the specimens were prestrained uniaxially rather than hydrostatically, owing to the arrangement of
dislocations into cell structures during uniaxial deformation. The time dependence of the strain aging events followed a t213
relationship. In total, these results suggest that the yield points observed in polycrystalline NiAI result from the pinning of mobile dis-
locations by interstitials, specifically carbon, i.e. classic static strain aging.

Keywords: Heat treatment; Tensile properties; Nickel; Aluminium

1. Introduction alloys. The purpose of this document is to provide a
preliminary description of the interrelated effects of

Several aspects of strain aging have been identified interstitial content, heat treatment and prestrain on the
as playing a role in the deformation of polycrystalline tensile behavior of polycrystalline NiAl.
and single-crystal NiAL. They are the occurrence of
yield points and serrated stress-strain curves [1-6],
strain rate sensitivity minima [7,8], yield stress plateaus 2. Experimental details
as a function of temperature [9] and flow stress
transients on changes in strain rate [8,10]. In addition, NiAl in the form of (a) a conventional-purity induc-
extensive work by Margevicius and co-workers tion-melted casting (CP-NiA1), (b) a low-interstitial
[3,11-13] has shown that a sharp yield point can be high-purity zone refined ingot (HP-NiA1), (c) a
formed in binary NiAl following annealing at 1100 K nitrogen-doped powder (NiAI-N), and (d) a zone-
and furnace cooling. This yield point can be removed leveled carbon-doped ingot (NiAI-C) were the basic
by subsequent prestraining of the material by hydro- starting materials used in this investigation. All starting
static pressurization prior to testing, and recovered by materials were extruded at 1200 K at either a 12:1 or
aging the prestrained material for 7200 s (i.e. 2 h) at 16:1 reduction ratio. Descriptions of the equipment
673 K. Similarly, Pascoe and Newey [7] observed the and processes used to fabricate the high-purity and
formation of room-temperature yield points in near- doped alloys are presented elsewhere [14-16].
stoichiometric NiAI annealed for 3600 s (1 h) at 350 K Chemical analyses of the various extrusions were
following a uniaxial prestrain. Despite these observa- conducted at the NASA Lewis-Research Center by the
tions, no complete investigation of classical strain aging following techniques, deemed to be the most accurate
has been conducted on ordered bcc intermetallic for the particular elements. Ni and Al were determined
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using analytical wet chemistry/titration techniques.
(" Oxygen, nitrogen, carbon and sulfur contents were

determined by combustion techniques -using LECO
oxygen/nitrogen and carbon/sulfur determinators. EL I

Round button-head tensile specimens were ground
from the extruded rods so that the gage lengths of the -1 L ° ---- --
samples were parallel to the extrusion direction. U AOL
Sample dimensions were 3.1 mm for the tensile gage
diameters and 30.0 mm for the tensile gage lengths.
Prior to testing, all samples were electropolished in a
10% perchloric acid-90% methanol solution that was
cooled to 208 K. Tensile tests were performed on an
Instron Model 1125 load frame at a constant cross-
head velocity corresponding to an initial strain rate of
1.4 x 10-4 s-1. All tests were performed in air at 300
K. True stress-strain data were calculated from the
load-time plots, and yield stresses were determined by 0-
the 0.2%-offset method. Strain

The tensile testing was accomplished in three steps. Fig. 1. Definition of strain-aging parameters.
First, baseline mechanical properties were determined
"for all four alloys by testing them as follows: (a) as
extruded, (b) as extruded+1100 K/7200 s/furnace Table 1
cooling (FC); and (c) as extruded + 1100 K/7200 Compositions of extruded NiA! alloys (at.%)
s/FC + pressurized to 1.4 GPa. The heat treatment
temperature and prestrain pressurization treatment Alloy Ni Al 0 N C S
were selected based on the observations of Marge- (heat)

vicius and co-workers [3,11-131. Second, a series of CP-NiAI 50.09 49.70 0.055 <0.0009 0.0147 <0.0007
CP-NiAI specimens, having received treatment (c), (L297 1)
were annealed at temperatures ranging from 500 K to HP-NiAI 49.91 50.07 0.003 <0.0009 0.0043 <0.0007
1100 K for up to 7200 s followed by FC, air cooling (L2987)
(A) or water quenching (WQ) to room temperature to NiAI-C 50.18 49.77 0.003 <0.0009 0.0092 <0.0007
(staC)ih o ther q muenchngd(WQ)ition rom t turyingte to (L2988)
establish the optimum conditions for studying the NiAl-N 50.07 49.70 0.035 0.0904 0.0057 <0.0007
kinetics of strain aging in NiAl. A more detailed (P1810)
accounting of the treatments employed will be
provided in the Results and Discussion sections.

Finally, the kinetics of strain aging were investigated
using the classic yield-point return technique whereby 3. Experimental results
tensile specimens in the as-extruded condition were
prestrained approximately 0.2%, unloaded, aged in situ- 3.1. Composition and microstructure
on the load frame for aging times varying between 60 s
and 113000 s (30 h), and then tested in tension at Chemical analyses of the four alloys are shown in
room temperature. This test method allows specimen Table 1. Within experimental accuracy ( ± 0.2 at.o for
alignment to be maintained, and allows the stress level Ni and Al), the Ni and Al contents of the four alloys
to be kept effectively constant during aging. After are not significantly different from each other. The
aging, the specimens were cooled by removing the major differences between the materials are the
furnace from the test frame and passing a forced carbon, oxygen and nitrogen contents.
stream of air over the specimen and the tensile grips. Other than differences in grain size and the presence
This method of cooling resulted in average tempera- of semi-continuous stringers of nanometer-size nitride
ture drops of 500 to 1000 K during the first minute of precipitates along prior particle boundaries in NiAl-N
cooling. [16], all of the NiAI grain structures were similar as

The parameters used to evaluate the kinetics of observed using optical microscopy. The micro-
strain aging are illustrated in Fig. 1. These include the structures were fully dense, consisting of recrystallized
upper yield stress increment A ou = a. - 0a, the lower and equiaxed grains with the average linear intercept

( yield- stress increment AoL= OL-- oa, and the LUiders grain sizes reported in Table 2. The grain sizes of the
strain EL- HP-NiAI and NiAI-C alloys, which were prepared by
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extruding single crystals, are consistently larger than alloy generally decreased following the 1100 K/7200
those of the cast and extruded CP-NiAI or the powder- s/FC anneal. In addition, it is obvious that further
processed NiAI-N. decreases in yield stress can be achieved in the CP-

NiAI and NiAI-C alloys if the specimens are hydro-
3.2. Mechanical properties statically pressurized at 1.4 GPa, whereas no decrease

is observed in the powder-processed NiAl-N alloy or
Baseline mechanical properties were established by the HP-NiAI material. Interestingly, even though the

tensile-testing specimens of all four alloys in the as- yield stress could be lowered by annealing and in some
extruded condition, following an anneal of 1100 cases pressurizing, these treatments had no obvious
K/7200 s/FC, and follox•ing an anneal of 1100 influence on the tensile ductility.
K/7200 s/FC plus pressurization to 1.4 GPa. These Typical room-temperature true stress-plastic strain
results are summarized in Table 3. Immediately curves for the. as-extrude.d.;alloys are shown in Fig. 2.
obvious from Table 3 is that the yield stress of each The HP-NiAI, NiAI-C and NiA1-N alloys exhibited

continuous yield behavior. The CP-NiA1 alloy, how-
ever, exhibited discontinuous yield behavior. Similar
discontinuous yield behavior has been previously

Table 2 reported for conventional-purity binary NiAI
Grain size of extruded NiAl alloys [3,11-13,16-19]. Following pressurization at 1.4 GPa,

Alloy Reduction Grain size only continuous yielding was observed in the four

ratioa (pm) alloys. However, if pressurized specimens were
subsequently annealed at 1100 K/7200 s/FC,

CP-NiAl (heat L2971) 16:1 18.7± 1.5 pronounced yield points and yield plateaus were
HP-NiAl (heat L2987) 12:1 51.5± 2.3 observed in CP-NiAl and NiAI-C, whereas only con-
NiAI-C (heat L2988) 12:1 45.6 ±+ 4.0NiAl-N(heatPL818) 16:1 4.06±0.3 tinuous yielding was still observed in HP-NiAl or inNiAl-N. Typical true stress-strain curves for the
'AII alloys extruded at 1200 K. pressurized plus annealed alloys are shown in Fig. 3.

Table 3
Baseline tensile properties of NiAI alloys

Material Conditiona 0.2% yield stress Fracture stress Ductility Observationsb
(MPa) (MPa) (%)

CP-NiA1 As-extruded 269 379 2.11 YP
As-extruded 275. 368 1.83 YP
Annealed/FC 184 301 2.08 UYP
Annealed/FC 197 228 1.04 UYP
Annealed/AC 154 309 2.26 Evidence of YP
Annealed/WQ 143 228 1.13 CY
Pressurized 154 288 1.86 CY
Pressurized 159 317 1.81 CY
Pressurized 154 322 2.16 CY

HP-NiAI As-extruded 166 214 0.79 CY
As-extruded 157 235 1.16 CY
Annealed/FC 98 174 1.17 CY
Pressurized 118 176 0.92 CY

NiAI-C As-extruded 170 201 0.59 CY
Annealed 113 157 0.68 YP
Pressurized 96 171 0.98 CY

NiAI-N As-extruded 298 409 1.32 CY
As-extruded 297 476 2.20 CY
Annealed/FC 265 468 2.45 CY
Pressurized 266 434 2.16 CY
Pressurized 274 352 1.03 CY

-*Annealed/WQ-=as-extruded+1100 K/7200 s/WQ; annealed/AC-=-as-extruded+1l00 K/7200 s/AC; annealed/FC=as-
extruded + 1100 K/7200 s/FC;pressurized = as-extruded + 1100 K/7200 s/FC + pressurize 1.4 GPa.
bUYP--discontinuous yielding, upper yield point, sharp yield drop; YP=discontinuous yielding, small yield drop or plateau;
CY= continuous yielding.
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Fig. 2. Typical room-temperature true stress-plastic strain Fig. 4. In Aau vs. In t for CP-NiAI specimens. Specimens were
curves for as-extruded NiAI alloys. prestrained uniaxially in tension. The least-squares parameters

are indicated on the figure.

500 . . . . i . . . . i . .

An°al, 1100 K/2 heC mens were prestrained uniaxially, notable yield points
400 formed readily after as little as 900 s (15 min) at 522 K

Cda- and in as little as 60 s (1 min) at 700 K.
- 300 cw

e 3.4. Kinetics of strain aging
(n

20

- .i..HP-N" In-situ static strain aging experiments were con-
100 ducted, primarily on uniaxially prestrained samples.

Single specimens were often aged several times to
(o obtain a A a,-time relationship. A specimen previously

0.0 0.5 1.0 1.5 2.0 2.5 tested or prestrained uniaxially was given a recovery
Percent Strain anneal, typically 1100 K/1800 s (30 min)/AC, pre-

Fig. 3. Typical room-temperature true stress-plastic strain strained approximately 0.2%, aged in situ and re-tested
curves for NiA! alloys following hydrostatic prestraining plus at room temperature. When this type of testing is
subsequent annealing at 1100 K/7200 s/FC. adopted, the yield point exhibited in the undeformed

material can be recovered, as can the yield point incre-
ment observed during the previous test. This means

3.3. Influence ofprestraining and annealing on baseline that it is possible to recover the dislocation structure
properties and produce a reproducible Au, following the same

strain aging (i.e. prestrain + annealing) treatment, justi-
In order to determine whether the observed yield fying the use of multiple deformation experiments on

points resulted from the hold at, or cooling from, the single samples.
annealing temperature, specimens of CP-NiAI pre- The time dependence of the flow stress increment
viously prestrained hydrostatically were annealed at A ao is shown in Fig. 4. The shapes of the aging curves
1100 K/7200 s followed by AC or WQ. After WQ, up to the maximum value of Ao,, are comparable to
only continuous yielding was observed, while after AC similar curves reported for bcc metals [20]. Assuming
there was some evidence of a yield plateau, which A a,, is proportional to the amount of solute segregating
initially suggests that the yield points observed follow- to dislocations, A a, will increase proportionally with
ing FC are the result of the pinning of dislocations by t213 during the early stages of aging. Later the disloca-
mobile solute atoms during cooling through lower tions will become saturated, leading to a leveling-out of
temperatures. As a result, annealing experiments were Aa,, or to a decrease due to precipitation. The strain-
initiated at lower temperatures to determine the critical aging time exponent, as determined by least-squares
temperature for the migration of solute atoms to analysis of the data in Fig. 4, is in the range 0.57 to
dislocations. It was observed that, following hydrostatic 0.67, which is close to the theoretical value of 2/3
prestraining, yield plateaus formed in CP-NiAl follow- predicted by Cottrell and Bilby [21]. In confirmation of
ing anneals of 700 K/7200 s/FC but not following this result, Au, is plotted versus t 1

1
3 in Fig. 5, demon-

anneals of 500 K/7200 s/FC. Conversely, if the speci- strating the satisfactory fit. Although experiments were
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(30 .. / . applying the Arrhenius equation. On this basis, an
2* • / activation energy for the return of a lower yield point in

. 2CP-NiAI was determined to be approximately in the
S 20 * / " range 72 to 76 kJ mole-1 (approximately 0.75 to 0.79

S: / • eV), which corresponds to the activation energies for

D 15 ,othe migration of interstitials in many bcc transition
metals [22]. To check the Arrhenius calculation, the

C to 0 0activation energy was also determined by the method
-7-00K used by Hartley [23]. This method entails taking the

M .0 5 000-20.0 K[ slopes S, of the plots of A ora/0.5(a. + ra) vs. t213 and
. .... .. .. .. .. ,plotting ln(S T2'/3) vs. 2/(3RT). Using this method, an00.0 100.0 200.0 300.0 400.0 500.0 activation energy of 70 kJ mol- 1 (0.73 eV) was deter-

Time 213, seconds2 /3  mined, which is in good agreement with the value
Fig. 5. Plots of Aau vs. t2/3 for CP-NiAI. determined using the Arrhenius method.

30 4. Discussion

0. 25 4.1. Species responsible for strain aging in NiAIS~/

20 0 - Determination of the species responsible for strain-
aging effects in NiAl can be made by examination of

E 15 the aging behavior of all four alloys. Discontinuous
= 10 yielding, in the form of yield points and yield plateaus,

was observed in CP-NiAl and NiAl-C, while none was
S / -, -o---NiAI. Kobserved in HP-NiAI or NiAl-N following heat treat-

S / - i- -,-- N~-C. 610 K ments known to produce yield points in conventional
0 . ... cast and extruded NiAl [11]. In NiAI-N, the oxygen
100.0 1ooo.o 10000.0 o ooooo.o and nitrogen contents are much higher than those

Time, seconds observed in CP-NiAI, which suggests that nitrogen and
Fig. 6. Plot of Aq. vs. In t for CP-NiAI and NiAI-C at 616 K and oxygen are not the species responsible for the yield
610 K respectively. points observed in NiAI. In addition, no yield point

phenomenon was observed in HP-NiAl. In NiA1-C, it
was observed that longer aging times are required to

only performed at 610 K for NiAI-C, a similar trend of achieve the same yield increment as observed in CP-
higher Aor, with increasing aging time was observed. In NiAI. It is believed that this behavior is a result of the
addition, the time exponent was found to be 0.59, in significant reduction in the concentrations of inter-
agreement with the observations for CP-NiA1. stitials, particularly C. Since there is less carbon to pin

The Aar• vs. log time data for CP-NiAI and NiAI-C dislocations in NiAI-C, the carbon present must,
that were aged for various times at 616 and 610 K, presumably, diffuse longer distances to cause pinning.
respectively, are plotted together in Fig. 6 to illustrate
the influence of carbon concentration on the yield- 4.2. Influence ofprestraining
point return in NiAI. A significant difference in the
magnitudes of' the Aao values is evident, as is an As noted in Section 3, the return of a sharp yield
increase in the time required for yield points to form in point is much more rapid when the specimen has been
NiAI-C. In addition, the saturation stress increment is prestrained uniaxially as opposed to hydrostatically. In
also a function of C content, as would be expected at uniaxially prestrained NiA1, dislocations can cross-slip
low C levels. easily, forming cell structures [16,24] that result in high

In efforts to establish a mechanism for static strain work-hardening rates at room temperature compared
aging in NiAI, apparent activation energies corre- to many metals. As -a result, the dislocations are in
sponding to specific time-dependent aging events (i.e. essence pinned. In contrast, samples pressurized
the activation energy for the return of the lower yield hydrostatically show an even distribution of disloca-
stress was determined where the logarithmic time tions which are not bound in a cell structure [13]. In
dependence was exhibited for the times required to uniaxially prestrained samples, since some of the
achieve a' variety of stress increases) were deduced by dislocations are already locked up in cell structures,
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fewer mobile dislocations are available. Thus, less tion of dislocations by solute). This is not to say that
solute is required to pin the available mobile disloca- precipitation will not occur, but that it was not
tions. In hydrostatically prestrained samples, however, observed within the time-temperature range examined
since more mobile dislocations are available, more for alloys with the specific compositions studied. This
carbon must diffuse "to these dislocations to cause does not preclude such a mechanism in alloys contain-
pinning. As a result, longer aging times are required to ing higher levels of substitutional contaminants
achieve the same yield-point increments observed after [32-34].
uniaxial prestraining. A similar explanation has been Unfortunately, owing to the lack of diffusion data for
applied to strain-aged steels prestrained in directions NiA1, very little can be said about the derived activa-
different to the original tensile direction [25]. tion energies, except that these activation energies lie

below the self-diffusion energies for Ni and Al in NiAl,
4.3. Kinetics ofstrain aging and that they lie below the activation energy for the

creation and motion of vacancies [9], and that they are
At least four different mechanisms have been postu- within the range for interstitial diffusion in bcc transi-

lated to explain strain-aging in metals and alloys. These tion metals [22].
include the formation of Cottrell atmospheres [21],
Snoek ordering [26-28], Suzuki locking [29] and the
precipitation of solute on dislocations [30]. 5. Conclusions

During the early stages of Cottrell locking, the
kinetics of yield-point return normally increase with (1) The yield points observed in conventional-purity
time according to a t213 power law. This relationship and carbon-doped NiAl are the result of strong dis-
was originally deduced by Cottrell and Bilby [21] and location pinning by interstitial carbon. Oxygen and
has been confirmed for a number of systems involving nitrogen levels below 0.035 and 0.09 at.%, respect-
interstitial atoms in transition metals, including Nb-O, ively, do not appear to pin dislocations in NiA! and
Ni-H, Fe-C and Fe-N. The observed log t or therefore do not produce yield-point phenomena.
approximate t2/3 time dependence of Aau in NiAI due (2) The time dependence of strain aging appears to
to carbon is consistent with the Cottrell-Bilby theory, follow a t 213 relationship, which suggests Snoek agingQ which suggests that Cottrell locking is the mechanism and Cottrell locking as the cause for yield points in
responsible for the observed yield points. NiAl.

Snoek ordering of impurity atoms within the stress (3) Hydrostatic prestraining, as opposed to uniaxial
field of a dislocation remains a possible mechanism. In prestraining, delays the kinetics of the yield-point
this case, pinning is completed within the time interval return by forming random networks of free unpinned
of one atomic jump of the species responsible for dislocations which require more diffusion time for
pinning. The observations in this study certainly strong locking to occur.
suggest that Snoek ordering does occur in NiAl. (4) Activation energies for yield-point return ranging
Nakada and Keh [31] have indicated that the apparent from 70 to 76 kJ mol- (0.73-0.79 eV per atom) have
intercept of the A cu vs. t 213 curves is positive when been calculated, which are within the range for the
Snoek ordering occurs prior to Cottrell atmosphere diffusion of interstitials in bcc transition metals.
formation. As this is the case here, it can be concluded
that some degree of Snoek ordering occurs in addition
to the above-mentioned Cottrell locking. Acknowledgments
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Introdutio

Plastic deformation in metallic materials is now generally accepted as the result of the movement of
dislocations through possible barriers to such motion in the crystal structure. The flow stress, i.e., the stress
asociated with a given value of the plastic strain, when viewed as a function of temperature, has been
observed in many instances to decrease from a theoretical maximum at absolute zero to lower values,
eventually leveling off at high temperatmes.

Experimental data typically consist of stress-strain curves generated during deformation in tension or
compression at a constant temprature and a constant strain rate for various temperatures. In addition, many
researPm s also report the change in stress during plastic flow thatis associated with a finite change in the
strain rate during deformation. Of importance in understanding the plastic deformation behavior are: (A)
the value of the stress during plastic flow and (B) the strain rate senitivity of this flow stress.

While the overall trend is for the flow stress to decrease with increasing temperatum and the strain rate
sensitivity in=ases, as the temperature is raised, one sometimes observes localized peaks in the flow stress
vesus temperanne curve. These regimes correspond to dynamic strain aging (DSA) of the material due to
mobile solute atoms. At even higher temperatures, recovery and recrystallization begin to take place. In
order to obtain a better understanding of the strain aging, recovery and recrystallization phenomena under
conditions where the material is undergoing plastic deformation, it is necessary to establish a base line for
the flow-stress versus temperature curve, which can then be subtracted from the actual curve, thus isolating
the effects of interest that are sought for study.

Over the years, various theories have been put forth to account for dislocation movement during plastic
flow under an applied stress and in the presence of obstacles such as interstitial atoms. A common feature
of all of thesetheories is that the flow stres is thought to be the sum of two components. The frst of these
is the effective stress which is thermally activated. The other component is the internal stress which depends
on the elastic modulus of the material The internal stress is athermal and depends on temperature only to

* the extent that the modulus varies with temperature.
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Although the concept of the internal stress is accepted by most researchers, its value has been difficult

to define and measure experimentally. It has been suggested that the value of this stress be taken as the value

of the total flow stress as it reaches a plateau at higher temperatures (1). The problem with this idea is that

in this tempemaire range, there may be other phenomena coming into prominence, such as DSA, due to the

interaction of dislocations with solute atoms. In fact, this view has been the subject of considerable work

by Reed-Hill and coworkers (2) where they account for the plateau by incorporating the DSA stress

components into the total stress.
Ideally, the two components of the flow stress should be evaluated directly from measurements at low

temperatures without resorting to the extrapolation of the higher temperature data where other factors

influence the temperature dependence of the flow stress, thus complicating and possibly invalidating such

an analysis. Qian and Reed-Hill (3) haye proposed one method for accomplishing this objective using swain

rate change data and a kziowledge c(ifie variation of the elastic modulus with tem-peature. What follows

is a refinement of those ideas and a procedure for establishing the required baseline behavior of the flow

stress with minimal experimental effort.

The Power Law Model

The model presented here is based on certain assumptions regarding the dependence of the effective part

of the flow stress on the strain rate and of both the effective and the athermal components on temperature.

Consider a system where the strain rate fits the thermally activated strain rate equation

A RT)

where co is a material constant and H is the activation enthalpy. Hartley (4) suggested that if the force
xerted by a barrier on a dislocation varied inversely as the distance between them, then one can show that

the enthalpy in the above equation takes the form

H= h'O(2)

Activation enthalpies similar in form to that in equation (2) form the basis of other dislocation interaction
models for deformation phenomena (5-6). Combining equations (1) & (2) yields the power law:

(.j(&) 
(3)

The parameter 'n', which increases linearly with temperature in this range in a variety of materials (7-11),
is commonly reported as the strain rate sensitivity exponent and is independent of the flow stress and the
applied strain rate. By contrast, the parameter 'S'. defined below, depends both on the effective stress and
on the strain rate, in addition to being explicitly temperature dependent. Precisely for this reason, a
measurement of'S' provides insight into the temperature dependence of the flow stress as demonstrated in

the application of this model to experimental results, while the strain rate sensitivity exponent suppresses
crucial information with regard to the variation of the flow stress with the applied strain rate.

By assuming typical values for the material parameters H 0 and io as 44kJ and 10a s ' respectively, we
can generate an envelope of curves for the quantities of interest as they vary with temperature, for strain
rates ranging from 10" down to 10' s*'. Figures 1-4 were generated by this scheme. Figure .1 shows the
variation of the enthalpy, HL while figure 2 depicts the variation of 0*.

-- .N: - , . •. , 'o '': ::' ' ' "- ."" . .
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TKSr

The measured flow stress is the sum of the effective stress a* and the internal stress a..

aCT) = a* (T) + oXT) (4)

This model assumes that the effective stress follows a power law when expressed in terms of the applied
strain rate and the testiemperar T, with a theoretical maximum of a,* at absolute zero. It is also assumed
that the internal stress varies directly as the elastic modulus at any temperature, with as the proportionality
constant. Thus,

. . .. " (7 ") = + a .E (5)

In order to extract the various quantities in the above equations, we need, in addition to the a versus T data,
information on the change in stress associated with a strain rate change during deformation at a constant
temperature. This allows us to evaluate 'S' as described below.

IbS Parameter!snn tk TIempertur.T I,
'S' is related to the more commonly used strain rate sensitivity parameter 'n' as follows:

d, o RT. 0.-
jSO ( eoJ (6)

dIn e I1ý HO eo

while

dine a

Figure 3 shows the dependence of 'S on temperature. As already stated, 'S depends on the value of the flow
stress and hence on the applied strain rate, while 'n' contains only the material parameter Ho. The S versus
T curve has a maximum at temperature T. For =periments performed at a given strain ramte, at various
temperanires, the introduction of this temperature T. into the above equations greatly simplifies the algebra
and allows for a straightforward analysis of the experimental data. T. is obtained by setting the derivative
of S in equation (4) equal to zero:

so dht in T (8)

An inspection of equation (3) shows that T. is also the negative reciprocal of the slope of the straight line
representing the In a* versus T curve. Thus. all of the pertinent equations can be recast in terms ofT. as
follows: ,. o;. + j

(9 *.4

Ho :T...B
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andY(T) = .Cp + ,.E ) (10)

The temperature Tv is not a material constant and increases with as shown in figure 4.

Elyalution ofTLn. e and j. from Eperimental Data

Equations (9) & (10) enable the calculation of the requisite material parameters from data at just two
different temperatures. This is illustrated using contrived data from hypothetical tensile tests per-formed at
room temperature (298K) and in a liquid nitrogen bath (77K). Let the values of the flow stress at 77 and
298K be 882 and 379 MPa respectivtly, for an applied strain rate of 2x 10 " s'". Further, when the strain rate
is increased fivefold to 10' 2s' ,let the observed change in stress be 17.9 and 24.1 MPa. so that S- = 11.1
and S2 = 15.0 MPa. Also, let the elastic modulus at these temperatures be E77= 239.6 GPa and E• = 226.3
GPa.

If we write equation (9) for the two temperatures and divide:S|/S2= (T I/T 2)O. exp [- (TI -T2) or
(11.1/15) = (77i298). exp [(298-77)1r, I so that TB = 210 0 K. Using this value of T9 , equation (10) can be
solved simultaneously for o * and a, yielding 1110 MPa and 0.05 respectively. Plugging these values back
into equation (9) gives HW = 44 kJ. Finally, from equation (8). the value c. of for the experimental strain rate
of 2xl0'3 s is l.7xl10s'. Figure 5 shows the variation of S with T and figure 6 graphs the effective stress
versus temperature for this material.

Note that this analysis provides the researcher with the necessary values of the key quantities from
measurements at two temperatures, even though the complete picture, namely the variation of the flow stress
and of the elastic modulus (and hence the internal stress), is not available. In principle, the experiments
should be carried out at a number of temperatures and in this case, a complete characterization becomes
possible using the analysis shown below.

Nonlinear Parametric Analysis

When the experiments are performed at more than two temperatures, the task of finding T 1, o 0*. oH 0
and e. from equations (9) and (10) becomes one of statistically evaluating the best fitting values rather than
the exact solutions for these unknowns. The first step In this parametric analysis is to establish the value of
"T1. This is done by recasting equation (9) in the form and finding the values of o, and T. that best fit the

The dependence of E on T must be available either as a discrete set of values at the appropriate test
temperatures or in a functional form, E(T) = fiT). The function f may have any number of parameters. For
example, a straight line relationship would contain the slope and the intercept as the parameters. The
function may also be defined piecewise for various temperature ranges (this is useful because it has often
been observed that E increases linearly with decreasing T, eventually leveling off at temperatures close to
absolute zero). In the former case, equation (10) can be used as is to find the statistical best fit for oo* and

S = O.T. exp (- ) =( .A) ( 01)

'Actually an accurate rendition of'S' when the stain rate change is finite would be:

S -- A In " = k - F 1 .a . Xp T
A W4(. A n (C) 'k- I nk -ft)

The implications of values of k other than I on the value of'S' are being explored at this writing.
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a. In the latter case, since this model assumes that 0E is proportional to E at all temperatures, the functional
dependence of on T is a scalar multiple of that of E on T. Therefore, we only need to replace aA.E() in
equation (10) with fMi) to obtain the necessary parameter values.

Finally. having established the values of ao, and T3. HW is obtained from the slope of the straight line
fit between the strain rate sensitivity n (=S-a 0*) and T (see equation (7)). The value of co is ascertained from
equation (8) by inserting the appropriate value of the applied strain rate.

The procedure outlino above is illustrated by analyzing the data of Fries CL al. (11,12) on commercially
pure niobium. The model values for the pertinent parameters are:

HO = 24670± 23201; i0 = 4.7x109s; T. = 121.2± 8K; oo* = 11 12t± 17 Mpa and oa = 85.3 ± 7 Mpa

Figures (7) and (8) compare the calculated and experimental values of'S' and as a function of T.
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Introduction

"A recently revised model (1,2) for the tensile deformation of bcc CP niobium described very well both the
temperature and strain-rate dependence of the flow stress in this grade of niobium. It was also able to ra-
tionalize the plateau in the flow stress-temperature diagram of this metal in terms of the dynamic strain aging
stresses due to oxygen, carbon and nitrogen. The present paper deals with an application of this model to a
hcp metal system using the A-70 CP titanium data of Okazaki and Conrad (3). The basic assumption of this
model is that the effective stress, in the absence of dynamic strain aging, obeys the power law

(.'" (1)

where o* is the effective stress, a *. the effective stress at 0 K, i the applied strain-rate, d. a material constant
equivalent to the strain-rate that makes a* a * at any temperature, R the international gas constant, Tthe
Kelvin temperature, and!If a constant with energy units. The effective stress is defined by a* a= - o, where
a is the applied stress and oa the long range internal or athermal stress whose temperature dependence follows
that of the tensile modulus. It can easily be shown that if the effective stress obeys Eq. 1, the activation
enthalpy, in the thermally activated strain rate equation, t =4. exp(- H/Ri), is H = H In (a*/o *). If the power
law controls the effective stress, it is also easily demonstrated that the strain-rate sensitivity parameter, S, is

do .(RTIH 0)xo

dln( J (2)

Note that Scan be evaluated empirically with the aid of constant temperature strain-rate change experiments.
However, it should be noted that the data points thus obtained involve a finite change in strain-rate usually of
the order of five or ten times whereas Eq. 2 is based on an infinitesimal change in k_ This means that the
experimental data points require a small adjustment in order to be compared with Eq. 2. This has been done

157
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( in Fig. 1 (A). There is an alternative strain rate sensitivity parameter n d In o*/d In t so that S= no* and
a linear plot of n versus T should yield a straight line whose slope is RlH*.

It is also true that taking the logarithm of both sides of Eq. 1 yields

RT I0- In 00 (3)

Thus, the power law predicts that a In o* vs. Tplot should yield a straight line with a slope of (RMH*)ln C/,).
This slope is negative because t is smaller than k. A useful tool for analyzing experimental data with respect
to the power law in Eq. I is a plot of the strain-rate sensitivity parameter S with respect to temperature, T. The
S vs. T plot shown in Fig. I(A) is that for the Ti A-70 data. Note that S is zero at 0 K, rises rapidly to a
maximum at an intermediate temperature, and then decreases with increasing temperature. Both the
temperature and magnitude of the maximum in S are significant. It has been shown (4,5) that, if there is
sufficient data, the magnitudes of these parameters can be estimated from an empirical plot of the S-T data as
in Fig. 1 (A). Assuming a zero entropy of activation, the experimental plot of the S vs. T data can also be used
to evaluate the internal stress at 0 K (5) i.e. oz., using the relation (2)

0 I° e a TZS:i : GE. " - E / , (4)
I1-c (ETIE.)

where oais the internal stress at 0 K, a, the applied stress at 0 K, determined by extrapolation, e the base of
natural logarithms, or, the applied stress at the temperature of the strain-rate sensitivity maximum, ErT the
elastic modulus at the temperature of the strain-rate sensitivity maximum and E, the value of the elastic

(A) (B)

0 too zooe 3 4*0 sMo too. "a 8" a Io too zoo 3o* 400 3o n0 . loe too "
Temperature. K Temperature. K

.•(C) (D)

o

a • 4 e" z moo 34 l. a 400 1o. m ~ o • 30 4o e o o
Temperature. K Temperature. K

Figure 1. CP Titanium A-70. Grain Size 16j.L'C= 3.34 X 104. Data ofK. Okaak and ILI Conrad, Act° Met., vol. 21, p. I1117 (1973).
Plots forH* ff 50,160 J/mole and e, 3.41 x 101. (A) Strain Rate Sensitivity, Svs. T, (B) Flow Stes vs. T, (C) Log Effective Stressvs.T,()nvs. T.

(0
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(modulus at 0 K. The flow stress at 0 K was estimated by extrapolation to be about 1,324 MPa. The 4.2 K flow
stress data point would appear to be in disagreement with this extrapolation. However, at 4.2 K, plastic
deformation involves serrated flow because, at this very low temperature, the flow stress falls rapidly with
increasing temperature and the heat capacity of the metal is very low. Thus, as a metal starts to deform locally,
the heat produced there causes a rapid drop in the flow stress which localizes the deformation. The excess
plastic flow in this region causes work hardening which quickly stops the deformation. The entire sequence
is then repeated over and over again. Thus, plastic flow at 4 K is discontinuous and difficult to relate to
continuous flow so that flow stress measurements at 4 K are difficult to evaluate. The temperature dependence
of the elastic modulus was assumed to be the same as that reported by de Meester, Doner, and Conrad (6) for
Ti-6AI-4V an assumption consistent with the limited titanium modulus data in the literature. The Ti-6AI-4V
modulus data covers the temperature range from 78 to 500 K and, within this region, Young's modulus varies
nearly linearly with a slope dEldT = 0.0062 GPa/K. In the following, this temperature dependence of th;.;_
modulus was then assumed to hold between 0 and 800 K. With the aid of this information and Eq. 4, it was
determined that 0o, = 70 MPa and that the internal stress between 0 and 800 K could be expressed by
04, = 70 - 0.0034 TMPa. The dashed line at the bottom of Fig. 1 (B) shows the temperature variation of the
internal stress as given by this latter equation.

"Determination of the Power Law Parameters

It was mentioned earlier that the coordinates of the strain-rate sensitivity peak of the S vs. T diagram are
important. This is because it has been demonstrated (1) that T, is the negative reciprocal of the slope of the
In o* vs. T diagram. For these Ti A-70 data, as may be seen in Fig. I(A), T, = 238 K. Further,

TB "- -- × (5)

Q It can also be shown that if T, is substituted intoEq. 2 one may obtain

"= 0 (6)
e x In (/,

According to Fig. I(A), S.,, = 18MPa and since i, the applied strain-rate, was 3.34 x 10"' s.' and o* a = -
04 = 1,324 - 70 = 1,254 MPa the only unknowns in Eqs. 5 and 6 are H0 and t.. Solving Eqs. 5 and 6 simul-
taneously gives

H 0 - 50,160 J/mol and k -" 3.41 x 107 s1 (7)

Discussion

The curves in Figs. 1 (A) to 1(D) were drawn with a computer using the equations in this paper. The
parameters involved in or determined by these equations are listed in Table 1. As may be seen in Fig. 1, the
power law and its derived equations are in good agreement with the experimental A-70 titanium data up to
about 500 K. Above this temperature there are deviations. However, at 500 K and a strain-rate of 3.34 x 10"1
s -', CP titanium begins to show evidence of dynamic strain aging and therefore a dynamic strain aging stress
component, oa,, should be added to the flow stress so that the total flow stress becomes o = a* + oa + oa.
Since titanium is a close packed hexagonal metal in which interstitial atoms are believed to occupy octahedral
sites, the lattice strains that the interstitial atoms interstitial-subtitutional solute atom pairs that produce
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TABLE IS .. . TBLEao.= 1,324 A-Pa t 3.34 x 1 0.4 Y.'

Oz. - 70 A'Pa k-3.41 x.10d'~

oz = 70 - 0.0033TMPa H° = 50,160, J/mole

ellipsoidal strain fields in the hcp crystal lattice (7,8) and stress induced reorientations of these i-s pairs are
considered to involve the jumps of the interstitial atom. Furthermore, if it is assumed that the jump rate of the
interstitial atoms are not significantly affected by the substitutional solute atom of the pairs, then it should be
possible to use conventional volume diffusion data in the strain aging calculations (7). In this regard, the initial
jump can be very rapid and analogous to the Snoek effect in bee metals containing inters~titials and therefore
able to produce strain aging similar to Snoek strain aging in the bcc metals. On the other 1•., the long range

diffusion of interstitials to form pinning atmospheres around dislocations (i.e. Cottrell strain-aging in b.c.c.
metals) is bound to be much slower as evidenced by the analogous case of strain aging in Nickel-200
containing interstitial carbon atoms (9). It is believed that in Ni-200 strain aging involves carbon atom-
vacancy pairs and the long range strain aging has a time dependence of about tP' as contrasted to the I' time
dependence in Cottrell aging. Thus, it is believed that, in the present case, one should be able to ignore this
latter form of strain aging and concentrate on the strain aging involving the initialreordering of the i-s pairs.
The A-70 Ti used by Okazaki and Conrad had an average composition in ppm by weight of 2646 oxygen, 103
nitrogen, and 80 carbon. Because the oxygen concentration far exceeded that of the other two interstitials, it
was decided to limit the strain aging calculations to a consideration of those due only to oxygen. The diffusion
coefficient of oxygen in titanium is given by David, Beranger, and Garcia (10) as

D - D, exp (- QIRT) (8)

where D is the diffusion coefficient of oxygen in titanium, D. = 4.5 x 10" mIs, Q = 201,000 J/mol.,R 8.415
( J/mol and T the Kelvin temperature. In a bee. metal the internal friction or Snoek relaxation time of the

interstitial atom can be related to its interstitial diffusion coefficient by the equation

c: a2 2
D- a " a2 vr (9)

'r

where D is the interstitial atom diffuision coefficient, a a geometrical constant which for the bee lattice is 1/36,
a the bee atom diameter, T, the Snoek torsion pendulum relaxation time and v, = I/H, the relaxation frequency.
All interstitial atom jumps in the bee lattice are equivalent. In the hep lattice this is not true and one has to
differentiate between jumps made in the basal plane and those occuring parallel to the c axis or normal to the
basal plane (12,13,14,15). It is possible for interstitial atom of an interstitial-substitiutional atom pair to make
both tpes ofjumps. It has been demonstrated (15) that for data obtained with a torsion pendelum with a hcp
metal wire the mean relaxation frequency for jumps of the interstitial atoms of i-s pair is given by

'-_ - 3vi + v2 (10)

whereT is the mean relaxation frequency of a hcp metal as measured with a torsion pendulum while v I and
v2 are the jump frequencies of the interstitial atoms of i-s pairs in the basal plane and along the basal plane
normal respectively. These jump frequencies are not the same but are probably related so that Moore (15)
assumed

V2 - YV1 (11)
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where y is a constant which for oxygen jumps around substitutional impurities in several hcp metals was
deduced empirically (15) to be close to 2.0. The basic problem now is to determine an equation relating the
experimental diffusion coefficient for oxygen in titanium, D, to the mean relaxation frequency 1, as
determined using the vilbration frequency at the internal friction maximuma This problem has been addressed
by Moore (15) and involves the assumptions (1) that tlhe relaxation is caused by the jumping of the interstitial
atoms while the substitutional atoms remain immobile, (2) only interstitial atom jumps along the a and c
directions are possible and, (3) all ajumps have the frequency, v , and all c jumps have the frequency, v2. This
led to the following equation

2
+ C

D - - a 2  12 a (12).

where Dis the oxygen diffusion coefficient, X. the mean interstitial atom relaxation frequency, a the distance
between atom centers along a close packed direction in the basal plane, c the height of the hcp unit cell, and
y the constant defined in Eq. 11. When the values of the parameters a = 2.950 x 10" m, c = 4.683 x 10-10 *
y =2.0, D, 4.5 x 105 m 21s and Q =2.01 x 101 J/mole are inserted into Eq. 12, one obtains

""da .- 5.493 x 10"16 exp (2.01 x 105/RT)s (13)

The above relaxation time corresponds to that observed in a torsion pendulum. However, it has been found
(16) that the relaxation time associated with bec strain aging, -r,,, is normally about 1/4 that obtained with the
torsion pendulum. This follows from the fact that the stress field near a dislocation is much higher than that
normally existing in a torsion pendulum. Assuming that this ratio also applies to hcp strain aging one has

( 1 .-1.373 x 10-16 exp (2.01 x 105IRT)s (14)

and in analogy with Snoek strain aging (I) we may write

a d . x (T7d0 X)J 1 -(xp (SoowJJ (15)

where t, is the waiting time of the dislocation at an obstacle before thermal activation causes it to pass the
obstacle, and T,,the DSA mean relaxation time of an oxygen atom. There are two parameters in Eq. 13 that
need to be evaluated t,, and oa,,,. The former, t,, was taken as 0.33 s so that the dynamic strain aging stress
would conform to the fact that at a strain rate of 3.34 x 101 k' the oxygen dynamic strain aging component
would become measurable at about 550 K in agreement with Santhanam's observations (17). It should also
be pointed out that this waiting time compares well with the 0.1 s1 value used in Ref. 1 which involved
niobium specimens deformed ata strain rate of 1.1 x 10 s-1 since the ratio of the strain rates is the same as the
ratio of the waiting times. The parameter ad.. was taken as 11 MPa (normalized to 500 K, See Ref. (1)).
When o,, is added to the flow stress, one obtains the result shown in Figs. 1(B) and 1 (C). In both figures note
that adding the dynamic strain aging stress, o,a, to a* + oa accounts for the data points that lie above the
o* + a curve in the plateau region. In this plateau region the value of a* + a, is shown by a dashed line in
each plot. It should also be pointed out that dynamic strain aging adds a component, Sd, to the strain-rate
sensitivity. This may be determined by taking the derivative of oa with respect to In t (See Eq. 15)

Qi
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.& 
d..-..ex 

T 0

d__ In le TB,~xx( (1- ~ ~ ~ s (16)

Note that S. is negative. The dip in Fig. 1 (A) which shows the curve for the temperature dependence of the
strain-rate sensitivity, S corresponds to the effect of oxygen DSA on the strain-rate sensitivity and helps to
explain the low value of S at 650 K. The reason for the other low S data point at 500 K is unexplained at this
time.

Summary

(1) Using the power law equation, o* = * x (tk•)•'°, the material parameters for a CP titanium system
were evaluated with values oc = 1,324 MPa,d. = 4.01 x 107 s-1, and Ho = 50,160 J/mol. The resulting
power law equation was able to yield curves that followed the temperature dependence of the internal
stress, the total flow stress and the strain-rate sensitivity S with considerable precision to approximately
500 K.

"(2) It was also demonstrated that it is possible to explain quantitatively the plateau in the flow stress-
temperature diagram above 500 K by assuming the flow stress in this region is the sum of three com-
ponent stresses; the internal stress, the effective stress and a dynamic strain aging stress due to oxygen.

(3) It was further shown that a drop in the strain rate sensitivity parameter, S, at 650 K could be explained
by the present treatment.
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ABSTRACT

The influence of ironcn: thc the mnicrostructure .-nd properties of 132 NiAI has been in'etipa:ed
%. using ele~ctrical resist;.ity. magnetic susceptibility. nticrohardness and transmission tlei~i-n

microscop' The re'istivity data suggest that quenched-in vacancies (1) enhan.:e iron
rearrangement at lox% :emrpcratures (600.SciO K, and (2) annihilate above 800 K. Thc't elff'zi,
depend strongly on N: Al ratio and are greatest for Ni/Ai=l. It is also shown that tlheSe da.ta
correlate directly with -.e results obtained u.ling the other experimental techniques,

INTRODUCTION

The influence ot ir,ýn on the mechanical properties (e.g.. dluctility of NiAI has been it.- sub ect
of considerable contro' ersy over the past few years since Darolia' reported dluctility enhan:ements
in soft-oriented NiAI :-:n-le crystals containing smiall additions of iron. gallium and mol\ 7dentzn.
This microalloying effect remains poorly unders-ood in spite of the considerable amoun: .)f \%wrk
aimed at elucidatins! :t. Macroallovine with -ron has also been investigated as a nneaný. of
increasine ductility an,: toughness eith~er bý introducing a ductile second phase or by mod:--.ing :he
slip svstemis.-,

In order to obtain. a better understanding of' the effects of iron on the properties 0' NiA.. a
systematic stud\ of' iiý effects on both the physý. al and mechanical properties of NiAI '-is b'een
undertaken. Ot spec:;ic interest is the ir.:eactuan of point defects (thermal and con-.:-tutionial
vacancies and anti-site atoms) wvith iron atomrs and how point defect concentrations "ar' .-, ith ;-on
content, substitution sc:heme (for Ni. for A! and for both Ni and Al) and temperature. Intiially. :he
effects of thermal hist*'rv on resistivity. rni;netic properties and microhardness have bec- stuc:ed
in an effort to provide insight as to how iron sucýtitutes in the lattice and influences itr ove-.ill

* defect behavior and ie~han'ical properties
N,

EXPERIMENTAL[

The alloys used ir. this study (see Table 1) -.%ere prepared using 99.95% Ni shot. 9ý- %)91-, Al
Pellets and 99.9r- Fe All in weigiht percent, by nz'n-consumable arc melting and drop ca':.ne tr..o a
12 mm diameter x 40 mmr long copper chill moiJ. All casting, were homogenized at 1--3 K for
24 h in purified argon aind then water quenched. S ubsequentliy. each alloy was annealed ~r 20 :min
at Successively incriea~:ng temperatures and then cooled to RT for the resistivity tests. Tht sainnle"
for resistivity nmeasurements were cut into 1. 1 mm thickness strips by electro-dischargc :-::achintn9
(EDM). The* resistan~e was measured b\ *,he four-point probe method at room tempecr-tire .±fter
the annealing treatmnetts described abo'e. Only changes in resistivity are reported 4ince the
absolute \-al ues deper.d not only on iron content but also on grain size and test tempera! -re v\`,ch
varied around RT. Fo.r the magenetic susceptibility measurements. the vibrating samp.e! method
was used on cylindrica.l specimens 2 mm diameter by 6 mm long. Microstructural an.;.sis w-as
Performed on selected samples using both optical and transmission electron microscop:.*(TEM).
the latter usine either ai JEOL 4000Fk or a JEOL 200CX microscope. The TEM sarr.:'leis -.%ere
prepared by twitn jet ;.lectropolishing in a~ solution of 10% perchloric acid.90% but( \'ve*,h.nol
solution at O'C an~d 2 Volts. Finally. V ickers niicrohardness measurements were maze" uS:n a
Buehler Micromiet I I .ith a load of 0.5 Ue.
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Table I. Nominal composition of the alloys (atom %). • " '* *> '

Alloy Ni Al Fe
% NiA 50 50

Ni 46AI 54 46
Ni 54AI 46 54
NiAI 0.5Fe 49.75 49.75 0.5
NiAI 3Fe 48.5 48.5 3
NiAI 6Fc 47 47 6
NiAI 12Fe 44 44 12
Ni 38AI 12Fe 50 38 12

NI NI

(mNiAl 127c) )0

Fe 90 g 0 70 60 SO Fe 90 so 70 60 50

am% Fe Wam Fe
(a) (b)

Fig. I Ni-AI-Fc ternary isotherms at 1223 K (a) and 1035.,K (b). Note that NiAI-12Fc is located in
the 0 single phase field at 1223 K and near the two phase 03 + 032 phase field at 1023K 4.

RESULTS AND DISCUSSION

"A plot of the RT resistivity vs. annealing temperature for the binary NiAI alloys is shown in
Fig. 2. As can be seen, the resistivity decreased significantly starting at 800 K in the
stoichiometric NiAI alloy upon annealing while the off-stoichiometry alloys showcd little change
except for a slight drop at considerably higher temperatures (-1050 K). Since NiAI is an
intermetallic compound. it.is anticipated that the electrical resistivity is dctcrmincd primarily by the
scattering of electrons by lattice defects. This suggests that the drop in resistivity in stoichiometric
NiAI is probably related to vacancy annihilation. Likewise, the lack of a drop in the off-
stoichiometric alloys suggests that the constitutional defects either hinder the formation of thermal
vacancies or retard the annihilation process. Alternatively, this result may imply that the thermal
vacancy concentration is negligible compared with the constitutional defects such that their i
annihilation during annealing has negligible effects on the overall resistivity. For example, if one
assumes that the resistivity drop varies linearly with thermal vacancy concentration, then the Ni.
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whic has1 89 l d dl K--j54AI alloy, wihasapproximately 8% constitutional vacancies, is not expected to display a1
significant change during annealing.

For the NiAI-l2Fe alloy (Ni/Al = 1), the resistivity decreases rapidly at -600K and reaches a
miinimum at 800K (Fig. 3). The other feature of interest is the relatively rapid increase in the
resistivity above 800K which occurs at a considerably lower temperature than the less rapid
increase observed above 1000 K in stoichiomctric NiAL. TEM analysis of the l2Fe samples aged
over this temperature range revealed the development of fine coherent precipitates which appeared
to be disordered in nature (Fig. 4 ). This implies that thc increase in resistivity at 800K in the
NiAI-l2Fe alloy correlates directly with the formation of disordered bcc precipitates in agreement
with the phasd'diagrams in Fig. 1. However, a similar increase in the 6Fe alloy, which is believed
to be within the single B2 phase field, makes this interpretation questionable. A more probable
scenario involves the rearrangement of the iron atoms at the lower temperatures as suggested by
FA5 This rearrangement requires diffusion of vacancies and is probably enhanced' by any
quenched-in vacancies present as a result of' thc specific heat treatment employed. How this
rearrangement leads to a drop in resistivity is unclear although it is possible that vacancy-iroin
binding occurs during the annealing treatment leading to the resistivity changes observed.

- NI46A;1
-*-ISAl

O31 NA112Fe

.3. 01P

S00 go0 700 g00 t00 1000 1100 1200 g00 Go0 700 g00 S00 1000 1100 1200
Annealing t..np~ealure (K) Annealing lemperaturo (K)

Fig. 2 Resistivity vs. annealing temperature Fig. 3 Resistivity vs. annealing temperature
in the binary NiAI alloys, in the ternary Ni-Al-Fe alloys..

Consistent with the results in the off-stoichiometric binary alloys in which a similar drop in
resistivity due to vacancy annihilation was not observed, the off-stoichiometric ternary alloys (e.g..
Ni-38AI1-2Fe in Fig. 3) also displayed no significant change in resistivity over the temperature
range investigated (i.e., to 1200 K). This supports the contention that the thermal vacancies are a
relatively small fraction of the total number of constitutional defects and/or that their annihilation f
has a negligible effect on rcsistivity. Hlowever. it is intcrcsting to consider the effects of iron
substitution scheme on site occupation and both thermal and constitutional defects. For example,
the ternary substitutional atoms tend to favor one sublattice over the other in strongly ordered
compounds such as NiAL Previous studies indicated that iron prefers nickel sites due to the. small
difference in their atom sizes. More recently however, it was shown using the ALCHEMI
technique 6 that, in alloys with Fe substituted for Ni, approximately 95% of the iron occupies Ni
sites while in a Ni-40A1-lOFc alloy (iron substituted nominally for Al), 75% of the iron occupies
Al sites. Furthermore, Fu5 showed recently that the site occupation is a function of temperature
which might explain some of the magnetic susceptibility measurements described below.

In an effort to further investigate these effects, alloys containing smaller iron, additions (0.5. 3,
and 6 atom percent) with Ni/Al = I were prepared and heat treated in a similar manner.
Interest~ingly, the resisitivity of the 0.5 Fe alloy decreased with annealing temperature althoujgh the
effect was considerably less than in hoth the sinichioinctric NiAI and NiAI-l2Fc alloys (Fig.5).
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kiiiete.ial Oi iii~ttle This nhiy imply that the resI~vt% y.nei teimdpe iiv depencs

a. b

' .h4& 
4

-%04I

.4

4. 4

Fig. 4 Vark ficid transmission electron micrographs (9= I OUNIAI near 13=1001 I I in the NiAl- l2Fe
alloy alter (a) 1473 K. 24IiIWQ :(h) 1473 K, 24h.IWQ + 873 K 20 minii (c) 1473 K.
24h/WQ + 873 K 72h. rhe light regions arc the B2 matrix and the dark regions correspond
the disordered buc precipitates

The rcmilts fidi theiiteroltardticss mteastrcintttils iire lisplayed ill FIp.. 0. Fo div the iic alloys
investigated, the inicrohardnesses all appecared to showd~ peak in hairdniess aiter anniieainiig ait 873K
atliiiiigli the small peak lin the hi nary alloy is suspect and may lie w ,it liin lite scatter i ll the
c~xileriiiiciitil dalia. Ill additioii. the iromldoped alloys were harder thtan biiiaiy si in uiiietzic NiAI
convust iei with the hehavior expected haisecl on prev'iomls sud ics. W hen the iiiicrobadia Iess dlata wre
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bec mescle r tattil 1111"l'cssPeik' t /3 K IIII IL. -sloldlitillIC1lIL11 44 Ilm Lit)L4.I. adi4Y I"~ tti11l'tINII 114

will, the lllcleasc inI res"sivily C;auSCed hV 1111 piccilmlallon of the disordered ~3phase during

.unnlcalullg (SNet lio 7)

N 3B.1N

aI'm

:~iro MAI .4

49-90-171' MAI

500 60.0 700 11110 000 10 00 1 100 121) 0 70 4l)000 600 o 1000 1200

Annealing lam1peral11Jt K) A11110014419 Taiporalufo 1K)

Fig. 5 Recsistivity v1. ;IIIneVilng lLII1IeratIlleI fill F[" 0 Ho1rdlies" ol selected ailloys

ailloys WA'illi fitllciclt IVk le-VIL-I and1 NMI/ I V,.. all1lcalilng villporattire

-,N 38Ail2F*(A) jN
7

ý¶1'C a:I

44~~e 4,..N3AI42F4.

6 0 60 T 09 a00 100 1 tol1 7U 200 300 400 50 600 700 go0 g00

AnaiglmeaueK)Annealing Tampealute (K) I
Fi.7Rssi itand hadls higsof' Fig 8 Maginehic Susceptibility of' NiAIR

NiAIFe alloys vs rnaigtempeldiure allIoys vs. ainneal ing temperature.

Finally, thle ma1.gnletic LSUItlil o tileleil y alloys4 iIndIicaUte 11111il Ills lechiiii~jte I" SelISliIVC k
minor changes in either precipitate l'orimatl iOr oile OCCUlpallot) (i.e.. IL! 01) Ni vs. A) sile. ) A'

seen in Fig. 8, the susceptibilities of the ternary NiAI- 121-- and Ni-39AI- l2FI: alloys were abOutl ail

order of magnitude higher than those of the Ni-50AI1l2Fe (Fe for Ni) alloys. Furthermore. the

NiAI- I 2Fc alloy becomes ferromagnetic above -673 K while thle other ailloys. susceptibihities did

not change significantly with anneialinig I tealmciil The reason f'or thle change to l~erronIa)gnetieL

behavior is utukiowii alihoutgl tthere ark. at least twvo plausible vsplanat ions. First of'all, Kotivl 7 1

s.uggested that, in Fec-Al ordered conmpounds, tile nearest neighbor site occupationi influenices thc

size of, thle magnetic domawins than more dtisiait site%. This probahly explains thle highei

susceptibility of the Ni-38A1- I 2[e alloy IivcrI hai ofi tlii Ni. 5lAl- 1 2V alloiy sincc. in tile tlflhlVI'. 11

is more. likely that thie iront aloms will sit on Al iivs, ;ind( have Ni ais their nearesti neighbors and



thereby form more Fe-Ni bonds. The second possibility that may explain the increase in magnetic
susceptibility involves the precipitation of a ferromagnetic second phase. Unfortunately, .c .. .
precipitates were not apparent after the 20 minute heat treatment at 873 K in spite of the change to y., ..

ferromagnetic behavior. This may suggest that the precipitates are extremely fine and difficult to
observe due to the small mismatch (aNiAt = 0.2887 nm, aFe=0.2 86 6 nm) and the similar crystal 4
structure of the disordered and ordered phases. In either case, it is clear that further work is
required to understand the behavior of this class of alloys.

SUMMARY

In binary1iA] alloys, only the stoichiometric alloy displIys a significant drop in resistivity during
annealing. This drop is believed to correspond to vacancy annihilation...

Iron leads to considerable resistivity changes when substituted for both elements (Ni/Al= I). It was
speculated that this change is related to iron rearrangement and possble iron-vacancy binding in
these alloys. For the other NiAIFe alloys, iron has little effect on resistivity and magnetic behavior.

The magnetic and microhardness properties of the iron-doped alloys displayed a similar effect to
the resistivity indicating that iron has the greatest effect when Ni/Al = I.

TEM analysis revealed the formation of bcc iron precipitates in the NiAII2Fe alloy when annealed
at temperatures above 873K. These precipitates appear to account for the ferromagnetic properties
and the changes in microhardness in this alloy.
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I,> THE INFLUENCE OF Mo ON THE PHYSICAL AND-MECHANICAL PROPERTIES
OF SINGLE CRYSTALLINE NiAI '" '

"J. Hu, V. Levit and M. J. Kaufman
Dept. of Materials Science and Engineering, University of Florida, Gainesville, FL3261 I

ABSTRACT

The room and elevated temperature (300"C and 600"C) tensile properties of single
crystalline NiAl with and'without molybdenum additions have been investigated. It is shown
that 0.2at% molybdenum has a considerable influence on the mechanical properties of NiAI and
this influence is sensitive to heat treatment. At room temperature, the ductility of the Mo-doped
alloy was higher than the binary NiAI after appropriate heat treatment. Furthermore, the
elongations observed are highest at 300'C and are related to greater uniformity of deformation.

INTRODUCTION

NiAI alloys have drawn considerable attention in recent years owing to their potential
"application as high temperature materials. Unfortunately, stoichiometric NiAI and its alloys tend
to be quite brittle at room temperature and weak at all temperatures: these deficiencies have
prevented the application of these alloys. Many approaches have been attempted to increase the
room temperature ductility. For example, the results reported by Darolia. et al. II) suggest
improvements in room temperature ductility in single crystalline NiAI microalloyed with Fe. Mo.
and Ga. Howe\er. there is essentially no agreement concerning the role of these elements jn
spite of the considerable efforts to elucidate such behavior. Consequently. a further
understanding of the mechanisms responsible for this increase should be beneficial to the
development of NiAl alloys. Although the alloys inicroalloyed with iron have been studied to a
significant extent 12,3]. the Mo-doped NiAI alloys have been largely ignored due to the lesser
ductility increase (1.9% vs. 5.9%) The purpose of the present work is to provide more insight
into the effects of Mo on the physical and mechanical properties and microstructures of single
crystalline NiAI. To accomplish,- this goal, the tensile properties of single crystalline
stoichiometric NiAi and NiAI-0.2Mo (at%) after different heat treatments were measured. In
addition, the fracture surfaces and microstructures were investigated by various methods.

EXPERIMENTAL

The feedstock materials used for growing single crystals were prepared from high purity
elements by non-consumable arc melting under purified argon. Single crystals of stoichiometric
NiAI and NiAI-0.2Mo were prepared by Bridgman growth in alumina crucibles and
homogenized at 1300'C for 24 h followed by furnace cooling. The resulting crystals were
oriented using the back reflection Laue method and tensile specimens were EDM cut with the
tensile axis -5- from <135>. These specimens were rectangular in cro,;s section (I.4x2.2mm)
with a gage length of approximately 12 mm. After EDM cutting. the specimens were heat
treated in purified Ar. The heat treatment schedules were chosen based on the results of
resistivity meamirement, made on high purity stoichiometric single crystalline NiAI and NiAI-
0.2 Mo. All tensile specimens were electropolished in a 10% perchloric acid-90%methanol
solution after heat treatment. Tensile tests were carried out on an Instron Model 1125 machine in
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air at room temperature, 300*C and 600*C with a constant cross-head speed correspodn oa
A initial strain rateoflI x 10-4s- .

TEM specimens were prepared by cutting 3.0 mm diameter rods by EDM from the bulk
materials and then, after heat treatment, cutting into discs of 0.6 mm thickness using a low speed
SiC saw before finally grinding to about 120 g~m thick. The discs were then jet-polished with a
solution of 70% ethanol. 14% distilled water, 10% butylcellusolvc and 6% perchloric acid at
00C. TEM analysis was conducted on a JEOL-200CX microscope and SEM analysis on a JSM-
6400. The electrical resistivities were measured at 4.2K by standard potentiometric methods.

RESULTS'

TnileBehivio

The tensile properties and their dependence on heat treatment are summarized in Table 1.
It is found that heat treatment has little effect on the tensile properties of stoichiometric NiAI at
all threc test tcmperatures. On the contrary, the properties of NiAI-0,2Mo appear to be sensitive
to the heat treatment conditions when tested at room temperature and 300'C. When tested at
room temperature. stoichiometric NiAI had a plastic elongation of about 2% and a yield stress of
about 210 MPa regardless of the heat treatment procedui~s while NiAI-0.2Mo displayed smaller
elongation and lower yield stress (-280 MPa) in the 1 150'C quenched state and good ductility
(-3.3%) and highest yield strength (-340 MPa) in the 600*C annealed state. Also worth noting
is that NiAI-0.2Mo has the highest room temperature plastic elongation (-5.3%) and moderate
yield stress (- 180 MPa) in the 1300'C/FC state and appears to exhibit a yield point in the 300*C
annealed state.

Upon testing at 300"C. stoichioimetric NiAI exhibited large plastic elongations (-100%)
with similar yield stresses while NiAI-0.2Mo also showed considerable elongation (50-70%) for

TABLE 1. Tensile iest data on < 135> oriented NiAI and NiAI-tJ.2Mo

'I etl; Alloy Het l.21Y Yield UTS Plastic Strain
temnperature treatment* Strength, (MPa)(%

__________ _________ __________ (Mpa) ____________

R T............. ................... .................. ................... 2 76................ .. .................
b 219 285 2.1

NiAI-0,2Mo a 27328 0.6.......

C339& -- 459 .33
_______1300*C/1C 178 328 5.3

b 129 381 100
C 96 298 100

NiA-0.2Mvo a 151 - 241 59
b 142 324 66

_______________ c238 303 11

600TC NiAI aj 43 61 40
.I C 39 45 24

______ C 212 231 16

(a) I 1S0*C/0.Sh/WQ; (b) I I50*C/O.5h/WQ+300*C/Ih/WQ; (c) I ISO*C/0.5h/WQ+600 0*CIlh/WQ
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*77tsamrples afe 11I5O 0CIWQ(water quench) and after 1150 0CJWQ+3000 CI'WQ. After L

Iý1lS5o0/WQ+600oCMWQ. thc elongation of NiAI-0.2Mo dropped to about 10% and the yield

jstrength increased by about 50% compared with the quenched samples. At 600*C, the heat
treatment no longer had an effect on the mechanical properties of both NiAI and NiAI-0.2Mo.

?Both of them have limited elongation at about 20-40% but NiA]-0.2Mo has much higher yield
f, strength (-200MPa) than stoichiometric NiAI (-40MPa).

*Fracture Analvs5is

The fracture surfaces of the tensile specimens were investigated by SEM. -The RT

s pecimens showed typical cleavage features consisting of some flat areas and river patterns
spreading out from the fracture origins (Fig. 1). It can be seen that the only apparent difference
between the NiAI and NiAI-0.2Mo (after I 150*C/WQ+ 6000CIWQ) is that the latter has finer
river patterns. At 300*C, the side surfaces of both alloys were quite "corrugated" consistent with

Fig. In. RT fracture surfitce of' NiAI ni~cr Fig. I h. RT fracture surificc of .NiAt.O.2Mouf icr
II 150"C/).5Ih/WQ+(O(XY)C1 I Ii/WQ 1 50C/t).5lIWQ+btxYL*/ll/

Fig. 2a. Side (a) and fracture (b surface. NiAI-tJ.2Mo Fig. 2b. Fracture surface. NiAI.O.2Mo
(1 1500C10.h1WQ+300*C/ IlI/WQ) at MIT)0 . 0 II50'C/0.5hIWQ+3Wt)C/ Ih/WQ).il 3000C.

the large amount of' non-uniforin plasticity that occurred during plastic deformation (Fig. 2a).
Hfigher magnification image of the fracture surfaces of these specimens revealed the fine
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cleavage features indicating that the fractures were still cleavage-like on the microscale but the F . ..
fracture was not via rapid crack growth. For the NiAI-0.2Mo alloy after 1150*C/WQ+
600'C/WQ, which showed reduced elongation at 300"C, similar but less well developed
deformation and fracture patterns were observed although part of the fracture surface consists of
the river pattern more resembling those in the room temperature tested samples. The other
characteristic of the 300'C test specimens w-Is the uniform elongalion prior to fracture.
Spccifically, it appeared that the whole gage length del'rined uniformly prior to fracture (i.e.,
little necking) indicative of both a relatively high strain rate sensitivity factor and a large strain
hardening coefficient. This was confirmed by the fact that the stress strain curve showed
considerable resistance to localized necking. Finally, considerable necking was observed for both
the binary and Mo-doped samples tested at 600*C indicating that the strain rate sensitivity was
considerably lower. this is consistent with the recent measurements of Weaver, et al. [4].

Electrical Resistivity

The dependence of electrical resistivity
on isochronal annealing is shown in Fig. 3 601
where it can be seen that both alloys display a
substantial drop in resistivity presumably due
to the annihilation of thermal vacancies [5.6]. 400D
Furthermore. the drop in the qucnchcd-in 30=

resistivity value occurs about 150"C lower o iNiM.0.2M

(peak occurred at 525"C) in NiAI-0.2Mo
compared with the stoichiometric NiAI. While 100

the reason for these enhanced kinetics is 0
unclear, it may be related to the fact that oa-Mo 0 300 600 900

precipitates are observed in the quenched Aniiheaing itemcperaiurc MC)
ternary alloys and that these precipitates
coarsen during annealing (see following .Fig. 3. Change tt'resistivity vs. annealing

section) and act as sinks for the excess temperature tl'ier I 150*C quenching.

vacancies.

TEM Observations

Samples given similar heat treatments to the tensile specimens were examined by TEM,
First of all, fine ot-Mo precipitates were observed in essentially all NiAI-0.2Mo samples
indicating the low solubility of Mo in NiAI. Quenching from II 50"C was insufficient to prevent
this precipitation indicating that the room temperature solubility of Mo in NiAI is much less than
0.2at%, in agreement with 17,8]. It is also apparent from these micrographs that the at-Mo
precipitates remain coherent with the NiAI matrix in spite of their considerable misfit. In
addition, it appears that the a-Mo precipitates tend to form in rows parallel to <100> or in sheets
parallel to ( 100)(Fig. 4a). While the reason for this alignment is unclear, it may be related to
the large misfit and the fact that the NiAI matrix exhibits strong elastic anisotropy with the
<100> being an elastically soft direction (i.e., coherency stress effect). Similar precipitate
alignment has been reported in NiAI-Cr alloys by Cotton, et al. [9] although no explanation was
provided.

While the 300"C annealing of the as-quencha&.sample did not appear to influence the

microstructure, there was some apparent coarsening, of the a-Mo precipitates at 600*. C
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Furthermore, the coarsening speed depends on the quenching temperature as is apparent in Fig.
4b-4c. Similar heat treatments on the stoichiometric NiAi produced little apparent

-' microstructural differences except that seemingly more dislocation debris, loops and voids were
apparent after the 600°C anneal.

Fig. 4. a-Mo precipitates in NiAI-0.2Mo after (a) I I50*C/2h/WQ; (b) I I50*C/2h/WQ+600*C/2h/WQ and (c)

1300*C2h/WQ+ 600*C/2h/WQ.

DISCUSSION

As noted above, the yield strength of the Mo-doped NiAI was higher than that of
stoichiometric NiAl at all temperatures after similar heat treatments, in agreement with 11,10].
Furthermore, Mo appears to enhance the room temperature ductility after appropriate heat
treatments (see Table 1) consistent with the report by Darolia, et al. [1]. One interesting
observation made in the present study is that heat treatment effects both the strength and
ductility of the Mo-doped material much more than in binary NiAI. Specifically, the Mo-doped
material exhibited better room temperature ductility only after annealing at 600"C or after
furnace cooling from high temperatures'. At room temperature, the Mo-doped alloy showed
simultaneous increases in both yield strength and plastic elongation as the annealing temperature
increased.

The resistivity measurements in Fig. 3 indicated that the quenched-in thermal vacancies
started to anneal out at about 525"C and 675"C. respectively. for NiAI-O.2Mo and NiAI
quenched from I 150"C. Thus, the Mo appears to accelerate the resistivity drop during annealing
and hence the vacancy annihilation process. Likewise, the strengthening effect of Mo may be due
"to either solid solution strengthening by Mo or precipitation hardening. TEM observations /
indicated that the a-Mo precipitates were actually coarsening during the 6000 C anneal indicating
that the increase in yield stress at room temperature with annealing temperature for NiAI-0.2Mo
is more likely a contribution of a-Mo precipitates as both the thermal vacancy and Mo
concentrations in the NiAi matrix should decrease during annealing. The heat treatment carried
out in this study seemed to have negligible effects on the mechanical properties of NiAI (see
Table 1). This is in good agreement with the electrical resistivity measurements which indicated
negligible vacancy annihilation below 675"C.

It has been suggested that the enhancement of room temperature ductility of Mo in NiAI
could be due to the gettering of impurity atoms by Mo [I ]. The results in this work suggest that it

(0) Due to the fact that specimens of rectangular cross section are more sensitive to surface defects than cylindrical
specimens, premature fracture may occur leading to lower elongation values for some specimens. More work is
underway to clarify this issue.
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might also be possible that tg e enhancement is due to dislocation-particle or crack-particle
interactions since the largest enhancement in the room temperature ductility was obtained after
either the 600°C anneal or the furnace cool from 13O00C: both samples have a larger volume
percentage of precipitates and less Mo in solution. Furthermore, the fracture surface displayed
finer river patterns in the NiAI-0.2Mo with enhanced room temperature ductility. Apparently,
more detailed work on the analysis of the aging and coarsening behavior of NiAI-0.2Mo as well
as determination of Mo interactions with vacancies and impurity interstitials would be helpful in
understanding what mechanism is responsible for the enhancement of ductility.

As seen in Table 1, stoichiometric NiA! exhibits very large elongations at 3000 C. These
results are ifl" good agreement with those of Takasugi. et al. [I 1.121 obtained for soft oriented
NiAI tested at similar temperatures. The Mo-doped materials also showed large elongations (50-
70%) at 3000C although less than those of NiAI after similar heat treatments. The fracture
surface analysis showed that, at 300'C, the cleavage features for NiAI-0.2Mo and NiAI are
similar which suggests that, at this temperature, Mo addition does not change the mechanisms of
deformation and fracture. The lower elongation of the Mo-doped sample may be related to its
higher yield stress, a higher brittle-to-ductile transition temperature, and/or some effect due to the
presence of the t-Mo precipitates.

SUMMARY

The influence of molybdenum on the mechanical properties of single crystalline NiAI has
been studied by comparing the tensile behavior of single crystalline NiAI-0.2Mo with that of
NiAI after various heat treatments. Unlike stoichiometric NiAl. the tensile behavior of NiAl-
0.2Mo appears to be sensitive to the heat treatments used in the present study. After initially
quenching from 1150 0C, the yield stress of NiAI-0.2.lo increased with increasing annealing
temperature for those samples tested at room temperature and 300°C. Mo also appears to
enhance room temperature ductility after appropriate heat treatment although the mechanism for
this enhancement remains unclear.
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Abstract

The tensile stress-strain response of polycrystalline NiAI was studied as a function of purity and pretest treatment (annealing and/or
prestrain). After annealing at 1100 K for 7200 s (i.e. 2 h) followed by furnace cooling, high-purity and nitrogen-doped alloys exhibited
continuous yielding, while conventional-purity or carbon-doped alloys exhibited a distinct yield point and Liiders strain. Prestrain by
hydrostatic pressurization removed the yield point, but it could be reintroduced by further annealing treatments. Yield points could be
reintroduced more rapidly if the specimens were prestrained uniaxially rather than hydrostatically, owing to the arrangement of
dislocations into cell structures during uniaxial deformation. The time dependence of the strain aging events followed a t1
relationship. In total, these results suggest that the yield points observed in polycrystalline NiAl result from the pinning of mobile dis-( ~locations by interstitials, specifically carbon, i.e. classic static strain aging.

Keywords: Heat treatment; Tensile properties; Nickel; Aluminium

1. Introduction alloys. The purpose of this document is to provide a
preliminary description of the interrelated effects of

Several aspects of strain aging have been identified interstitial content, heat treatment and prestrain on the
as playing a role in 'the deformation of polycrystalline tensile behavior of polycrystalline NiAI.
and single-crystal NiAl. They are the occurrence of
yield points and serrated stress-strain curves [1-6],
strain rate sensitivity minima [7,8], yield stress plateaus 2. Experimental details
as a function of temperature [9] and flow stress
transients on changes in strain rate [8,10]. In addition, NiAl in the form of (a) a conventional-purity induc-
extensive work by Margevicius and co-workers tion-melted casting (CP-NiAI), (b) a low-interstitial
[3,11-131 'has shown that a sharp yield point can be high-purity zone refined ingot (HP-NiAI), (c) a
formed in binary NiAl following annealing at 1100 K nitrogen-doped powder (NiAl-N), and (d) a zone-
and furnace cooling. This yield point can be removed leveled carbon-doped ingot (NiAl-C) were the basic
by subsequent prestraining of the material by hydro- starting materials used in this investigation. All starting
static pressurization prior to testing, and recovered by materials were extruded at 1200 K at either a 12:1 or
aging the prestrained material for 7200 s (i.e. 2 h) at 16:1 reduction ratio. Descriptions of the equipment
673 K. Similarly, Pascoe and Newey [7] observed the and processes used to fabricate the high-purity and
formation of room-temperature yield points in near- doped alloys are presented elsewhere [ 14-16 ].
stoichiometric NiAl annealed for 3600 s (1 h) at 350 K Chemical analyses of the various extrusions were
following a uniaxial prestrain. Despite these observa-_ conducted at the NASA Lewis Research Center by the
tions, no complete investigation of classical strain aging following techniques, deemed to be the most accurate
has- -been conducted on ordered bcc intermetallic for the particular elements. Ni and Al were determined
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using analytical wet chemistry/titration techniques.
Oxygen, nitrogen, carbon and sulfur contents were
determined by combustion techniques using LECO
oxygen/nitrogen and carbon/sulfur determinators. C '1

Round button-head tensile specimens were ground
from the extruded rods so that the gage lengths of the ,
samples were parallel to the extrusion direction. A(.Uf ..
Sample dimensions were 3.1 mm for the tensile gage
diameters and 30.0 mm for the tensile gage lengths. 9 ca
Prior to testing, all samples were electropolished in a
10% perchloric acid-90% methanol solution that was
cooled to 208 K. Tensile tests were performed on an
"Instron Model 1125 load frame at a constant cross-
head velocity corresponding to an initial strain rate of
L4 x 10-4 s - . All tests were performed in air at 300
K. True stress-strain data were calculated from the
load-time plots, and yield stresses were determined by 0°
the 0.2%-offset method. Stain

The tensile testing was accomplished in three steps. Fig. 1. Definition of strain-aging parameters.
First, baseline mechanical properties were determined
for all four alloys by testing them as follows: (a) as
extruded, (b) as extruded+1100 K/7200 s/furnace Tablet
cooling (FC); and (c) as extruded+1100 K/7200 Compositions of extruded NiAl alloys (at.o)
s/FC + pressurized to 1.4 GPa. The heat treatment
temperature and prestrain pressurization treatment Alloy Ni Al 0 N C S
were selected based on the observations of Marge- (heat)
vicius and co-workers [3,11-13]. Second, a series of CP-NiAl 50.09 49.70 0.055 <0.0009 0.0147 <0.0007
CP-NiAl specimens, having received treatment (c), (L2971)
were annealed at temperatures ranging from 500 K to HP-NiAI 49.91 50.07 0.003 <0.0009 0.0043 <0.0007
1100 K for up to 7200 s followed by FC, air cooling (L2987)
(AC or water quenching (WQ) to room temperature to NiAI-C 50.18 49.77 0.003 <0.0009 0.0092 <0.0007(staC)ih other qtuenchingd(Witio room temturyinge t(L2988)
establish the optimum conditions for studying the NiAI-N 50.07 49.70 0.035 0.0904 0.0057 <0.0007
kinetics of strain aging in NiAl. A more detailed (P1810)
accounting of the treatments employed will be
provided in the Results and Discussion sections.

Finally, the kinetics of strain aging were investigated
using the classic yield-point return technique whereby 3. Experimental results
tensile specimens in the as-extruded condition were
prestrained approximately 0.2%, unloaded, aged in situ 3.1. Composition and microstructure
on the load frame for aging times varying between 60 s
and 113000 s (30 h), and then tested in tension at Chemical analyses of the four alloys are shown in
room temperature. This test method allows specimen Table 1. Within experimental accuracy (± 0.2 at.% for
alignment to be maintained, and allows the stress level Ni and Al), the Ni and Al contents of the four alloys
to be kept effectively constant during aging. After are not significantly different from each other. The
aging, the specimens were cooled by removing the major differences between the materials are the
furnace from the test frame and passing a forced carbon, oxygen and nitrogen contents.
stream of air over the specimen and the tensile grips. Other than differences in grain size and the presence
This method of cooling resulted in average tempera- of semi-continuous stringers of nanometer-size nitride
ture drops of 500 to 1000 K during the first minute of precipitates along prior particle boundaries in NiAl-N
cooling. [16], all of the NiA! grain structures were similar as

The parameters used to evaluate the kinetics of observed using optical microscopy. The micro-
strain aging are illustrated in Fig. 1. These include the structures were fully dense, consisting of recrystallized
upper yield stress increment Aua =_o,- a., the lower and equiaxed grains with the average-linear intercept
yield stress increment AaL= a-- aa, and the Liiders grain sizes reported in Table 2. The grain sizes of the
strain CL. - HP-NiAl and NiAl-C alloys, which were prepared by
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extruding single crystals, are consistently larger than alloy generally decreased following the 1100 K/7200
(those of the cast and extruded CP-NiAI or the powder- s/FC anneal. In addition, it is obvious that further

processed NiAl-N. decreases in yield stress can be achieved in the CP-
NiAI and NiAl-C alloys if the specimens are hydro-

3.2 Mechanical properties statically pressurized at 1.4 GPa, whereas no decrease
is observed in the powder-processed NiAl-N alloy or

Baseline mechanical properties were established by the HP-NiAI material. Interestingly, even though the
tensile-testing specimens of all four alloys in the as- yield stress could be lowered by annealing and in some
extruded condition, following an anneal of 1100 cases pressurizing, these treatments had no obvious
K/7200 s/FC, and following an anneal of 1100 influence on the tensile ductility.
K/7200 s/FC plus pressurization to 1.4 GPa. These Typical room-temperature true stress-plastic strain
results are summarized in Table 3. Immediately curves for the as-extruded alloys are shown in Fig. 2.
ob•,ious from Table 3 is that the yield stress of each The HP-NiAl, NiAl-C and NiAI-N alloys exhibited

continuous yield behavior. The CP-NiAl alloy, how-
ever, exhibited discontinuous yield behavior. Similar
discontinuous yield behavior has been previously

Table 2 reported for conventional-purity binary NiAI
Grain size of extruded NiAI alloys [3,11-13,16-19]. Following pressurization at 1.4 GPa,
Alloy Reduction Grain size only continuous yielding was observed in the four

ratioa ('Um) alloys. However, if pressurized specimens were
subsequently annealed at 1100 K/7200 s/FC,

CP-NiAI (heat L2971) 16:1 18.7± 1.5 pronounced yield points and yield plateaus were
HP-NiAI (heat L2987) 12:1 51.5 ±2.3 observed in CP-NiAl and NiAI-C, whereas only con-NiAI-C (heat L2988 ) 12:1 45.6±_+4.0NiAI-N (heat P1810) 16:1 4.0±0.3 tinuous yielding was still observed in HP-NiAl or inNiAl-N. Typical true stress-strain curves for the
'All alloys extruded at 1200 K. pressurized plus annealed alloys are shown in Fig. 3.

(.
Table 3
Baseline tensile properties of NiAl alloys

Material Conditiona 0.2% yield stress Fracture stress Ductility Observationsb
(MPa) (MPa) (%)

CP-NiA1 As-extruded 269 379 2.11 YP
As-extruded 275. 368 1.83 YP
Annealed/FC 184 301 2.08 UYP
Annealed/FC 197 228 1.04 UYP
Annealed/AC 154 309 2.26 Evidence of YP
Annealed/WQ 143 228 1.13 CY
Pressurized 154 288 1.86 CY
Pressurized 159 317 1.81 CY
Pressurized 154 322 2.16 CY

HP-NiAI As-extruded 166 214 0.79 CY
As-extruded 157 235 1.16 CY
Annealed/FC 98 174 1.17 CY
Pressurized 118 176 0.92 CY

NiAI-C As-extruded 170 201 0.59 CY
Annealed 113 157 0.68 YP
Pressurized 96 171 0.98 CY

NiAI-N As-extruded 298 409 1.32 CY
As-extruded 297 476 2.20 CY
Annealed/FC 265 .468 2.45 CY
Pressurized 266 434 . 2.16 CY
Pressurized 274 352 1.03 CY

"Annealed/WQ=as-extruded+1100 K/7200 s/WQ; annealed/AC-=as-extruded+1100 K/7200 s/AC; annealed/FC=as-
.extruded + 1100 K/7200 s/FC;pressurized = as-extruded + 1100 K/7200 s/FC+ pressurize 1.4 GPa.-.

UYP= discontinuous yielding, upper yield point, sharp yield drop; YP= discontinuous yielding, small yield drop or plateau;
CY- continuous yielding.
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Fig. 2. Typical room-temperature true stress-plastic strain Fig. 4. InAo. vs. Int for CP-NiAI specimens. Specimens were
curves for as-extruded NiA! alloys. prestrained uniaxially in tension. The least-squares parameters

are indicated on the figure.

MAIN nmens were prestrained uniaxially, notable yield points
4W0 formed readily after as little as 900 s (15 min) at 522 K

ca and in as little as 60 s (1 min) at 700 K.
- 300W CP-

3.4. Kinetics of strain aging
Wa

-2 o In-situ static strain aging experiments were con-

100 ducted, primarily on uniaxially prestrained samples.
Single specimens were often aged several times to

.0....... obtain a A a.-time relationship. A specimen previously
0.0 0.5 1.0 1.5 2.0 2.5 tested or prestrained uniaxially was given a recovery

Percent Strain anneal, typically 1100 K/1800 s (30 min)/AC, pre-

Fig. 3. Typical room-temperature true stress-plastic strain strained approximately 0.2%, aged in situ and re-tested
curves for NiAl alloys following hydrostatic prestraining plus at room temperature. When this type of testing is
subsequent annealing at 1100 K/7200 s/FC. adopted, the yield point exhibited in the undeformed

material can be recovered, as can the yield point incre-
ment observed during the previous test. This means

3.3. Influence ofprestraining and annealing on baseline that it is possible to recover the dislocation structure
properties and produce a reproducible Aau following the same

strain aging (i.e. prestrain + annealing) treatment, justi-
In order to determine whether the observed yield fying the use of multiple deformation experiments on

points resulted from the hold at, or cooling from, the single samples.
annealing temperature, specimens of CP-NiAI pre- The time dependence of the flow stress increment
viously prestrained hydrostatically were annealed at A a, is shown in Fig. 4. The shapes of the aging curves
1100 K/7200 s followed by AC or WQ. After WQ, up to the maximum value of A ,, are comparable to
only continuous yielding was observed, while after AC similar curves reported for bcc metals [20]. Assuming
there was some evidence of a yield plateau, which Au,, is proportional to the amount of solute segregating
initially suggests that the yield points observed follow- to dislocations, A,, will increase proportionally with
ing FC are the result of the pinning of dislocations by t2/3 during the early stages of aging. Later the disloca-
mobile solute atoms during cooling through lower tions will become saturated, leading to a leveling-out of
temperatures. As a result, annealing experiments were Ao, or to a decrease due to precipitation. The strain-
initiated at lower temperatures to determine the critical aging time exponent, as determined by least-squares
temperature for the migration of solute atoms to analysis of the data in Fig. 4, is in the range 0.57 to
dislocations. It was observed that, following hydrostatic 0.67, which is close to the theoretical value of 2/3
prestraining, yield plateaus formed in CP-NiAl follow- predicted by Cottrell and Bilby [21]. In confirmation of
ing anneals of 700 K/7200 s/tFC but not following this result, Aau, is plotted versus t2/ 3 in Fig. 5, demon-
anneals of 500 K/7200 s/FC. Conversely, if the speci- strating the satisfactory fit. Although experiments were
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30 ../. . .. applying the Arrhenius equation. On this basis, an( (// activation energy for the return of a lower yield point in
b 0 /CP-NiAI was determined to be approximately in the

/3 0 range 72 to 76 kJ mole-I (approximately 0.75 to 0.79
S/ 0 eV), which corresponds to the activation energies forCD 5 : "o the migration of interstitials in many bcc transition

metals [22]. To check the Arrhenius calculation, the
- 10 :7 0 520 activation energy was also determined by the method

:*/ 16 Kused by Hartley [23]. This method entails taking the
S-700K slopes S, of the plots of Aao/0.5(o% + oa) vs. t2/3 and

0 o .plotting In(S T72/3) vs. 2/(3RT). Using this method, an
0.0 100.0 200.0 300.0 400.0 soo.0 activation energy of 70 kJ mol- 1 (0.73 eV) was deter-

Time 2, seconds mined, which is in good agreement with the value
Fig. 5. Plots of A a. vs. t1/3 for CP-NiA1. determined using the Arrhenius method.

30 4. Discussion

(_ 25 4.1. Species responsible for strain aging in NiAlS/ aa/

20 Determination of the species responsible for strain-
aging effects in NiAl can be made by examination of

015 the aging behavior of all four alloys. Discontinuous
-10 yielding, in the form of yield points and yield plateaus,

was observed in CP-NiAI and NiAI-C, while none was

5 / .- [ P.NA -06K observed in HP-NiAl or NiAl-N following heat treat-
/ -- L .C 610 N ments known to produce yield points in conventional

0 cast and extruded NiAl [11]. In NiAl-N, the oxygen
100.0 1ooo.o 10000.0 100000.0 and nitrogen contents are much higher than thoseTime, seconds observed in CP-NiAl, which suggests that nitrogen and

Fig. 6. Plot of Aq. vs. nt for CP-NiAl and NiAl-C at 616 K and oxygen are not the species responsible for the yield
610 K respectively, points observed in NiAl. In addition, no yield point

phenomenon was observed in HP-NiAl. In NiAl-C, it
was observed that longer aging times are required to

only performed at 610 K for NiAl-C, a similar trend of achieve the same yield increment as observed in CP-
higher Ao, with increasing aging time was observed. In NiAl. It is believed that this behavior is a result of the
addition, the time exponent was found to be 0.59, in significant reduction in the concentrations of inter-
agreement with the observations for CP-NiA1. stitials, particularly C. Since there is less carbon to pin

The A oa vs. log time data for CP-NiAl and NiAI-C dislocations in NiAl-C, the carbon present must,
that were aged for various times at 616 and 610 K, presumably, diffuse longer distances to cause pinning.
respectively, are plotted together in Fig. 6 to illustrate
the influence of carbon concentration on the yield- 4.2. Influence ofprestraining
point return in NiAl. A significant difference in the
magnitudes of the Aau values is evident, as is an As noted in Section 3, the return of a sharp yield
increase in the time required for yield points to form in point is much more rapid when the specimen has been
NiAI-C. In addition, the saturation stress increment is prestrained uniaxially as opposed to hydrostatically. In
also a function of C content, as would be expected at uniaxially prestrained NiAl, dislocations can cross-slip
low C levels. easily, forming cell structures [16,24] that result in high

In efforts to establish a mechanism for static strain work-hardening rates at room temperature compared
aging in NiAl, apparent activation energies corre- to many metals. As a result, the dislocations are in
sponding to specific time-dependent aging events (i.e. essence pinned. In contrast, samples pressurized
the activation energy for the return of the lower yield hydrostatically show an even distribution of disloca-
stress was determined where the logarithmic time tions which are not bound in a cell structure [13]. In
dependence was exhibited for the times required to uniaxially prestrained samples, since some of the
achieve a variety of stress increases) were deduced by dislocations are already locked up in cell structures,
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fewer mobile dislocations are available. Thus, less tion of dislocations by solute). This is not to say that

solute is required to pin the available mobile disloca- precipitation will not occur, but that it was not

tions. In hydrostatically prestrained samples, however, observed within the time-temperature range examined

since more mobile dislocations are available, more for alloys with the specific compositions studied. This

carbon must diffuse to these dislocations to cause does not preclude such a mechanism in alloys contain-

pinning. As a result, longer aging times are required to ing higher levels of substitutional contaminants
achieve the same yield-point increments observed after [32-34].
uniaxial prestraining. A similar explanation has been Unfortunately, owing to the lack of diffusion data for

applied to strain-aged steels prestrained in directions NiAI, very little can be said about the derived activa-

different to the original tensile direction [25]. tion energies, except that these activation energies lie
below the self-diffusion energies for Ni and Al in NiAl,

4.3. Kinetics ofstrain aging and that they lie below the activation energy for the
creation and motion of vacancies [9], and that they ate

At least four different mechanisms have been postu- within the range for interstitial diffusion in bcc transi-
lated to explain strain-aging in metals and alloys. These tion metals [22].
include the formation of Cottrell atmospheres [21],
Snoek ordering [26-28], Suzuki locking [29] and the
precipitation of solute on dislocations [30]. 5. Conclusions

During the early stages of Cottrell locking, the
kinetics of yield-point return normally increase with (1) The yield points observed in conventional-purity
time according to a t2/3 power law. This relationship and carbon-doped NiAl are the result of strong dis-
was originally deduced by Cottrell and Bilby [211 and location pinning by interstitial carbon. Oxygen and
has been confirmed for a number of systems involving nitrogen levels below 0.035 and 0.09 at.%, respect-
interstitial atoms in transition metals, including Nb-O, ively, do not appear to pin dislocations in NiAl and
Ni-H, Fe-C and Fe-N. The observed log t or therefore do not produce yield-point phenomena.
approximate t2/3 time dependence of Aau in NiAl due (2) The time dependence of strain aging appears to
to carbon is consistent with the Cottrell-Bilby theory, follow a t213 relationship, which suggests Snoek aging
which suggests that Cottrell locking is the mechanism and Cottrell locking as the cause for yield points in
responsible for the observed yield points. NiAl.

Snoek ordering of impurity atoms within the stress (3) Hydrostatic prestraining, as opposed to uniaxial
field of a dislocation remains a possible mechanism. In prestraining, delays the kinetics of the yield-point
this case, pinning is completed within the time interval return by forming random networks of free unpinned
of one atomic jump of the species responsible for dislocations which require more diffusion time for
pinning. The observations in this study certainly strong locking to occur.
suggest that Snoek ordering does occur in NiAl. (4) Activation energies for yield-point return ranging
Nakada and Keh [31] have indicated that the apparent from 70 to 76 kJ mol-1 (0.73-0.79 eV per atom) have
intercept of the Aoru vs. t213 curves is positive when been calculated, which are within the range for the
Snoek ordering occurs prior to Cottrell atmosphere diffusion of interstitials in bcc transition metals.
formation. As this is the case here, it can be concluded
that some degree of Snoek ordering occurs in addition
to the above-mentioned Cottrell locking. Acknowledgments
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The kinetics of yield point return have been studied in two NiAl-based alloys as
a function of aging time at temperatures between 300 and 700 K. The results
indicate that the upper yield stress increment, Ao-, (i.e., stress difference between
the Upper yield point and the final flow stress achieved during prestraining), in
conventional purity (CP-NiAI) and in high purity carbon-doped (NiAI-C) mate-
rial first increased with a t'- relationship before reaching a plateau. This behav-
ior suggests that a Cottrell locking mechanism is the cause for yield points in
NiAI. In addition, positive y-axis intercepts were observed in plots of Ao-u versus
t 2 3 suggesting the operation of a Snoek mechanism. Analysis according to the
Cottrell-Bilby model of atmosphere formation around dislocations yields an
activation energy for yield point return in the range 70 to 76 kJ/mol which is
comparable to the activation energy for diffusion of interstitial impurities in bcc
metals. It is, thus, concluded that the kinetics of static strain aging in NiA! are
controlled by the locking of dislocations by Cottrell atmospheres of carbon( atoms around dislocations.

Keywords: A. nickel aluminides, based on NiAI, B. microalloying, B. strain-
aging, B. yield stress.

INTRODUCTION strain rate'8'-' have been .reported. In addition,
extensive work by Margevicius et a/.7 ,2224 on NiA1

It is generally accepted that bcc metals, in the has shown that a sharp yield pointcan be formed
presence of sufficient levels of interstitials, are sub- in binary NiAI following annealing at 1100 K and

ject to a strain aging phenomenon caused by elas- furnace cooling. This yield point can be removed
tic interactions between interstitial atoms and by subsequent prestraining of the material by
dislocations. The specific mechanisms by which hydrostatic pressurization prior to testing and recov-
this behavior occurs may involve Snoek order- ered by aging the prestrained material for 7200 s
ing,"'2 Cottrell aging,' Suzuki locking,4 or precipi- (i.e., 2 h) at 673 K. Similarly, Pascoe and Newey"7
tation on dislocations. In spite of the large observed the formation of room temperature yield
number of papers dealing with strain aging, few points in near stoichiometric NiAl annealed for
discuss aspects of strain aging in ordered bcc 3600s (1 h) at 350 K following a uniaxial pre-
alloys even though several manifestations of strain. In addition, recent investigations of
dynamic and static strain aging have been identi- static"2 ,2" and dynamic'" strain aging have shown
fled as playing a role in the deformation of poly- that discontinuous yielding, in the form of yield
crystalline and single crystal B2 intermetallic points, yield plateaus and serrated yielding were
compounds. In the intermetallic compounds observed in alloys containing-high interstitial con-
AgMg, FeCo, FeAl, and NiAl, for example, the centrations, particularly high carbon concentra-
occurrences of sharp yield points and.- serrated tion's.Z,,5 These phenomena were not observed in
stress-strain curves,5- 6 strain rate sensitivity min- low interstitial high purity or in nitrogen doped
ima,' 7' 9 yield stress plateaus as a function of tem- material"' 2' 25 suggesting that strain aging in NiAI

-perature' -and flow stress transients on changes in -is the. result of strong dislocation pinning by
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carbon atoms. Despite these observations, no Round button-head tensile specimens were
complete investigation of classical strain aging has ground from the extruded rods so that the gage

(been conducted on ordered bcc intermetallic lengths of the samples were parallel to the extru-
"alloys. Consequently, the purpose of this paper is sion direction. Sample dimensions were 3-1 mm
to describe the results of a detailed study on the for the tensile gage diameters and 30-0 mm for the
kinetics of static strain aging in polycrystalline tensile gage lengths. Prior to testing, all samples
NiA1. Details of the influence of strain aging on were electropolished in a 10% perchloric acid-90%
the flow and fracture behavior of NiAl are methanol solution that was cooled to 208 K.
provided in a previous document' 2 and in a
companion paper. Mechanical testing

Tensile tests were performed on an Instron Model
EXPERIMENTAL 1125 load frame at a constant cr-osshead velocity

corresponding to an initial striaiiVrate of 1-4 X
Materials 10' s-'. True stress-strain data were calculated

from the load-time plots. All tests were performed
The alloys used in this study were prepared by in air at 300 K.
extrusion of: (1) a nominally stoichiometric con- The kinetics of strain aging were investigated
ventional purity induction melted ingot (CP- using the classic yield point return technique.
NiAI), and (2) a carbon-doped and zone-leveled Testing was conducted in two steps: (1) Initially,
ingot (NiAI-C). Both starting materials were tensile specimens in the as-extruded condition
extruded at 1200 K with the CP-NiAI and the were prestrained approximately 0.2% at room
NiAI-C ingots receiving 16:1 and 12:1 reduction temperature, unloaded to a stress of approxi-
ratios respectively. The as-extruded microstruc- mately 2 MPa, aged in situ on the load frame at
tures were fully dense consisting of recrystallized elevated temperatures for aging times varying
and equiaxed grains. The resulting compositions between 60 and 113 000 s (30 h), and then tested

Sand as-extruded grain sizes are presented in Table 1. in tension at room temperature. This test method
Chemical analyses of the extruded materials allows specimen alignment to be maintained and

were conducted at the NASA-Lewis Research the stress level to be kept effectively constant
Center by the following techniques deemed to be during aging. After aging, the specimens were
the most accurate for the particular elements. Ni cooled by removing the furnace from the test
and Al were determined using analytical wet frame and passing a forced stream of ambient air
chemistry/titration techniques and Si was deter- over the specimen and the tensile grips. This
mined by inductively coupled plasma atomic emis- method of cooling resulted in average temperature
sion spectroscopy. Oxygen, nitrogen, carbon and drops of 500 to 1000 K during the first minute
sulfur contents were determined by combustion of cooling. The parameters used to evaluate the
techniques using LECO oxygen/nitrogen and car- kinetics of strain aging are illustrated in Fig. 1.
bon/sulfur determinators. Additional details con- These include the upper yield stress increment Ao-,,
cerning materials processing and the chemical = -ur-oa, the lower yield stress increment AOrL =
analysis techniques are presented elsewhere.'2 ,25  OL--a, and the Liiders strain EL. (2) Single speci-

Table 1. Compositions of extruded NiAI alloys (atomic percent)

Impurities
Alloy Grain size
(heat) (Um) Nia Ala Sib Cr Od Nd Sc

CP-NiAI 19 ± 2 50.0 ± 0.2 49-7 ± 0.2 0.15 0-0147 0-0070 <0-0009 <0-0007
(L2971)
NiA1-C 45 ± 4 50.2 ± 0.2 49-8 ± 0.2 0-05 0.0092 0.0030 <0-0009 <0-0007
(L2988).

' Analysis performed using analytical wet chemistry/titration techniques, relative accuracy ±1%.
bAnalysis performed on an ultriaviolet/visible spectrophotometer, Shimadzu, Model UV-160, relative accuracy ±10%.
'Analysis performed on a simultaneous carbon/sulfur determinator, LECO Corp., Model CS-244, relative accuracy ±10%.
-aAnalysis performed on a simultaneous nitrogen/oxygen determinator, LECO Corp., Model TC-136 or Model TC-436, relative
accuracy ±10%.
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mens were often aged several times to obtain a
Ao-,u-time relationship. A specimen previously

L At : tested or prestrained uniaxially was given a recov-
.............. /• ery anneal, typically 1100 K/1800 s (30 min)/AC,

t "'L prestrained approximately 0.2%, aged in situ and
,' -" re-tested at room temperature. A typical series of

- ....... stress-strain curves illustrating this procedure are
shown in Fig. 2. When this type of testing is
adopted, the yield point exhibited during the original
deformation of the material can be recovered as can
the yield point increment observed during the previ-
ous test. This meansrthat it is possible to recover the
dislocation' structure iafid obtain a reproducible Aar,

Strain following the same strain aging (i.e. prestrain +
Fig. 1. Definition of strain-aging parameters. annealing) treatment, justifying the use of multiple

deformation experiments on single samples.

L2971 #8
350

RESULTS

Figure 3 shows the influence of prior strain on the
2 • r, . • • • "-" resulting yield stress increment, An'., after aging of
d -• - * ~. * .• & the CP-NiAI at 616 K. Increasing the amount of

prior strain in samples aged at 616 K for 600 s,
0 tsofor example, leads initially to a rapid increase in

2 Aqu followed by an apparent plateau at prestrains
1- 0 exceeding 0.5%. Strain dependence of this type,

which has been classified as type S by Kubin et
2650 aL,, is commonly observed in bcc alloys and is

often associated with elastic interactions between
0 . 0 - dislocations and solute atoms.

Percent Strain The time dependence of Ao-u for the CP material
Fig. 2. Series of stress-strain curves illustrating the test is shown in Fig. 4. The data is summarized in
method used to determine the strain aging kinetics in NiAI. 100 . .............

-5 - 616700 / /

20 -7
4-: 0

20W 10 o
E' 10

is E
U / CPNiAI-1

"" 1 Tr /

10 T Slope R2

S~/
V)/ 1616 0.57 10.881

Aging Treatment: "7

616K/lOm in 1

0 1 1 101 103 104 101 106
0.0 0.2 0.4 0.6 0.8 1.0 1.2 1.4 Time, seconds

Percent Prest~rain Fig. 4. In Ao-. vs. In t for CP-NiAI specimens. Specimens were
Fig. 3. Influence of % prestrain at room temperature followed prestrained uniaxially in tension to 0.2% prior to the strain
by aging at 616 K/10 min on the subsequent yield stress aging treatments. The least squares parameters are indicated

increment measured at room-temperature, on the figure.
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Table 2. The shapes of the aging curves up to the 35
; I CP-NiAI

maximum value of Ao-, are comparable to similar ,
( curves reported for bcc metals.2 . Under type S cc 30 7

conditions,26 Ao-, will increase proportionally with
t.. 25

t13 during the early stages of aging, assuming Ao-. 2 i; a
is proportional to the amount of solute segregat- 41 20 : °i
ing to dislocations. At longer times, the disloca- W:
tions will become saturated with solute leading to , is "
a plateau in Ao-, or even to a decrease in Ao-. due E : '

to precipitation. The strain aging time exponent, 10

as determined by least squares analysis of the data n -O520K
as B - -616 Kprior to saturation in Fig. 4, is in the range 0-57 to --.-- 700K0.67 which is close to the theoretical value of 2/3 .... .......... ......

predicted by Cottrell and Bilby.3 In confirmation 0 100 200 300 400 500 600
of this result, Ao-u is plotted versus t2J3 in Fig. 5 Time2 /3, s 2

/
3

demonstrating the satisfactory fit. Although exper- Fig. 5. Plots of Ao-, vs t1 3 for CP-NiA1 aged at 520, 616, and
iments were only performed at 610 K for NiAI-C, 700 K.
a similar trend of higher Ao-r with increasing aging
time was observed (Fig. 6 and Table 3). In addi-
tion, the time exponent was found to be 0.59 in Fig. 6 to illustrate the influence of carbon concen-
agreement with the observations for CP-NiAI. tration on the yield point return in NiA1. A

The Ao- versus log time data for CP-NiA1 and significant difference in the magnitudes of the

NiA1-C that were aged for various times at 616 Ao-u's is evident as is an increase in the time
and 610 K, respectively, are plotted together in required for yield points to form in NiA1-C. In

addition, the saturation stress increment is lower
Table 2. The temperature dependence of the yield stress

increment for CP-NiA1 30

Aging temperature, Aging time, Yield stress increment, 25 /
K s MPa

0
520 300 2 , 20
520 3600 10
520 7200 14
520 9000 13 E 15
520 10800 18 E 0, 0
520 19800 18 C-

520 23400 17 10 0

520 113400 20 /

"616 3 5 1" G- -CP-NiAI, 616 K

616 300 8 / " ----- NiAI-C, 610K66600 14/
616 600 15 0

616 600 15 100.0 1000.0 10000.0 100000.0
616 1020 20 Time, seconds
616 1800 22
616, 2700 22 Fig. 6. Plot of Ao-u vs natural log t for CP-NiAI and NiAI-C
616 3600 28 at 616 K and 610 K, respectively.
616 7200 22
616 11 880 22 Table 3. Temperature dependence of yield stress increment for
616 59820 25 NiAI-C

700 60 8 Aging temperature, Aging time, Yield stress increment,
700 180 20 K s MPa
700 300 23 "
700 300 26 610 600 5
700 300 25 610 1800 9
700 480- 23 610 3600 1-2
700 600 26 610 4500 12
700 :600 26 610 5760 9
700 7200 24 610- 9000 13
700 61200 23 610 18360 12
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in NiAl-C than in CP-NiAI. This behavior would T/t - K exp (-Q/RT)
be expected since NiA1-C has only about 2/3 the C W
level of CP-NiA1. O,,-76 kJ/mol

In an effort to establish a mechanism for static ./mi
strain aging in NiAI, the activation energy for the 7 0-.72 /mol

( i01 Q, -• ." . ,72 U/lmol

return of the lower yield stress was determined by - .. -*

applying an Arrhenius equation which is derived - -

from the expression of Cottrell and Bilby3 for the -

number of atoms per length of dislocation line 10" """
segregating into the vicinity of a dislocation in N -..
tim e t: CL -o -,c-15 M =]

n o(ADt.;. -6--oar 10 Mpa

n) = aN.•(1) -- *--*a6-5SMPa

where, a = 3-5, No is the average volumetric con- 10"

centration of defects in the lattice, D is the diffu- 1.7 1.9 2.1 2.3

sivity of the defect at the aging temperature, T, k 1 0,000/RT

is Boltzmann's constant and' A is a term corre- Fig. 7. Arrhenius representation of the strain aging data for

sponding to the binding energy between the defect CP-NiAI.

and a dislocation. If prestraining and subsequent
reloading are conducted at the same temperatures where K, is a constant, K2 is a constant propor-
and if these temperatures are sufficiently low so tional to D" 3, where D is the diffusivity, t is the
that no aging occurs during testing, the number of aging time, and Ta is the aging temperature.
defects required to pin a unit length of a disloca- Recalling that D .= Doexp(-Q/RT), activation
tion line, n(t*), will be approximately constant. energies are calculated by first determining the
Thus, eqn (1) becomes: slope S, of a plot of Ao-w6o versus t2"3 and then by

= N----- t , T* (-T plotting In(S, T23) versus 2/(3RT). This method is
C, == xp(2) illustrated in Fig. 8. Using this approach, an acti-

I D. T PT vation energy of 70 kJ/mol (0.73 eV/atom) was

where D, is the pre exponential factor for diffusiv- determined which is in good agreement with the
ity of the defect and t* represents the aging time value established using the Arrhenius method.
for the reappearance of a yield point. Equation (2) Due to the lack of diffusion data for any type of
can then be rewritten as: interstitial solute in NiAl, little can be said. about

T_ = 1 _ the activation energies derived in this investigation
In In (3) except that these values lie below the self diffusion

RT energies for Ni and Al in NiAI and that they lie
The activation energy for diffusion of the pinning well below the activation energy for the creation
defect, Q, is determined from the slope of a plot and motion of vacancies.20 However, the activa-
of ln(T/t*) versus I/(RT). This method is illus- tion energies derived in this study are within the
trated in Fig. 7. On this basis, an activation range for interstitial diffusion in bcc transition
energy for the return of a lower yield point in CP- metals.2 8

NiA1 was determined to be in the range 72 to 76
kJ/mole (approximately 0.75 to 0-79 eV/atom),
which corresponds to the activation energies for DISCUSSION
the migration of interstitials in many bcc transition
metals.2" Previously, it was shown that the discontinuous

As an alternative approach to the Arrhenius yielding observed in CP-NiA1 and NiA1-C was the
calculation, the activation energy was also deter- result of strong dislocation pinning by interstitial
mined by the method used by Hartley 29 who carbon,' 2 whereas increased concentrations of
modified the Cottrell-Bilby relationship for the oxygen and/or nitrogen had little or no influence
yield stress increment as follows: on the properties. of nominally stoichiometric

MNiA.12. 0,1°' Therefore, C has been identified as the
0. (o, +-uo) " K, + K2 " (4) major solute responsible for strain aging effects

,T'/2(0 + 0)T) in NiAl.' 2' 25 In addition, it has been observed
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A /'y =K +K(t/'') 2/3 of interstitial atoms to dislocations so as to form
S= 1+ 2 tsolute atmospheres around the dislocations. The
time, s driving force for this process is the reduction in

300 1200 2400 3600 5400 7200 9000
0.14 P' strain energy of the system. Yield points form

0/ when the available dislocations are i-ffectively
0.12 ,: /a locked by these solute atmospheres. The resulting

0.10 , increase in yield stress is due either to an increased

stress required to move the locked dislocations or
, 00 an increase in stress necessary to nucleate new dis-

" o.o , / ..- locations permitting macroscopic plastic flow. The

0.04 0s initial locking of dislocations requires long range
I ' - 520 -s20K diffusion of interstitials to the vicinity of disloca-

0.0 -- -616 K tions and, as a result, requires many atom jumps.

o0 0 - K During the early stages of Cottrell locking, the

o.0 100 200' 3 400 500 kinetics of yield point return normally increase
Time 2/3, s2/3 with time according to a t-' power law. This rela-

tionship was originally deduced by Cottrell and
Bilby3 and has been confirmed for a number of

100 systems involving interstitial atoms in transition
metals including Nb-O, Ni-H, Fe-C and
Fe-N.27' 32,34- 38 The observed log t or approximate
"t213 time dependence of Auu in NiAl due to carbon

]0"0/mis consistent with the Cottrell-Bilby theory and
-- 7 Uc suggests that Cottrell locking is the mechanism

"responsible for the observed yield points.
10"2 -- , Snoek ordering of impurity atoms within the

stress field of a dislocation remains a possible
mechanism that may occur prior to the formation
of a Cottrell atmosphere. This mechanism is best

10.1 1 1.3 1.4 1. 1., explained in terms of the Snoek effect as it occurs
1.1 1.2 1.3 1.4 1.5 1.6

104 x 2/(3RT) in bcc metals containing interstitial atoms in solu-

Fig. 8. Demonstration of the Hartley method' 9 for determina- tion."1, 3 2 In the bcc lattice the tetrahedral sites are

tion of the activation energy for yield point return. (a) Strain larger than the octrahedral sites. However, inter-
aging parameters versus t2' for CP-NiAI aged at 520, 616 and stitial atoms typically occupy the smaller octahe-
700 K; (b) determination of the activation energy for yield dral sites at the center of cube edges and cube

point return using the Hartley method. faces because the lattice strain caused by octahe-

dral occupancy can be more easily accommodated
that longer aging times are required in NiAl-C by the lattice than that caused by tetrahedral
to achieve the same yield stress increment as occupancy. For example, the insertion of an inter-
observed in CP-NiAl and that the yield increment stitial atom into the 1/2, 1/2, 0 position in Fig. 9
after saturation is much greater in CP-NiAl than will cause atoms 1 and 2 to be displaced apart in
in NiAl-C.. It is believed that this behavior is a the z direction resulting in a tetragonal distortion,
result of the significant reduction in the concentra- whereas the insertion of an interstitial into the 1/2,
tion of interstitials, particularly C, in the NiA1-C 0, 0 position will cause a more uniform distortion
alloy. Since there is less carbon to pin dislocations of substitutional atoms 1-4. In the absence of
in NiAl-C, the carbon present must, presumably, an applied stress, a statistically equal number of
diffuse longer distances to cause pinning. interstitials will occupy sites parallel to each of the

At least four different mechanisms have been x, y and z axes. Thus, the unit cell remains cubic.
postulated to explain strain-aging in metals and The application of an external stress in the z direc-
alloys.-These include: (1) the formation of Cottrell tion, for example, causes the interstitial sites par-
atmospheres,3 (2) Snoek ordering,' 1, 32 (3) Suzuki allel to -the z axis to enlarge while the openings
locking,4- and (4) the precipitation of solute on perpendicular to the z axis decrease in size making
dislocations. 33  it energetically more favorable for atoms at the

Cottrell locking or aging involves the diffusion 1/2, 1/2, 0 position, for example, to jump to the
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I/2, 0, I/2 position. This is known as the Snoek atmosphere formation. In Fig. 5, a positive inter-
effect or Snoek orderingj,2 Since no long range cept of the An-,, versus t2/3 Curve is observed which
diffusion is required, this process occurs very suggests that some degree of Snoek ordering does

rapidly and is normally completed within the time occur in NiAI prior.to the aforementioned Cottrell
interval of one atomic jump of the species respon- locking.
sible for pinning. Suzuki locking is inapplicable to the present

Similar behavior will be observed in B2 alloys, investigation. This mechanism has its origin in a
As in the case of bcc described above, an atom chemical interaction between solute atoms and
placed in an octahedral site results only in dis- stacking faults and is only expected to be signifi-
placement of the two nearest atoms, whereas cant in metals of low stacking fault energy in
tetrahedral occupancy results in the distortion of which the stacking fault widths are large.

.:• the four neighboring atoms. Baker,39 however, Precipitation on dislocations as a result of the
• - '•-•- indicates that in the B2 crystal "structure octahe- segregation of solute would appear to be inappro-

Sdral sites are not equivalent. Assuming that the A priate because precipitates were not observed in
metal atoms represent Ni and the B metal atoms thin foils made from specimens of CP-NiAI and
represent A1 (i.e., RB > RA), the octahedral sites NiAI-C aged at 1100 K 7200 s/FC or 610 K 7200
defined by Ni atoms will always be larger than s/AC. In addition, the shapes of the aging curves
those defined by A1 atoms. In other words, an for CP-NiAI and NiA1-C for aging times up to
interstitial will prefer to occupy the octahedral 61 000 s at 700 K (Fig. 4 and 6) do not suggest
position at 1/2, 1/2, 0 (face) in the B2 lattice illus- the formation of precipitates since a decrease in
trated in Fig. 9 as opposed to the 1/2, 0, 0 (edge) An-u that could be attributed to overaging and coars-
position because this site is larger than the edge ening of any precipitates present was not observed
position and allows for easier accommodation of at longer aging times. This does not preclude such
an interstitial atom. However, even if the intersti- a mechanism in alloys containing higher levels
tials prefer only half of the total octahedral sites, of substitutional contaminants as well as inter-

S the effect of stress on these remaining sites would stitial carbon.4°42 However, precipitation was not
S still be the same as that described in the previous observed within the time-temperature range

paragraph and Snoek ordering should still occur, examined for alloys with the specific compositions
Nakada and Keh35 have indicated that the appar- studied in this investigation.
ent intercept of the An-u versus 12/3 curves is posi- Therefore, assuming a Cottrell type pinning
tive when Snoek ordering occurs prior to Cottrell mechanism does occur, additional kinetic informa-

tion about C diffusion in NiAI can be obtained
from the data generated during this study. Using

SI' the activation energies calculated above, it becomes

• , : possible to estimate the amount of enrichment at
i ! i ) the dislocation core after-strain aging. Assuming

•---iO--!---•- ... ..t( ] that the segregation of interstitials to a dislocation

core is described by a Maxwellian distribution43Swhere the solute concentration at the dislocation
)-- core, c, is determined according to:

Sc = CoeXp (5)
S3
Swhere Co represents the bulk solute concentration

2 in the crystal, R is the universal gas constant, T is
• the absolute temperature and Wm is the disloca-

SY tion-s01ute binding energy. Though Wm is cur-

x [] octahedral interstices rently unknown, a rough estimate can be obtained
O tetrahedral interstices by substituting into eqn (5) the temperature aboveSO A metal atoms (Ni) which yield point phenomena are not observed,

o Tm•x (which turns out to be approximately 900 K
SB metal atoms (AI) for CP•NiAI), and by setting c equal to unity. This

Fig. 9. Schematic illustraiionofthe octahedral and tetrahedral results in an estimated Wm of 51 kJ/mol (0-5
interstitial sites in the bcc/B2 unit cell. eV/atom) which is a reasonable estimate when
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compared to similar numbers generated for bcc of carbon in alpha iron within the strain aging
metals using the same assumptions .2 ' 43 Using this regime (i.e., approximately 10-17 cm 2 s-1 at 298 K
estimated value for Win, an expression for the to approximately 10-0 cm2 s` at 573 K.44

solute enrichment at the dislocation core after
strain aging for time ta at temperature T can be
derived as follows: 43  SUMMARY AND CONCLUSIONS

'rrco n(n+2)1DImbt ]unz

c - co b n+2)(6) (1) The observed log t or approximate t3 time
dependence of AoU in NiAl due to carbon is

where b represents the Burgers vector of the dislo- consistent with the Cottrell-Bilby theory
cations and n is a material parameter used to which suggests that Cottrell locking is the
characterize the type of dislocation-solute interac- mechanism responsible for the observed
tion. For interactions due to size effects, as in this yield points. In addition, positive intercepts
case, n = 1. The time required to saturate a dislo- on plots of Aou versus t213 suggests that
cation at temperatures sufficiently low enough for Snoek ordering also occurs prior to Cottrell
stable saturation to occur is given by the condi- train aging.
tion c = c, >> c. where c, is the critical solute (2) Activation energies for yield point return
concentration for saturation and is less than unity. ranging from 70 to 76 kJ/mol (0.73 to 0-79
Assuming that the carbon atoms (impurities) eV atom-') have been calculated by two diff-
attract each other then c, = 1/2 and the saturation erent techniques. These values are in the
time, ts, is related to the solute diffusivity as range for the diffusion of interstitials in bcc
follows:43  transition metals.
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Manifestations of Dynamic Strain Aging in Soft-Oriented
NiAI Single Crystals

M.L. WEAVER, M.J. KAUFMAN, and R.D. NOEBE

The tensile and compressive properties of six NiAl-base single-crystal alloys have been investigated
at temperatures between 77 and 1200 K. The normalized critical resolved shear stresses (CRSS/E)
and work-hardening rates (01E) for these alloys generally decreased with increasing temperature.
However, anomalous peaks or plateaus for these properties were observed in conventional purity
(CPNiAI), Si-doped (NiAl-Si), C-doped low Si (UF-NiAII), and Mo-doped (NiAI-Mo) alloys at
intermediate temperatures (600 to 1000 K). This anomalous behavior was not observed in high-
purity, low interstitial material (HP-NiAI). Low or negative strain-rate sensitivities (SRS) also were
observed in all six alloys in this intermediate temperature range. Coincident with the occurrence of
negative strain-rate sensitivities was the observation of serrated stress-strain curves in the CPNiAI" - ",
and NiAI-Si alloys. These phenomena have been attributed to dynamic strain aging (DSA). Chemical
analysis of the alloys used in this study suggests that the main specie responsible for strain aging in
NiAl is C but indicate that residual Si impurities can enhance the strain aging effects. The corre-
sponding dislocation microstructures at low temperatures (300 to 600 K) were composed of well-
defined cells. At intermediate temperatures (600 to 900 K), either poorly defined cells or coarse
bands of localized slip, reminiscent of the vein structures observed in low-cycle fatigue specimens
deformed in the DSA regime, were observed in conventional purity, Si-doped, and in Mo-doped
alloys. In contrast, a well-defined cell structure persisted in the low interstitial, high-purity alloy. At
elevated temperatures (>1000 K), more uniformly distributed dislocations and sub-boundaries were
observed in all alloys. These observations are consistent with the occurrence of DSA in NiAI single-
crystal alloys at intermediate temperatures.

I. INTRODUCTION during slow cooling to static strain aging (SSA), which is

( SEVERAL manifestations of strain aging have been a time-dependent process that results when solute atoms
identified aplaying the deformation ofpolycrys- segregate to the strain fields around dislocations causing
identifine and painge- rosale iAnhy the deformationofpolowing pinning. Similar observations have been made for poly-
talline and single-crystal NiAI. They include the following: crystalline NiAI. For example, Margevicius et a.(21 ob-
(1) the occurrence of yield points;[*-41 (2) serrated served that sharp upper yield points can be induced in
stress-strain curves;t t -1-0 ] (3) strain-rate sensitivity minima; conventional-purity binary NiAl by furmace cooling a cast
111.121 (4) yield stress plateaus as a function of temperature; and extruded or prestrained alloy from 1100 K to room tem-
(131 (5) the occurrence of local maxima or plateaus in plots perature. Furthermore, Weaver et al.t .1a-fo 210 showed that the

of work-hardening rate (0) as a function of temperature; magitude of the yield point increased with aging time ac-
(11.141 and (6) flow stress transients on changes in strain- cordi o a yelatins inconventiona p ity ac-
rate.121•51 Despite these observations, the significance of cording to a M• relationship in conventional purity and car-

rate(ILSI espte hes obervtios, he ignficnce~of bon-doped NiAI, and reported the occurrence of serrated
strain aging and its influence on the mechanical properties flow. Further evidence supporting the occurrence of straint

of NiAI have, until recently, been largely ignored. Lately, aging was provided by the observations of serrated flow in

Hack and co-workers t S.6 .9 .-'31 have observed that the frac- these same conventional purity NiAI polycrystals and single

ture toughness of soft-oriented single crystals is extremely crystals at elevated temperatures (>700 K) and the lack of

sensitive to heat treatments in the 473 to 673 K range. For such serrations in high-purity materials (70)ad.se- ako

example, they observed that slow cooling through this tem- The purpose of this article is to thoroughly describe the

perature regime resulted in brittle specimens with low frac- dynamicpstraintain ar beavo orvedcin N si
ture toughness (-4 MPaVm-), whereas fast cooling resulted dynamic strain aging (DSA) behavior observed in NiA! sin-
in an increased fracture toughness (- 16 MPaMw a) and more gle crystals and to identify the species responsible. To ac-
ductin e an havinreasedyfacture butou thnes red16cti ndu y complish these objectives, nominally stoichiometric NiAI
ductile behavior. They attributed the reduction in ductility single crystals with differing interstitial contents were stud-

ied. Since dilute additions of reactive elements have been
reported to retard the strain-aging behavior in body-cen-
tered cubic (bcc) metals, an alloy intentionally doped withM.L WEAVER, formerly Graduate Student, Department of Materials Mo also was investigated to analyze the role of a strong

Science and Engineering, University of Florida, is Research Associate,
Center for Nonlinear and Nonequilibrium Aeroscience, Florida A & M gettering agent on the strain-aging behavior of NiAI single
University, Tallahassee, FL 323306, and the Center for Materials Research crystals. Because Si is a common impurity in conventional-
and Technology, Florida State University, Tallahassee, FL 32310. M.J. purity NiAI single crystals due to interaction with alumina-
KAUFMAN, Associate Professor, is with the Department of Materials silicate shell molds during directional solidification, an
Science and Engineering, University of Florida, Gainesville, FL 32611. alloy containing an intentional addition of Si also was in-
R.D. NOEBE, Materials Research Engineer, Materials Division NASA-
Lewis Research Center, Cleveland, OH 44135. vestigated to ascertain the role of this substitutional impu-

Manuscript submitted August 7. 1995. rity on the deformation behavior of NiAi. -
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Table 1. Chemical Compositions and Crystallographic Orientations of the Single-Crystal Alloys Examined in This Study

At. Pct Interstitials (At. Ppm)

( Alloy Ingot [hkl] Ni Al Mo Si C 0 N S

HP-NiAI UT-HP2 [123] 50.2 ± 0.2 49.8 ± 0.2 - 0.04 76 40 24 <10
CPNiAI-l D5-553 [123] 50.6 ± 0.2 49.2 ± 0.2 - 0.17 112 87 <6 <10
CPNiAI-2 D5-1273 [110] 50.4 ± 0.2 49.4 ± 0.2 - 0.15 -209 612 <6 <10
UF-NiAII UF-001 [123] 50.3 ± 0.2 49.3 ± 0.2 - 0.01 136 132 15 <10
NiAI-Mo D52-783 [1231 50.0 ± 0.2 49.8 ± 0.2 0.11 0.23 558 316 25 <10
NiAI-Si UF-003 [110] 50.4 ± 0.2 49.3 ± 0.2 - 0.29 220 95 12 <10

Ni and Al Analysis performed using wet chemisuy/titration techniques, relative accuracy ± I pct.
Mo Analysis performed on a flame atomic absorption emission spectrophotometer, Perkin-Elmer model 5000 (Perkin-Elmer Physical Electronics,

Eden Prairie, MN), relative accuracy ± 5 pct.
C and S Analysis performed on a simultaneous carbon/sulfur determinator, LECO Corporation (St. Joseph, Mi), model CS-244, relative accuracy ±

10 pct.
N and 0 Analysis performed on a simultaneous nitrogen/oxygen determinator, LECO Corp., model TC-136 or model TC-436,elative. accuracy ± 10

pct.
Si Analysis performed on an ultraviolet/visible spectrophotometer, Shimadzu, Columbia, MD, model UV-160, relative accuracy ± 10 pct.

II. EXPERIMENTAL strain-rate sensitivity (SRS) was determined by increasing
One Mo-doped (NiAI-Mo), one Si-doped (NiAI-Si), and the strain rate by a factor of ten from the base strain rateOnree Mo-dnally stope iAI-o)etric l, oeipd NiA-Si), ad at fixed plastic strain intervals. The quantity extrac ted fromthree nominally stoichiometric NiAI (CPNiAI-1, CPNiAI-2, these experiments was the SRS, s = Ao'/A In t.

and UF-NiAI I) single-crystal slabs were grown under an ar- Smes for tas ele mcso (t E
gon atmosphere by a Bridgman procedure. Slabs CPNiAI-I, Samples for transmission electron microscopy (TEM)
gon atmosphere by a wBridgma produceduatGe.labs Elctric- , were cut from the tested tensile or compression specimensCPNiA1-2, and NiAI-Mo were produced at General Electric with a low-speed diamond saw and twin-jet electropolished

Aircraft Engines (Cincinnati, OH), using alumina-silicate in a solution of 70 pct ethanol, 14 pct distilled water, 10

shell molds and measured 25 × 32 X 100 mm. Slabs UF- pc buty ov an 6 pct perch isiclacd at 2 K
NiA Ii and NiAI-Si were produced at the University of Flor- pct butylcellusolve, and 6 pct perchloric acid at 273 K,

NiA I nd iAISi ereprouce attheUniersty f fr- 25V, and 0.15 mA. The TEM examinations were conducted
ida (Gainesville, FL) using high-purity alumina crucibles and in a modified JEOL* 100C microscope operating at an ac-

measured 25-mnm diameter X 60-mm length. A low intersti- _iamoife _____10Cmcrscpeoprtigtn__

S tial, high-purity ingot of stoichiometric NiAl (HP-NiAI), 25- *JEOL is a trademark of Japan Electron Optics Limited, Tokyo.
mm diameter X 50-mm length, was produced via a
containerless electromagnetic levitating zone process at the celerating voltage of 120 kV.
University of Tennessee (Knoxville, TN). All slabs were ho-
mogenized at 1589 K for at least 1 hour in argon, followed
by furnace cooling to room-temperature prior to machining III. RESULTS
into test specimens. A. Composition and Microstuture

Postprocessing chemical analyses were conducted using
the techniques deemed the most accurate for the particular The results of the chemical analyses indicated that within
elements. The results of these analyses are listed in Table experimental accuracy, the Ni and Al contents of the six
I. The crystals were oriented using the back-reflection Laue alloys are not significantly different from one another. The
technique and either ground into round button-head tensile major differences between the materials are the residual Si,
specimens parallel to the (123) axis or (EDM) wire cut into C, 0, and N contents and the addition of 0.1 at. pct Mo to
cylindrical compression specimens parallel to the (123) or NiAI-Mo, which resulted in the formation of coarse precip-
(110) axis. Specimen dimensions were (1) 3.1 and 30.0 mm itates (Figure 1). The results of energy-dispersive spectro-
for the tensile gage diameter and gage length and (2) 3.0 scopic analysis and TEM microdiffraction indicated that
mm and 6.4 mm for the compression sample diameter and these particles were MoC. The presence of silicon in NiAI-
height, respectively. All tensile specimens were electropol- Mo, CPNiAI-I, and CPNiA1-2 has been attributed to reac-
ished prior to testing in a 10 pct perchloric acid-90 pct tion between the melt and the ceramic shell molds during
methanol solution that was cooled to 208 K. processing. The lack of Si in UF-NiA! I has been attributed

All mechanical tests were performed on an Instron Model to the use of arc-melted as opposed to vacuum-induction-
1125 load frame at constant crosshead velocities corre- melted feed stock and the use of higher purity crucibles
sponding to initial strain rates ranging from 2.8 × 10-s s-1 during directional solidification.
to 2.8 X 10-4 s-1. Tests between 300 and 1100 K were run
in air by heating the samples in a clamshell-type resistance B. Mechanical Properties
furnace. Testing below room temperature was accom-
plished in compression by cooling in liquid baths. True The temperature-dependent properties (i.e., critical re-( stress-strain data were calculated from the load-time plots solved shear stress at0.2 pct strain (CRSS), work-hardening
and yield stresses were determined by the 0.2 pet offset rate evaluated over the range 0.2 to 1.8 pet plastic strain,
method. During some of the elevated-temperature com- and SRS evaluated at 1.8 and 5.0 pct plastic strain have
pression tests, strain Was measured using a clip-on strain been determined for all six alloys and are summarized in
gage extensometer attached to a compression cage. The Figures 2 and 3. Work-hardening and SRS parameters were
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Fig. I-Precipitates observed in NiAI-NMo: (a) bright-field TEM
c micrograph of MoC precipitates in NiAI-Mo; (b) TEM microdiffraction

pattern illustrating an orientation relationship of [I I 1],,//[1 20]M,,I and

Al (01l)NI/(0001)t,,2, between the precipitate and NiAl matrix; (c) a
NI schematic representation of (b); and (d) SEM EDS spectra for one of the

precipitates indicating that they contain Mo and C.

1.. ... 4 .. S.0

not measured at higher strains due to limited tensile duc- In agreement with prior investigations on single-crystal
tility at lower temperatures and due to pronounced barreling and polycrystalline NiAl as reviewed in References 13, 25,
after approximately 5.0 pct deformation in compressionl and 26, both the CRSS/E and the O!E generally decreased
Figure 2 shows the temperature dependence of the CRSS with increasing temperature. However, in CPNiAI-l,
at 0.2 pct plastic strain and the work-hardening character- CPNiAI-2, UF-NiAI I, NiAI-Mo, and NiAI-Si, apparent pla-
istics for all six alloys. The work-hardening characteristics teaus or peaks were observed in the temperature range of
of these materials have been evaluated from the average 650 to 1000 K. In HP-NiAI, however, no such plateau was
work-hardening rate (0 = Ao-/AE). As noted by Kocks,t 23] observed, in agreement with the previous observations on
in most materials, flow stress and 0 decrease in a monotonic a similarly processed material.l[,1.27 Figures 4 and 5 show
fashion with increasing temperature, in part because the portions of load-elongation curves for NiAI-Si, HP-NiAI,
shear and elastic moduli also decrease with increasing tem- and UF-NiAilI following uniaxial deformation and strain-
perature and contribute negatively to the flow stress. Con- rate change tests performed at various temperatures. In
sequently, in cases where the temperature dependence of NiAI-Si (Figure 4), serrated flow was observed in the
the elastic modulus, for example, is sufficiently negative, load-elongation curves at temperatures below those asso-
relatively slight positive contributions from DSA can be ciated with the apparent plateaus or peaks in CRSS. Similar
masked by modulus effects. As a result, the work-hardening observations were made in CPNiAI-l and CPNiAI-2, while
and CRSS results presented in Figure 2 have been normal- no serrated flow was observed in UF-NiA! 1, NiAI-Mo, or
ized with respect to the elastic modulus E. Since no in HP-NiAI. The occurrence of serrated flow has been pre-
estimates of E for (123)-oriented single crystals (E,,,) were viously reported in NiAl. 1-7.

9 .,71 Since serrated flow can be
available, it was assumed that E,23 was equivalent to E for associated with DSA and the Portevin-Le Chatelier (PLC)
( 11)-oriented single crystals (Et..), as determined by Was- effect, the SRS has been deduced from strain-rate change
ilewskit 24l (i.e., E,23 = El,). tests. The temperature dependence of the strain-rate sensi-
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Fig. 2-Temperature dependence of the normalized CRSS at 0.2 pct strain and work hardening rate, O6E, for NiAI single crystals: (a) HP-NiAI; (b)
CPNiAl-1; (c) CPNiAI-2; (d) NiAI-Mo; (e) UF-NiAII; and (n NiAI-Si.

tivity is presented in Figure 3. For all six alloys, SRS ex- of a pronounced SRS minimum at intermediate tempera-
hibits distinct local minimums in the temperature ranges tures where SRS approached zero but tended to remain
300 to 400 K (low temperature) and 600 to 800 K (inter- slightly positive. In UF-NiAII and NiAl-Mo, where SRS
mediate temperature), with s actually becoming negative for remained positive, flow stress transients in the form of
CPNiAI-I, CPNiAl-2, and NiAI-Si at 1.8 pct and at -5.0 sharp upper yield points were observed, whereas no such
pct strain in the intermediate temperature range. Coincident transients were observed in HP-NiAI in this temperature
with those temperatures where a negative SRS was ob- regime. In the low-temperature interval, however, diffuse
served was the occurrence of the aforementioned serrated flow-stress transients were consistently observed in HP-
yielding. In addition to the studies mentioned previously, NiAI and in UF-NiAll with the later exhibiting the most
recent independent analyses of conventional-purity NiAl06 *"' pronounced effects (Figures 5(b) and (c)). No low temper-

S and NiA[;Si122 91 have confirmed the occurrence of-serrated ature transients were exhibited by CPNiAI-I, CPNiAI-2,
flow at intermediate temperatures. In addition, Winton et NiAI-Mo, or NiAI-Si.
al.,tZS8I who have performed strain-rate change experiments . Serrated yielding typically occurred after a small critical
on NiAI-Si at higher strains, have confirmed the existence plastic strain --,. The temperature T and strain-rate t de-
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types of serrations are characteristic of unlocking of pinned S0K

dislocations and are associated with discontinuous defor-
( mation band propagation. 600 K

In this investigation the activation energy Q for serrated 700 K
flow was ascertained via three distinct methods. In the first 800 K
method, the critical plastic strain was related to t and T by -
the following equation:110-31  100K

0.2%6

= Ki exp (Q/R7) [I] (a)

where m and 63 are exponents related to the variation in
vacancy concentration C, and mobile dislocation density p.,
(i.e., C, oc ef and p, c Mn), K is a constant, and R and T
have their usual meanings. The exponent (m + 13), deter- 2
mrined fromthe slope of the plot of In t vs In e,,at a constant
tempe•tde (Figure 6(a)), was in the range 0.93 to 1.27 ibr 415 K
CPNiA-I1, CPNiAI-2, and NiAI-Si. The activation energy 300 K"2
is then determined from a plot of In e, vs I/RT (Figure 2

6(b)Y3 2-331 (i.e., Q = slope X (m + P3)). This method pro-
duces activation energies in the range 71 to 94 kJ/mol for E 2

the onset of serrated flow over the temperature range where 500 K
E, decreases with increasing temperature. 2

In the second method, Q can be determined from the ..
slope of an Arrhenius plot of In t vs I/RT for conditions 2
where serrated yielding occurs. In this case, the onset lines 600 K
marking the beginning of serrated flow in Figure 7 for i2

CPNiAI-I, CPNiAI-2, and NiAI-Si were used.(31' This
method yields an activation energy ranging from 66 to 75
ki/mol.E2 1 270K

Finally, the activation energy for serrated flow can be
determined from the stress-drop technique. I3-' For this 2
method, the magnitude of the stress drop Ao- accompanying
serrated flow is measured at a given strain for a range of 900 K
t and T and plotted as indicated in Figure 8(a). A constant
value for Ao" is then selected from which the t correspond-
ing to this Ao" is determined for each temperature. The re-
sulting t is then plotted as a function of lIT and Q is 2 E 2
determined from its slope (i.e., Q = -on &7R)). Detailed El 1000 K
descriptions of this method are provided in References 33
and 34. Figures 8(a) through (c) show the Ao- vs t and t 0.5%
vs lit plots for CPNiAI-I, CPNiAI-2, and NiAI-Si. Acti-
vation energies in the range 86 to 102 kJ/mol were ascer- (b)
tained for all three alloys by this technique. .

Activation energies determined by all three methods are E2 30 KC2 E 1 300

summarized in Table II and are in very good agreement --
with the activation energies determined for SSA in poly- E,4 . £ 575K
crystalline NiAI (70 to 76 kJ/mol)s 15.'19" and are only mar- F . 5
ginally less than the activation energy for serrated flow in a: 670 K
single-crystal NiAI reported by Brzeski and co-workers 0.5% strain E2 . 6 K

• ,2 E
(115 and 134 kJ/mol).ts.' 6] .

8 1=2.x I 10 -
1 

s- E2 £2

C. Optical Microscopy and TEM Observations of a=i2.s xto s1- L 900 K
Deformed Samples (c)

Representative TEM bright-field images of the disloca- Fig. 5-The effect of temperature on the shape of the flow curves of HP-
tion structures after deformation at room temperature, in the NiAI and UF-NiAI! deformed at i = 2.8 X 10-5 s-'. (a) and (b) HP-
DSA regime, and above the DSA regime for the various NiAl following unixial deformation and strain-rate change experiments.
alloys are shown in Figures 9 through 13. Diffraction con- (c) UF-NiAII following strain rate change experiments near 5 pct plastic
trast analysis revealed that deformation occurred by the ma:- strain. The arrows in (a) denote the location of the 0.2 pct offset yield

stress.
tion of (001)-type dislocations at all temperatures. Figure 9
shows- the deformation microstructures in CPNiAI-2 sam-
ples deformed at room temperature to two different strain microstructure consists of jogged and curved dislocation
levels. in agreement with previous observations,tIS-3- 1 the segments and dislocation debris in the form of elongated
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S• no serrations

loops. At high strains (Figure 9(b)), the dislocations arrange T O serrated flow.W2'2.
themselves into cellular networks containing a low volume (C"ad NiAI -SISi.
fraction of intercellular dislocations or debris. Such struc- mat i
tures are attributed to the easy cross-slip of screw dislocaI h b rp epvis fr1 1e
tions during room-temperature deformuatiour.-e1] t e di oa: -pi iA ng-s..._ 4 ---'

Figure 10(a) shows the deformation microstructure of abserved
CPNiAu-I sample deformed at 700 K in the DSA regime. wo in..... foloin d efomtoa-00K.T-t -The microstructure of CPNiAI-!I consists of poorly defined ............ -----------
cells or the beginning of a vein structure with the densest k •-- -..... i. .T....

cell walls oriented parallel to the (110) crystallographic di- t 1ews c m l d
rection. Coincident with this deformation structure was a 0.5 1.0 1.N 2.0 O2. 3.0 a.5relatively high density of dislocations within the cell walls IO000/T (K"
Figure 10(a). Cell walls in non-(1 10) directions were par- (c)
ticularly poorly defined indicating some sort of localized or Fig. 7--Plots of In i vs lit for MP~AW-, CPNiAI-2, and NiAI-Si
planar deformation process in this temperature regime. This illustrating the T4t regimes for the occurrence of serrated flow. (a)
structure is reminiscent of the ones developed during low- CPNiAi-1, (b) CPNiAI-2, and (c) NiAI-Si.
cycle fatigue testing of ferritic Fe-24Cr-4AlOI91 and poly--
crystalline NiAI in the DSA regime.00o] Similar deformation
n mirostruetures'were: observed in (I I10)-oriented-CPNiAI-2 have been reported previously for (I110)-oriented conven-

( and NiAI-Si. An example of the structure that evolved in tional purity NiA! single crystals.t4- .42.431

the NiAI-Si alloy following deformation at its SRS mini- Figure I I shows the deformation substructure observed
mumn is sh~w~n in Figure 10(b). In this case,-the cell walls in CPNiAI-I following deformation at 1000 K. This strue-

-oriented parallel-to the (100).direction. Similar observations " ture was characterized by a much lower dislocation density
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Fig. 8-Plots of the stress drop at 2 pet plastic strain vs i at constant T and i vs liT for CPNiAI-l, CPNiAI-2, and NiAI-Si illustrating use of the stress
drop method for determining activation energy."3

' (a) and (b) CPNiAI-I; (c) and (d) CPNiAI-2; and (e) and (f) NiAI-Si.

Table II. Summary of the Activation Energies for Serrated Flow Evaluated Using Different Methods for Conventional Purity

and Si-Doped NiA! Single Crystals

Activation Energy, Q (kJ/mol)

CPNiAI-I CPNiAI-2 NiAI-Si CP-NiA! CP-NiA!
Method Employed to Evaluate Q <123> <110> <110> <110> <110>

(I) From log•E, vs 1/Tplots 94 82 71 -- -
(2) From onset of log i vs /ITmap, 66 77 68 1 151"1 1341!-i
(3) Stress drop method . 102 88 86 -- -
Average Q for the onset of serrations using methods 87 + 19 82 ± 7 75 ± 10 -
I through 3
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(a) (a)

-

(b)

Fig. 9-Room-temperature deformation structure observed in CPNiAI-2: (b)
(a) after -0.2 pet plastic deformation and (b) after -2 pct plastic
deformation. Fig. 10-Deformation structures observed in CPNiAI-I and NiAI-Si after

-17 pct plastic deformation. (a) CPNiAI-I at 700 K and (b) NiAI-Si at
700 K.

than that observed at 300 K or at the SRS minimum and
the general lack of a cell structure. This is attributed to the
greater relaxation and recovery effects which become im-
portant at this temperature.

In NiAI-Mo following deformation at the SRS minimum
(Figure 12), structures consisting of poorly defined cells
and dislocation tangles were observed. However, the vein
structures observed in CPNiAi-I were not as evident,
though the densest cell walls were again those aligned
along (110). In addition, a lower density of intercellular
debris and dislocations was observed even after levels of
deformation equivalent to those in CPNiAI-l. In HP-NiAI
(Figure 13(a)), cellular structures characterized by large,
loosely packed cell walls with very little intercellular debris
were observed, indicating a much greater ease of cross-slip
in this alloy compared to either CPNiAI-l, NiAI-Si, or
NiAI-Mo at comparable intermediate temperatures. On
occasion, single slip bands were observed propagating
across the sample (Figure 13(b)), indicating some localized
slip processes but not to the same degree as in the other Fig. I l-Dislocation morphology observed in CPNiAI-I after 11 pct
alloys, deformation at 1000 K.
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(a)

Fig. 12-Deformation structure observed in NiAI-Mo after 9 pct plastic
deformation at 700 K.

Additional evidence for planar slip processes in the DSA
regime was revealed in the optical morphology of slip
traces on the various specimen surfaces (Figures 14 and
15). Slip bands were observed throughout the gage of all
specimens and at all test temperatures similar to the behav-
ior shown in Figure 14 for CPNiAI-l. In CPNiAI-l, for
example, indistinct slip traces were observed on specimens
tested at room temperature (Figure 14(a)). However, as the
test temperature was increased towards the SRS minimum,
the slip traces became more distinct and more coarsely
spaced (Figures 14(b) through (d)). At temperatures well
above the SRS minimum, more indistinct, finely spaced,
and diffuse traces were again observed (Figure 14(e)). In
the (123)-oriented specimens, single slip traces were pre-
dominantly observed, whereas in (I10)-oriented specimens (b)
intersecting slip traces from multiple slip systems were

common. An example of this is illustrated in Figure 15. In Fig. 13-Deformation structure observed in HP-NiAI after 9 pct plastic
agreement with prior studies,(" 3 .'-" slip trace analysis con- deformation at 725 K. (a) Cellular morphology typical of most samples

firmed that slip occurred. on (110) or (100) planes with and (b) a single deformation band observed in one of the foils.

the actual slip plane being dependent upon specimen ori-
entation. In (110)-oriented specimens, traces consistent with temperature range of 650 to 1000 K. No similar features
( 100) slip planes were typically observed, while traces con- were observed for HP-NiAI.
sistent with 1110) slip planes were observed in (123)-ori- Second, the temperature dependence of the SRS exhib-
ented specimens. The DSA and serrated flow behavior were ited distinct minimums for all six alloys in low and
observed to the same extent regardless of the operative slip intermediate temperature ranges, with SRS actually becom-
plane. ing negative for CPNiAI-l, CPNiAI-2, and NiAI-Si in the

intermediate temperature range. Coincident with this region
of negative SRS was the observation of serrated flow during
mechanical testing, which directly supports the premise that

IV. DISCUSSION DSA occurs in this intermediate temperature range in NiAI.
A. Manifestations of Dynamic Strain Aging In HP-NiAI, NiAI-Mo, and in UF-NiAII, SRS always re-

mained positive and serrated flow was not observed. How-
The temperature-dependent properties (Le., CRSS/E, ever, flow-stress transients on changes in strain rate in the

SRS, and 01E) and the deformation substructures exhibit form of sharp upper yield points were consistently observed
several features that can be associated with the occurrence during testing near the SRS minimum in UF-NiAII and
of strain aging. First, the temperature dependencies of the NiAI-Mo, which are again indicative of DSA. No flow-
CRSS/E and 01E should decrease with increasing temper- stress transients were observed at intermediate temperatures
ature. In the cases of the CPNiAI- i, CPNiAI-2, UF-NiAI I, during the testing of HP-NiAI. Additionally, SRS minima
NiAl-Mo' and NiAI-Si alloys, however, anomalous regions were observed to occur at lower temperatures than the
in the form of local peaks or plateaus were observed in the CRSS/E or 01E maxima. Such observations support the no-
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Fig. 14--Optical micrographs of the gage section CPNiAI-I samples deformed in tension over the temperature range 300 to 1000 K. (a) 300 K, (b) 500
K, (c) 600 K, (d) 750 K, and (e) 1000 K. Note the presence of coarse slip traces at 600 and 750 K.

tion of a DSA effect.i30
3 1.411 Classical theory 3 ' .45] indicates the surfaces of specimens deformed in the intermediate

that during the occurrence of DSA, dislocation motion is temperature range, while finer traces persisted outside of
characterized by a waiting time t. during which dislocations this temperature regime. Slip-trace analysis confirmed that
are temporarily arrested at obstacles in the slip path. During these traces were preferentially oriented along specific crys-
this waiting time the dislocations can be further pinned by tallographic directions based upon the initial orientation of
diffusing solutes. This causes the obstacles to dislocation the crystal. More detailed analysis of the dislocation sub-
motion to become stronger with increased waiting time and structures formed during deformation at temperatures both
results in an enhanced resistance to plastic deformation, below and above the regime where serrated flow occurs
The SRS is said to become minimum when the time re- were characterized by cell structures and dense tangles.
quired to pin a dislocation t. becomes equal to the waiting These structures are characteristic of intense cross-slip at
time. Thus, when t. is fixed by fixing the strain rate, low temperatures or dislocation climb at high temperatures.
strengthening will become maximum when the temperature In contrast, the substructure formed in the DSA regime was
becomes high enough that t. << t•, i.e., maximum typified by a coarse dislocation vein structure. An importantstrengthening will occur at higher temperatures than the additional feature in samples exhibiting serrated flow is that
SRS minimum. the regions between the dislocation walls often contain a

Third, distinctively coarse slip traces were observed on rather uniform dislocation distribution. It is proposed that
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Table Ill. Activation Energies for Diffusion of Solutes and

Point Defects in Metals and Alloys (kJ/mole)

(" Element/Point Defect*

Alloy/ subst.
Metal H C N 0 Vacancy solutes

V 1- 14 143 121 - -

Nb - 138 146 113 - -
Ta 25"1 161 158 107 - -
Cr - - 102 - - -
Fe 8.4 80 to 84 73 to 78 - - -

12 to 13
W - 169 . . . .

NiAI - - -300W•1 -2251"31

Data taken from gef. [47] plei 9therwise noted.

results from previous studies..14".'°901 In these previous
Fig. 15--Optical micrograph of NiAI-Si deformed in compression at 800 studies, 0 and N were ruled out as the cause of SSA effects
K illustrating interesecting (100) slip traces. in polycrystalline alloys. In this study, serrated flow was

observed in CPNiA1-7, CPNiAI-2, and NiAI-Si, but, not in
these interwall dislocations result from solute locking of HP-NiAI, UF-NiAII, or NiAI-Mo. In HP-NiAI, the C and
slow-moving dislocations between slip bands. Inhomoge- Si concentrations were much lower than those observed in
neous deformation occurs as a result of differential move- CPNiAI-I, CPNiA1-2, or NiAI-Si (i.e., 76 at. ppm C vs
ment of dislocations within and between the dislocation >150 at. ppm C and 500 at. ppm Si vs >1500 at. ppm Si),
walls. which suggests that the lack of serrated flow in HP-NiA! is

Based on the results described here, it is possible to at- related to reductions in the C and/or Si contents. That both
tribute the anomalous mechanical behaviors observed in elements are important for the observation of DSA is sup-
this study to DSA or the migration of solutes to mobile ported by the results of Weaver[s" and the results of Hack
dislocations during deformation. Additional confirmation of and co-workerstS.69.-'+.7 and Brzeski.I"' Weaver showed that
this phenomenon is provided by SSA and DSA studies per- yield-point formation is enhanced and that serrated flow is
formed on soft-oriented single crystalstS.6.9.I6-ISI and on po- observed in conventional-purity polycrystalline alloys con-lycrystalline NiAl,14.s.19.

01 wherein serrated yielding, flow taining >1500 at. ppm Si in addition to normal levels of
stress transients, and a tm time dependence of the yield C (approximately 150 at. ppm). Similarly, Hack and co-
point return have been observed in conventional purity and workers and Brzeski observed dramatic increases in fracture
in carbon doped NiAI alloys. toughness following intermediate temperature annealing

and serrated flow in soft-oriented single crystals containing
B. The Diffusing Species between 145 and 470 at. ppm C and between 1300 and

2500 at. ppm Si. When C is maintained at levels compa-
It is possible to ascertain the species responsible for rable to the conventional-purity single-crystal alloys but Si

strain aging by examining the data generated in this study. is reduced to less than 100 at. ppm, as in the case of UF-
In Section III, it was noted that the values for the exponent NiAll, serrated flow is not observed but yield stress tran-
(m + S3) were within the range 0.9 to 1.3. Typically when sients upon an increase in strain rate and a yield-stress
(m + /3) is between 2 and 3, the specie resulting in serrated plateau are still observed between 600 and 900 K. This
yielding is a substitutional element, whereas when (m + /3) indicates that C still causes some strain-aging behaviors but
is in the range 0.5 and 1, an interstitial specie is responsi- that Si somehow enhances the effect. Finally, in NiAI-Mo,
ble.301 Additional inferences can be made by comparing the the bulk Si levels were nearly equivalent to those in NiAl-
calculated activation energies for strain aging with the lim- Si (i.e., 0.23 vs 0.29 at. pct Si) while the bulk interstitial
ited diffusion data available for NiAl. Independent of com- levels were higher than those observed in CPNiAI-1,
position, the average activation energy for the diffusion of CPNiAI-2, and NiAI-Si, the three alloys that exhibited ser-
substitutional elements in NiAl is in the neighborhood of rated flow. However, no serrated flow was observed in
225 ± 39 kJ/mol, which is somewhat inconsistent with the NiAI-Mo. The microstructural analysis presented in this ar-
activation energy for the formation and migration of va- ticle showed that this alloy contains a distribution of coarse
cancies in NiAI which is closer to 300 kJ/mol.3'1 Nonethe- Mo2C precipitates and suggests that the lack of serrated
less, as indicated Section I11, the experimentally determined flow in NiAI-Mo is due to the gettering of C from the NiAl
activation energies for strain aging lie within the range 70 matrix. Were Si the cause for the serrated yielding instead
to 100 kJ/mol, which are far lower than those required to of C, it is expected that serrated yielding would also be
move substitutional solutes or point defects and which are observed in NiAI-Mo since it contains nearly as much Si
within the range for the diffusion of interstitial solutes in as the NiAI-Si alloy. In addition, if C alone were the cause,
bec metals (Table III). then it is expected that serrated yielding would be observed

The specific interstitial species responsible for DSA can in UF-NiAI1, which contains more C than CPNiAI-2 but
be identified by comparison of the deformation behavior only 69 at. ppm Si. Therefore, these results strongly suggest
for the six single-crystal alloys vs their composition and the that the serrated yielding in NiAI is a result of interactions
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between dislocations and solute atoms, namely C and Si, with Si, Ni, and Al may occur resulting in an expansion of
but that C is the main cause for the manifestations of DSA the DSA regime and stronger pinning.
observed in the NiA! single crystals investigated in this A third possibility is that substitution of a smaller Si
study. atom can result in an increased tetragonal distortion in the

In Section III, it was noted that two SRS minima were NiAI lattice. Recent theoretical results suggest that Si will
observed for each alloy: one at low temperatures ahd the only occupy Al lattice positions,'"' whereas other substi-
other at intermediate temperatures. Though it is tempting tutional elements such as Fe or Ga will tend to occupy the
to attribute the low and intermediate temperature minima site of the stoichiometrically deficient host element.(1.6*5

to C and Si, respectively, a conclusive statement cannot be Assuming that C atoms occupy octahedral sites, it is the-
made at this time. Were the low-temperature SRS minima orized that the substitution of smaller Si atoms for Al will
the result of C, it is expected that the conventional-purity result not only in a reduction in the size of the octahedral
and Si-doped alloys also would exhibit flow-stress tran- interstices but also into more localized distortions of the
sients or serrated flow at low temperatures. Prior investi- lattice. Similarly, in the cases of Fe or Ga, which occupy
gations have illustrated, both experimentally and theoreti- the stoichiometrically deficient host element sites, the over-
cally, that two SRS minima due to Snoek ordering and all distqopns in the lattice will be minimized because the
Cottrell atmosphere formation are often observed in bcc and tetragonal distortions created by interstitial atoms can be
in bec-like (e.g., B2) systems when DSA is caused by an partially accomodated, resulting in reduced strain-aging ef-
interstitial speciet4 5-131 and other systems where interstitial- fects. Recently, serrated yielding has been reported to occur
vacancy clusters are known to cause DSA.(s4• Thus, it is over a smaller temperature range in both Fe-doped and in
possible that both minima are caused by the same specie, Ga-doped single-crystal alloys,' 66' which suggests that there
however, more complete investigations of the low temper- might be some validity to this potential mechanism though
ature regime are warranted before a definitive conclusion more work is needed.
can be formulated. Determination of the actual mechanism behind the syn-

Furthermore, while it is impossible to devise a definitive ergistic effect of C plus Si on DSA in NiA1 will require
mechanism by which Si and C can synergistically cause further study. In light of the fact that Si is frequently present
serrated flow, it is possible to speculate. First, it is possible in conventional-purity NiAI single crystals grown by the
that Si simply modifies the activity coefficient of C in NiAI. Bridgman method due to contamination from alumina-sili-
It has been observed in austenitic Fe-Mn-C alloys[1.15 6

1 that cate shell molds, this topic deserves additional attention.
the addition of aluminum raised the activation energy for
the onset of serrated flow by reducing the carbon activity, V. SUMMARY AND CONCLUSIONS
and thus its diffusivity, in these alloys. The opposite effect
could occur in the case of NiAI, where Si increases the Five of the six alloys examined in the present study ex-
activity and diffusivity of C in NiA! and thus decreases the hibit yield stress and work-hardening plateaus or small
activation energy for the onset of serrated flow. The results peaks in the temperature range 650 to 1000 K, indicative
collected in this study indicate that the activation energies of DSA. In HP-NiAI, anomalous behavior was not evident.
for the onset of serrated flow in CPNiAI-I (0.17 at. pct Si), Pronounced regions of negative SRS have been observed
CPNiAI-2 (0.15 at. pct Si), and in NiAI-Si (0.25 at. pct Si) in conventional-purity (CPNiAI-I and CPNiAI-2) and Si-
are similar. Unfortunately, no activation energy could be doped (NiAI-Si) alloys in the temperature range 600 to 800
calculated for NiAI containing lower Si concentrations, K. Coincident with this temperature regime was the occur-
since serrated flow was not observed. rence of serrated flow (i.e., the PLC effect).

Second, DSA could be the result of an interaction solid In the temperature range where serrated flow occurs, the
solution hardening (ISSH) effect as described in References dislocation distribution consists mainly of thick dislocation
57 through 61. This process is attributed to the strength- walls or the beginning of a vein structure indicating local-
ening that arises from the simultaneous presence in solid ized slip. In HP-NiAI and NiA1-Mo, the dislocations main-
solution of substitutional and interstitial atoms that exhibit tain cellular networks indicating more abundant and,
an affinity for each other. The exact reasons for ISSH are therefore, easier cross slip. At temperatures above or below
unknown but depend upon how these solute atoms interact the regime of serrated flow, well-developed cell structures
with each other and with moving dislocations.C5 91 For ex- dominate for all alloys.
ample, when interstitials bind strongly to dislocations, Average activation energies for serrated flow have been
strain-aging effects are caused by the reduced mobility of calculated using three methods: 84 ± 10 kJ/mol (e. vs 7),
the dislocations which must now drag interstitial atmos- 73 ± 1 kJ/mol (stress-drop method), and 78 ± 7 kJ/mol
pheres along with them. However, if interstitials also bind (Arrhenius method). All values are reasonable order of
strongly with substitutional solutes, strain aging can be ex- magnitude estimates for interstitial diffusion in bcc lattices
tended to higher temperatures due to the reduced mobility and agree with prior observations in polycrystalline NiAi
of the interstitial caused by interaction with the substitu- and with Hack and co-workers.tS. 6.9 -1

6
.1

7
1

tional solute (i.e., dislocations must now drag interstitial- Overall, these results suggest that a combination of in-
substitutional clusters rather than individual interstitials). terstitial and substitutional solutes, namely, C and Si, cause
Diffusion-couple studies between NiAi, NiAI, and SiC('2.63' serrated flow in soft-oriented NiAI. Small additions of Mo
have suggested that Si may diffuse as fast as or faster than to NiAI caused a dramatic increase in yield stress but dim-
C in NiAi and may result in the formation of complex Ni- inated the serrated yielding. This latter effect is attributed
Al-Si-C phases. This suggests that some clustering of C to the gettering of C by Mo.
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Static strain-aging has been investigated in eight polycrystalline NiAI alloys.
After annealing at 1100 K for 7200 s followed by furnace cooling, high-purity,
nitrogen-doped, andtitanium-doped alloys exhibited continuous yielding, while
conventional-purity and carbon-doped alloys exhibited distinct upper yield
points and Laders strains. Either water quenching from 1100 K or prestraining
via hydrostatic pressurization suppressed the yield points in the latter alloys, but
they could be reintroduced by further annealing treatments. Yield points could be
re-introduced more rapidly if the specimens were prestrained uniaxially rather
than hydrostatically, owing to the arrangement of dislocations into cell structures
during uniaxial deformation. Chemical analysis suggests that the species responsible
for strain-aging is interstitial carbon. Copyright © 1996 Elsevier Science Limited

Key words: A. nickel aluminides, based on TiAI B. mechanical properties at
ambient temperature, microalloying, strain-aging, yield stress.

INTRODUCTION tions by Weaver et aL13 have shown that these
yield points can be suppressed by water quenching

Body-centered cubic (BCC) metals and alloys exhibit from high temperature as opposed to furnace
an extreme sensitivity to minute additions of inter- cooling. Despite these observations, no complete
stitials which can lead to strain-aging phenomena. investigation of the interrelated effects of interstitial
Not surprisingly, several aspects of strain-aging content, annealing and prestrain on mechanical
have also been identified as playing a role in the behavior has been conducted on NiAI. Consequently,
deformation of polycrystalline and single crystal the purpose of this document is to provide a more
B2 NiA1. They are the occurrence of yield stress thorough description of the combined effects of
plateaus as a function of temperature, yield points, interstitial content, annealing and prestrain on the
strain-rate sensitivity minima, serrated stress-strain tensile flow and fracture behavior of polycrys-
curves, and flow stress transients after changes in talline NiAl.
strain-rate.- 2' Extensive work by Margevicius et
al.6".9 2' has shown that a sharp yield point can
occur in binary NiAl following annealing at 1100 K EXPERIMENTAL DETAILS
and furnace cooling. This yield point can be sup-
pressed by subsequent prestraining of the material Material
by hydrostatic pressurization prior to testing, and it
can be recovered by aging the prestrained material NiAl alloys in the form of: (1) one titanium doped
for 7200 s, (i.e. 2 h) at 673 K. Similarly, Pascoe and vacuum induction melted (VIM) ingot (NiAI-Ti);
Newey'0 observed the formation of room tempera- (2) two conventional purity (CPNiAl-1, CPNiAI-2)
ture yield points in near stoichiometric NiAI ingots; (3) two carbon doped castings with vary:
annealed for 3600 s (1 h) at 350 K following a uni- ing carbon and oxygen concentrations (NiAl-
axial prestrain. In additionpreliminary investiga- 100C and NiAl-300C); (4) two low interstitial

7 533
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high-purity zone refined ingots, one of which was perchloric acid at 273 K, 20-25 V and 0-15 mA.
subsequently zone leveled with carbon (HP-NiAI TEM examinations were conducted in either a JEOL

(1 and HPNiAI-C respectively); and (5) a nitrogen- IOOCX or a Philips EM420 microscope operating
atomized powder (NiAI-N) were the basic starting at accelerating voltage of 120 kV.
materials used in this investigation. All were extruded Fracture surfaces of selected tensile samples were
at 1200 K at either a 12: 1 or 16:1 reduction examined using a Cambridge 200 scanning electron
ratio. Descriptions of the equipment and processes microscope. Quantitative fractography was per-
used to fabricate the high purity, zone leveled and formed to determine the percentage of intergranular
nitrogen doped alloys are presented elsewhere.22-24  fracture for most alloys. This was accomplished

by taking at least five random micrographs of appro-
Material characterization priate magnification relative to the grain size from

each test specimen and using a point counting
Chemical' -a&•lyses of the eight extrusions were technique.
conducted using the techniques deemed to be the
most accurate for the particular elements. The results Mechanical testing
of these analyses are presented in Table I along
with the post extrusion grain sizes obtained using Round button-head tensile specimens were ground
the linear intercept method. from the extruded rods so that the gage lengths of

Optical microscopy, scanning electron microscopy the samples were parallel to the extrusion direction.
(SEM) and transmission electron microscopy (TEM) Sample dimensions were 3.1 mm for the tensile
were used to assess the microstructure of the mate- gage diameters and 30-0 mm for the tensile gage
rials. Polished optical microscopy specimens were lengths. Prior to testing, all samples were electropol-
etched by swabbing with a mixture of 0-10 kg ished in a 10% perchloric acid-90% methanol solu-
MoO 3, 50 ml HF and 150 ml H20. tion that was cooled to 208 K. Tensile tests were

Samples for transmission electron microscopy performed on an Instron Model 1125 load frame
(TEM) were -cut from the gages of tested tensile at a constant crosshead velocity corresponding to
specimens with a low-speed diamond saw and twin an initial strain-rate, e, of 1.4 X 10-- s-. All tests
jet-electropolished in a solution of 70% ethanol, were performed in air at 300 K. True stress-strain
14% distilled water, 10% butylcellusolve and 6% data were calculated from the load-time plots and

Table 1. Compositions and grain sizes of the polycrystalline NiAI alloys investigated

At% Atppm
Alloy Grain
(heat) size

(Um) Ni Al Ti Si C 0 N S

CPNiAI-I - 18-7±1.5 50.1±0-2 49.7±0.2 0.15 147 70* <9 <7
(L2971)
CPNiAI-2 18-0±2-0 50-1±0.2 49-8±0-2 - 0-02 186 94 <9 <7
(L3 199)
HP-NiAI 51-4±2-3 49-9±0-2 50-1±0.2 - 0.02 43 32 <9 <7
(L2987)
HPNiAI-C 44.6±4-0 5012±0.2 49-8±0.2 - 0-05 92 30 <9 <7
(L2988)
NiAI-N 4-0±0-3 50-.1±0.2 49-7±0.2 - 0-02 57 347 904 <7
(P1810)
NiAI-100C 20-0±2-0 49-9±0-2 50-0±0-2 - 0-02 490 183 <9 <13
(L3218)
NiAI-300C 20.0±2.0 49-9±0-2 50-0±0.2 - 0.01 1153 131 <9 < 12
(L3217)
NiAI-Ti 20-0--2.0 49-9±0-2 50-0±0-2 0.03 0-00 214 113 15 <7
(L3215)

Ni and Al: Analysis performed using wet chemistry/titration techniques, relative accuracy ± 1%.
Q C and S: Analysis performed on a simultaneous carbon/sulfur determinator, LECO Corp., Model CS-244, relative accuracy ± 10%/6.

N and 0: Analysis performed on a simultaneous nitrogen/oxygen determinator, LECO Corp., Model TC-136 or Model
TC-436,. relative accuracy ± 10%.

Ti: Analysis performed using inductively-coupled plasma emission spectroscopy, relative accuracy ± 5%.
Si: Analysis performed on an ultraviolet/visible spectrophotometer, Shimadzu, Model UV-160, relative accuracy ± 10%.

The figure of 550 atppm quoted in earlier papers was in error.
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yield stresses were determined by the 0.2% offset EXPERIMENTAL RESULTS
method.

The tensile testing was accomplished in three steps: Composition and microstructure
First, baseline mechanical properties were deter-

mined for all eight alloys by testing them as follows: Within experimental accuracy (_+0.2 at% for Ni
(1) as-extruded and (2) as-extruded + 1100 K/7200 and Al), the Ni and Al contents of the eight alloys
s/furnace cool (FC). (3) Four alloys (CPNiAI-I, are not significantly different from each other. The
HP-NiAI, HPNiAI-C, and NiAI-N), having received major differences between the materials are the
treatment (2), were prestrained via hydrostatic residual Si, C, 0 and N contents and the presence
pressurization to 1.4 GPa. The prestrain pressur- of Ti as an alloying addition to NiAI-Ti.
ization treatment was selected based on the obser- The microstructures of all the NiAI alloys were
vations of Margev.icius et al.6""9 2  similar as observed by optical microscopy and TEM,

Second, the temperature regime resulting in the and consisted of fully dense, recrystallized and
maximum recovery of the yield point was deter- equiaxed grains. The only differences were the obser-
mined for a series of CP-NiAI specimens, having vation of semi-continuous distributions of nanome-
received treatment (3). Specimens were annealed ter-size precipitates in the NiAI-N (see ref. 24) and
at temperatures ranging from 500 to 1100 K for NiAI-Ti alloys, (Fig. 2). In the case of NiAI-•N,
times ranging between 60 s and 604800 s (168 h) previous studies have revealed that the precipitates
followed by FC, air cooling (AC), or water are AIN. 4 Energy dispersive spectroscopic (EDS)
quenching (WQ).

Third, some specimens were statically strain
aged as follows: specimens were prestrained approx-
imately 0-2% in tension at room temperature,
unloaded, aged in situ on the load frame for aging
times varying between 50 s and 113000 s (30 h), and
then restrained at room temperature to approxi-
mately 0-2%. Aging temperatures were selected based
on the results from the test sequences described
above. On several occasions, specimens were sub-
jected to recovery anneals of 1100 K/1800 s (30
min.)/AC following an aging cycle. These proce-
dures were repeated several times until fracture
occurred in an effort to elucidate the influence of
strain-aging on flow and fracture behavior of NiA1.
The results of one such experiment are presented
in Fig. 1, which shows the stress-strain curves for
an alloy following multiple strain-aging cycles. A
more detailed accounting of the test method used
to study static strain-aging in NiAI is provided in
refs 12,13 and 15.

CPNiAI- I

P 14G) RceySpecimen 09 d Ti:S616 K(/10 rain anne.1 i

Am 200 S~Iii

,u 150 Ti_ ;0.Ti Ni Ni
.• i ,Ni Al

T T E- 1_te1. 0 - II l12D 716

Fig. 2. Precipitates observed in NiAI-Ti: (a) backscattered
0 scanning electron micrograph of TiC precipitates in NiAI-Ti;

P (b) BFTEM micrograph of a large TiC precipitate; (c) TEM
Percent Strain microdiffraction pattern from the TiC precipitate ([001] TiC

Fig. I. Series of true stress-strain curves for CP-NiAI after zone axis): and (d) EDS spectra for the particle in (c) indicating
multiple strain-aging cycles, the presence of Ti.
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analysis in the TEM indicated that the precipitates Mechanical properties
in NiAI-Ti were rich in Ti. The individual precip-
itates were, in general, too fine for analysis. On The baseline mechanical properties are summarized
occasion, however, larger precipitates were observed in Table 2. Typical room-temperature stress-strain

( within individual grains or along grain bound- curves for each alloy are shown in Figs 3-7. From
aries. These precipitates were typically elongated this data it is observed that the yield stress of each
in shape as indicated in Fig. 2. Low-intensity EDS alloy decreased following,,the 1100 K/7200 s/FC
peaks corresponding to carbon were detected for anneal. In addition, a tendency for discontinuous
some of these precipitates in addition to the distinct yieldinag was apparent in the CPNiAI-I, CPNiAI-2,
Ti peaks. Careful analysis of TEM microdjifrac- HPNiAI-C, NiAI-100C and NiAI-300C alloys but
tion patterns taken from these larger particles not in HP-NiAI, NiAI-N or in NiAI-Ti. Further
indicated that they were crystallographically con- decreases in yield stress and elimination of the
sistent with TiC. tendency for discontinuous yielding were achieved

Table 2.. Baseline tensile properties of NiA! alloys

0.2% yield Fracture lntergranular
Material Condition* stress s tress Ductility fracture Observations t

(MPa) (MPa) (%) (%)

CPNiAI-l As-extruded 269 379 2-11 na DY, YP
As-extruded 275 368 1-83 36-0 DY, YP
Annealed/FC 184 301 2-08 36-1 DY, sharp YP
Annealed/FC 197 228 1-04 na DY, sharp YP
Annealed/AC 154 309 2-26 na DY, plateau
Annealed/WQ 143 228 1-13 46-2 CY

Pressurized 154 288 1-86 na CY
Pressurized 159 317 1-81 37.5 CY
Pressurised 154 322 2-16 37.4 CY

CPNiAI-2 As-extruded 164 241 1-05 30.8 CY
As-extruded 172 306 1-70 37-9 CYSAnnealed 117 257 2-05 35-2 DY, sharp YP
Annealed 116 336 3-34 40-2 DY, sharp YP

HP-NiAI As-extruded 166 214 0.79 57-5 CY
As-extruded 157 235 1-16 60-4 CY
Annealed/FC 98 174 1-17 63-2 CY
Pressurized 118 176 0.92 58-2 CY

HPNiAI-C As-extruded 170 201 0.59 43-4 CY
Annealed 113 157 0-68 na YP

Pressurized 96 171 0-98 39-4 CY

NiAI-100C As-extruded 155 255 1.35 37.5 DY, plateau
As-extruded 151 319 2-25 33-0 DY, plateau

Annealed 113 342 3.29 41-9 DY, sharp YP
Annealed 115 285 2-35 40.1 DY, sharp YP

NiAI-300C As-extruded 180 322 2.02 32-4 CY
As-extruded 162 297 1.84 28.6 DY, plateau

Annealed 109 343 3.29 42-8 DY, plateau
Annealed 108 352 3.38 48-4 DY, plateau

NiAI-N As-extruded 298 409 1-32 na CY
As-extruded 297 476 2.20 34.I CY

Annealed/FC 265 468 2-45 31-9 CY
Pressurized 266 434 2.16 na CY
Pressurized 274 352 1.03 33.5 CY

NiAl-Ti As-extruded 170 235 0.86 57.5 CY
As-extruded 176 176 0.20 56-2 CY

Annealed 123 256 1-76 64-7 CY
Annealed 124 265 1.81 64-3 CY

*Annealed/FC or annealed = as-extruded + 1100 K/7200 s/FC; Annealed/AC = as-extruded + 1100 K/7200 s/AC; AnnealedlWQ

= as-extruded + 1100 K/7200 s/WQ; Pressurized = as-extruded + 1100 KJ7200 s/FC + pressurize 1-4 GPa.
tDY = discontinuous yielding, upper yield point, sharp yield drop; YP = yield point; CY = continuous yielding; na - not available.
Intergranular fracture: accuracy = ± 10%.
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Fig. 3. Room-temperature tensile stress-strain curves for Fig. 6. Room-temperature tensile stress-strain curves for NiAI-N
CPNiAI-I in the as-extruded, annealed, pressurized and in the as-extruded, annealed, and pressurized conditions.

pressurized+annealed conditions.

250 HPNiAI-C 400

Polycrystalline NiAI
350
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d) 200 A A
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( Fig. 4. Room-temperature tensile stress-strain curves for Fig. 7. Representative room-temperature tensile stress-strain
-PNiAI-C in the as-extruded, annealed, and pressurized curves for CPNiA1-2, NiAI-100C, NiAI-300C and NiAI-Ti.

conditions.

HP-NIAI Recovery of the discontinuous yield behavior (in
those alloys where such behavior was observed)

20o following pressurization could be accomplished by
1-c re-annealing pressurized specimens at 1100 K/2 h

; 150 K. followed by furnace cooling (Fig. 4). Interestingly,
even though the yield stress could be reduced

100 by annealing and in some cases by hydrostatic
2 • pressurization, these treatments had no obvious
I- 1100KWF0P(1.4Gwi) influence on the tensile ductility or fracture behavior

0 of the various alloys (Table 2). Similar obser-

Percent Strain vations have been recently reported by Margevi-
cius and Lewandowski for single crystal and

Fig. 5. Room-temperature tensile stress-strain curves for HP-
NiAl in the as-extruded, annealed, and pressurized conditions. polycrystalline NiAI alloys. Representative scan-

ning electron micrographs of the typical fracture
surfaces observed in this study are exhibited

in the CPNiA1-1 and HPNiA1-C alloys if the speci- in Fig. 8 and the percentage of intergranular frac-
mens were subsequently hydrostatically pressurized ture for all materials is summarized in Table 2.
at 1-4 GPa, whereas no additional decreases in yield For all specimens, failure was always by a combi-
stress or other apparent changes in flow behavior nation of intergranular separation and transgranular
were observed in the powder processed NiAl-N cleavage. Surprisingly, the HP-NiAI and NiAl-
alloy or in the HP-NiAI material after hydrostatic Ti exhibited a greater tendency for intergranular
, ressurization (Figs 3-6). Pressurization treatments failure- and lower tensile ductility than the other
were not conducted on the remaining alloys. alloys.
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Influence of prestraining and annealing on baseline
properties

To determine whether the observed yield points
resulted from the hold at temperature or during
cooling from the annealing temperature, speci-
mens of CPNiAI-1 previously prestrained hydro-
statically, were annealed at 1100 K/7200 s
followed by AC or WQ. The resulting properties
are summarized in Fig. 9 and in Table 2.
After WQ, only continuous yielding was observed
while after AC, there was some evidence of a yield
plateau which initially suggests that the yield
points observed following FC are the result of
the pinning of dislocations by mobile solute
atoms during cooling through lower temperatures.
As a result, annealing experiments were initi-
ated at lower temperatures to determine the criti-
cal temperature for the migration of solute atoms
to dislocations. The results of these experiments
are summarized in Fig. 10. It was observed
that yield plateaus formed in CP-NiAI after
hydrostatic prestraining followed by annealing

400 CPNiAI[-
Polycrystal

350 "Strain Rate - 1.4 x 10" s'

g. 300

h 200
V)4 150 110 2hF

.. ,018 1100 K/2hIAc o10o0K/2 IkQ

100 Oo.2-154 002- 143

50

Percent Strain

Fig. 9. Room-temperature stress-strain curves illustrating the
( influence of cooling rate on the tensile flow behaviour of

CP-NiAI.
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Fig, 8. Representative fracture surfaces of CPNiAI-l samples
tensile tested at room temperature: (a) as-extruded: (b).after
annealing at 1100 K for 2 h followed by furnace cooling: (c) Percent Stra~n
after annealing followed by subsequent pressurization. Similar Fig. 10. Room-temperature stress-strain curves illustrating
fracture surfaces were observed in the other alloys tested in the influence of various prestraining and annealing treatments

this study. on the tensile flow behavior of CP-NiAI.
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treatments of 700 K/7200 s FC but not followineL (15 mmi) at 52-2 K and in as little as 60 s (I inIm)
anneals of 500 K/7200 s/FC. Conversely, if the at 700 K. Additionally, no yield points were
specimens were pi-estrained uniaxially. notable observed wh1en annealing temperatures exceeded
yield points formed readily after as little as 900 s 900 K.

(V

_(c)

X-AA

'',.

'14

Fig. 11. Transmission electron micrographs of CPNiAI-l after uniaxial and hydrostatic prestralning at 300 K: (a) CPNiA-I-
prstrained uniaxially 0-05'Y:, (b) CPNiA-I- prestrained uniaxially 0-40%:1 (c) CPNiA-I- prestrained uniaxially 2-040/%;

(d) schematic stress-strain curve showing stress-strain levels where specimefis in (a)-(c) were taken from: (e) prestrained hydro-
statically to 1.4 GPa.
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TEM observations of deformed specimens in conventional cast and extruded NiAI. 9 In
NiAI-N, the oxygen and nitrogen contents were

Figure 11 shows a series of TEM bright field images much higher than those observed in CPNiAI-1 or
of CPNiAl- I that was deformed at room-tempera- CPNiAl-2 while the C-content was much lower,
ture following anneals of 1100 K/2 h/FC. Tensile which suggests that nitrogen and oxygen are not
tests were interrupted at plastic strains of 0.05, the species responsible for the observed yield
0-31 and 2-04% corresponding to the yield stress points. When all excess interstitials were reduced
peak, the Ltiders region and after fracture respec- sufficiently, as in the case of HP-NiAI, no yield
tively. At 0-05 and 0.31% strain (Figs 11(a) and points were observed; however, doubling the carbon
(b)), the dislocation structure consisted of a low concentration (HPNiAI-C) resulted in a well-defined
density of inhomogeneously distributed dislocations yield point. These observations are supported by
arranged into poorly defined cells and dense tangles. the prior investigations of Noeb e and .Gýtrg 24 who
Some intercellular/inter-tangle dislocation debris observed sharp yield points in powder processed
was observed although the cell interiors remained conventional purity NiA! (C=143 appm, 0=227
largely dislocation free. As the strain was increased appm, and N=6 appm) but no yield points in
to 2-04% (Fig. 11), the dislocation density increased powder processed nitrogen-doped NiA! (C=57
and the cells were well defined. The dislocations appm, 0=347 appm, and N=904 appm). Also, in
observed were predominantly <100> dislocations HPNiAI-C, it was observed12."3 that longer aging
of mixed character. The predominant slip plane times are required to achieve the same yield incre-
was {011} although some dislocation debris lying ment as observed in CPNiAl-l and CPNiA1-2. It
on {001 } slip planes was occasionally detected. is believed that this behavior is a result of the sig-

Figure 11 (e) shows the dislocation substructure nificant reduction in the concentrations of intersti-
observed in CPNiAl-1 following hydrostatic pre- tials, particularly C. Since there is less carbon to
straining to 1.4 GPa. In agreement with the reports pin dislocations in NiAl-C, the carbon present
of Margevicius and co-workers21.2' for conventional must, presumably, diffuse longer distances to cause
purity cast and extruded NiAl, the dislocation sub- pinning. Finally, in NiAI-Ti, the bulk interstitial
structures consisted of a more uniform distribution levels were equivalent to those observed in CP-
of long, straight dislocations generated from grain NiAI-2 which exhibited yield point behavior.
boundaries. Diffraction contrast analysis revealed However, no yield points were observed in NiAI-Ti
that all of the dislocations were of <100> type. which was shown to contain TiC precipitates; this

In agreement with the many prior studies of suggests that the lack of a yield point in NiA1-Ti
extruded near-stoichiometric NiAI in bulk form2 -28  is due to the gettering of sufficient carbon from
and during in situ TEM observations,29 the deforma- the NiAI matrix and that carbon is the species
tion substructure following straining at room-tem- responsible for the observed yield points.
perature consisted of a network of poorly defined
dislocation cells, dense tangles and intercellular Influence of prestraining
debris. Well defined deformation bands were not
observed by TEM nor was there evidence of coarse As noted in the Results, the return of a sharp
slip bands intersecting the specimen surfaces. yield point is much more rapid when the specimen

has been prestrained uniaxially as opposed to
hydrostatically. During uniaxial deformation of

DISCUSSION NiAl, dislocations cross-slip easily forming cell
structures2 4- 2 6' 28-30 that result in high work harden-

Species responsible for strain-aging in NiA1 ing rates at room temperature. As a result, the dis-
locations are in essence pinned. In contrast, samples

A preliminary determination of the species most pressurized hydrostatically show a more even dis-
likely responsible for the strain-aging effects in NiA1 tribution of dislocations which are not bound in
can be made by examination of the aging behaviors cells (Fig. 11 and ref. 21). In uniaxially pre-
of all eight alloys. Discontinuous yielding, in the strained samples, since some of the dislocations are
form of yield points and yield plateaus, was observed already locked up in cell structures, fewer mobile
in CPNiAI-1, CPNiAI-2, NiAI-100C, NiAI-300C dislocations are available. Thu*s, less solute is
-and HPNiAI-C, while continuous yielding was required to pin the available mobile dislocations.
observed in HP-NiAI, NiAI-Ti or NiAI-N follow- Since more mobile dislocations are available in
ing heat treatments known to produce yield points hydrostatically prestrained samples, more carbon
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is required to cause pinning. As a result, longer dislocations which require more diffusion time for

aging times are required to achieve the same yield strong locking to occur.
point increments observed after uniaxial prestrain- Yield point phenomena can be removed by micro-

ing. A similar explanation has been applied to alloying with sufficient levels of reactive elements

train-aged steels prestrained in directions non- such as Ti, which getters carbon from the matrix

,arallel to the original tensile direction. 31 by forming precipitates of TiC.
The results of this study also revealed a further Despite their influence on the flow behavior of

reduction in the yield stress of CPNiAI-l, HP- NiAI, prestraining and/or strain-aging have no
NiAI, and HPNiAI-C following pressurization to observable impact on the room-temperature fracture
1-4 GPa. However, no such effect was observed characteristics of NiAl alloys. In fact, fracture always
in NiAI-N. Prior investigations by Margevicius et occurs by a mixture of intergranular failure and
al.2' on pressurized NiAI alloys have shown that transgranular cleavage and tensile ductility was
dislocation generation is enhanced by composi- unaffected by the various prestrain and annealing
tional differences between neighboring grains. This treatments performed.
suggests that higher dislocation densities will be .
induced in CPNiAI-l, HP-NiAI, and HPNiA1-C
over NiAI-N due to the larger compositional vari- ACKNOWLEDGEMENTS
ations between the neighboring grains as a result
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Introduction

It is well established that both polycrystals and ("hard") <001> oriented single crystals of NiAl show
practically no ductility at room temperature (1-3). For "soft" (non-<001>) oriented single crystals, the

_ elongations at room temperature typically do not exceed 1-2% (4,5). Higher room temperature ductilities
have been achieved using various schemes such as heat treatment, microalloying, etc. (1-10). In one of
the more controversial papers, Darolia et al. (1) presented single crystal data suggesting that small (< 1%)
additions of iron, gallium or molybdenum enhance the room temperature tensile ductility of <1 10> single
crystals to 5-6%; this spumed a large amount of work around the world aimed at elucidating the mech-
anism(s) responsible for this effect. While there has been no apparent independent confirmation of this
unexpected ductilization effect, various investigators have suggested and, in some cases, shown that the
following factors are of extreme importance to the mechanical behavior of this compound: impurity con-
tent, heat treatment (thermal vacancies), constitutional defects (due to deviations from stoichiometry.),
orientation, prestraining and surface condition (1-12). For example, prestraining at temperatures ranging
from RT to 1000K has been reported to increase the fracture toughness (6,11), tensile ductility and yield
stress (8) while pressurization led to a decreased yield stress (12) presumably by introducing new mobile
dislocations and/or by unpinning existing ones. In a recent study, Noebe et al. (7) noted that, out of six
specimens from a stoichiometric crystal, one exhibited 12.9% elongation whereas the other five had
elongations between I and 2.4%.

The purpose of this note is to illustrate that it is possible to achieve high (- 25%) RT tensile elonga-
tions by optimizing these factors and to shed further light on the overall behavior of NiAl single crystals
in soft orientations.

Experimental Procedure

A NiAl single crystal (28 mm diameter by 75 mm length) was grown in a high purity alumina crucible by
the Bridgman technique in an atmosphere of purified argon. The starting charge was in the form of small
ingots prepared by non-consumable arc melting. Care was taken to use high purity starting materials
(99.98 Ni and 99.999 Al) and the chemical analysis of the crystal indicated that the purity was high and
that the Ni/Al ratio was near the stoichiometric composition (Table 1). After growth, the crystal-was
annealed at 1573 K for 3 h and cooled inside the furnace at - 0.1 K/s. The orientation of the single crystal
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TABLE I
Chemical Composition of the NiAI Single Crystals Used in This and Previous Studies

Ni, at..% Al, at.% Si, :t.% C, aippin 0, fllPi N, appnm S, :lppin Source

49.4 50.55 0.017 50 80 <10 <10 Prcscnt

50.2 49.75 0.060 <36 <27 <31 <13 Rer. 9

48.5 51.35 0.200. 250 180 <20 N/R Rcf. I I

50.1 49.80 NIR N/R 120 <15 N/R Rcf. 14

was determined to be approximately [213] using the back reflection Laue method. After heat treatment,
the crystal was cut into two cylindrical sections with the cylinder axes parallel to the growth direction
using an electrodischarge machine (EDM). One of the cylinders was wrapped in Fiberfax insulation,
placed in a carbon steel pipe, heated to 1273 K in a muffle furnace and then deformed radially in compres-
sion using an Instron 1125 testing machine at a strain rate of - 10' s-'. A total strain of-- 10% was
calculated from the ratio of the initial and final heights of the sample.

After compression, both deformed and undeformed crystals were reheated to 1273 K, held for 0.5h,
and then cooled inside the furnace as before. Tensile specimens were cut from both prestrained and unde-
formed sections of the single crystal with their tensile axes nearly parallel to [213] (Fig. 1). The specimens
"had rectangular gage sections (1.6 x 2.4 mm), 10 mm gage lengths and 25 mm total lengths (Fig. 1).
Significantly, the orientations of the faces and sides of the specimens are as shown in Fig. 1 where it is
noted that the narrow sides of the prestrained specimens and the flat faces of the unprestrained specimens
are nearly parallel to (111), i.e., there is an approximate 90' rotation between the gage sections. While this
rotation was unintentional, it revealed some intriguing results as will become apparent below. After
cutting, the tensile specimens were electropolished in a 10% perchloric acid-90% methanol solution at
temperatures slightly below ambient. Tensile tests were performed under ambient conditions using an(Instron 1125 testing machine at a strain rate of 10 s-. Tensile elongation, e, true strain, E, and 0.2% offset

yield stress, ao2, were calculated using routine methods. Both shear stress, t = a,., .f, and shear strain,
y = &/f, wheref is the instantaneous Schlnid factor assuming the operation of a single slip system, name-
ly, [0011/(110), were calculated. The value off was calculated for the initial and final orientations, as
determined from back reflection Laue patterns, and was estimated for some of the intermediate orientations.

After testing the specimens to failure, the fracture surfaces were examined using JEOL 35C scanning
electron microscope at accelerating voltages of 10 kV. For the dislocation substructure examination, thin
foils were prepared from undeformed material and the deformed gage sections using standard methods
and examined in a JEOL 200CX transmission electron microscope. For the deformed material, the foils
were cut parallel to the faces of the gage sections which, as mentioned above, were at - 90* to each other.
Standard diffraction contrast (g. b) analyses were performed to determine the nature of slip after deformation.

F1eo1231

Figure 1. Schematic of the single crystal geometry before and after prestraining as well as the orientation of the tensile specimens.
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(a) (b)

"It

Figure 2. Stereograms showing initial and final orientations of (a) prestrained specimens and (b) control specimens after testing
in tension at room temperature. ii-face, ,-side, o-tensile axis (see text). The arrows indicate the nature of the rotation during the
tensile deformation.

Results

Prestraining the crystals prior to testing produced a substructure consisting of -50 pm subgrains,
containing a low dislocation density, separated by low angle subboundaries. Standard diffraction contrast .
(g - b) experiments revealed that essentially all of the dislocations in both the subboundaries and the
subgrains had <100> Burger's vectors. Misorientations, Aiý, across typical dislocation walls were of the.
order ofA40 = b/h = 10-'rad, where b = 0.28 nm and h = 20 rim. is the average distance between adjacent
dislocations in the subboundary. No other significant differences between the prestrained and unpre-
strained (control) specimens were apparent.

The tensile properties of these crystals are presented in Table 2 and compared in Fig. 3. Significantly,
the cr., and c values are slightly below those typically reported for NiAI crystals in this orientation
whereas the elongations are considerably higher (1-5). It is also apparent that the prestrained samples had
higher elongations and shear strains, while both ao.2 and T decreased somewhat relative to the :::".i-:.: ~~:..":.
unprestrained material. The basis for this difference will be discussed further below. -::: :-..

TEM analysis of the dislocation substructure in the gage length after -tensile testing revealed that the:-:• --- ""' .. ..-
subboundaries in the prestrained material were still present although, as expected, the material contained :. .
a higher dislocation density than before testing. Furthermore, the dislocation distribution in the unpre-
strained and prestrained samples were observed to be radically different when observed in the foils cut
parallel to the faces of the gage sections. Specifically, the dislocations formed cells in the unprestrained

TABLE 2
The Mechanical Properties of the NiA! Single Crystals at 293K -s

So.~~,, 4 ....
Sarpe 02 ,% CRS tt., OT

g I.SO
C o n tro l # 1 1 15 15 .3 5 4 5 9 9 9 1 -" •J 3 o , 4 .s o " ,,,

Is,,t,

Control #3 103 117.6 148 648 103 1 so. ......
Control #4 112 16.2 53 540 100 _

(.~ 0. -OA, 04 0.6 - o.8 - "
Prestrained #1 107 28 48 389 46 Truea and shear strans .Fiu Fresteraeoga2 sw 2n.ia an 3ia o n fin gure 3. aTrue stress-true strains(,2) and shear t
Prestrained #3 95 1 1.4 43 537 88 stress-shear strain (3,4) curves. 1,3--rcontrol; the
Prestrained #4 c100 l23.9 45 393 50 2,4-prestrained specimens. "0.sub

continig alowdisocaiondenity searaed y lw aglesubounaris~ tanarddifracionconras
( (gb) xpeimens rveaed tat ssetialy al o th disocaion-inboththesuboundrie an th
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1C

Figure 4. TEM bright-field images of the dislocation substructure of the prestrained specimen after 23.9% deformation at RT (a,b),
and of the control specimen after 15.3% deformation at RT (c).

specimens and bands in the prestrained specimens (Fig. 4). Diffraction contrast experiments (Fig. 4 a and
b) revealed that essentially all of the dislocations in the bands were edge in nature with b = [001] as
expected based on the initial orientation. However, in the samples cut from the unprestrained material, the
dislocation distribution in the cell walls was considerably more complex (Fig. 4 c) indicating the more
complex slip behavior. In both cases, the overall dislocation density was quite low considering the signifi-
cant amount of plastic strain (e = 0.2) imparted; this implies that the material primarily underwent single
slip prior to fracture.

Back reflection Laue patterns obtained from the fracture surfaces after more than 20% elongation were
almost as sharp as those before testing suggesting low residual stress levels (i.e., low accumulated strains)
at the fracture surface as a result of the large deformation. Laue patterns obtained from the gage sides,
however, exhibited much higher distortions implying that the strain in the material near the sides was
considerably higher. Finally, it was noted from the Laue analysis that the orientation parallel to the tensile
axis rotated during the deformation from the initial [213] towards the [001] comer of the triangle although
not directly towards [001]. The final orientation was near the [215] (Fig. 2) and the angular path is that
expected for the operation of the [001](110) system, i.e., since the tensile axis, slip plane and slip direction
are non-coplanar, the rotation of the stress axis is not exactly towards the slip direction but, rather, is
towards the 001-110 symmetry line which contains both the slip direction and the slip plane normal.

Another check as to whether single slip is the dominant deformation mechanism is to correlate the
angular rotation with the predicted shear strain. Using the standard notation of Ref. (13) where Xo and X,
are the angles between the axis and the slip direction before and after deformation, respectively, and Xo
and X, are the angles between the axis and the slip plane before and after deformation, respectively, then
the shear strain is given by

cos X I cos X0

sin XI sinX 0

When the measured angles are input, the calculated value of C is 0.55 for the prestrained specimen that
displayed 28% elongation. The calculated shear strain using the empirical data and the appropriate Schmid
factor for [001](110) slip is 0.63 and is well within the experimental errors of the measurements. This
provides strong evidence that the deformation indeed occurs by the operation of a single slip system.

The fracture surfaces appeared brittle macroscopically (Fig. 5) and tended to be oriented at angles of
between 350 and 55° to the tensile axis; this is consistent with the reports of other authors (4). In addition,
there was no evidence of strain localization in the form of necking in the gage length or load drop in the
load-elongation curves. In essentially all cases, single cracks were nucleated, at or near the sample surface,
and propagated at or across the whole cross section. The only apparent difference between the samples
fractured after 11% elongation and those after 28% was the larger distortion of the gage cross section in
the latter (Fig. 5). It should be noted that this distortion also appears to be reasonably consistent with the

K
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Side

a b

Figure 5. Fracture surfaces of the tensile specimens tested at room temperature: (a) prestrained, 28% elongation; (b) control, 16.2%
elongation.

operation of a single slip system as noted above and suggested by the different shape changes corres-
ponding to the different initial orientations. Finally, there was no apparent surface or near-surface defects
associated with the nucleation of the cracks even though the fractures almost always nucleated at or near
the surface.

Discussion

fhe high tensile elongations achieved in the present study indicate clearly that NiAI is not as intrinsically
brittle as previously believed. In fact, RT elongations of over 20% are remarkably higher than anything
published previously suggesting that important issues concerning the deformation and fracture of NiAl
remain poorly understood. Since the highest reported tensile elongation prior to these results was less than
13% (approximately one-half of the current maximum elongation), it is important to discuss these results
accordingly.

As pointed out above, the dislocation substructure after deformation and fracture as well as the shape
change of the cross section are strong indications that the material primarily underwent single slip in these
experiments. In addition, the rotation of the stress axis towards the [0011 part of the stereographic triangle
is consistent with the operative slip system being [001](110) which has a slightly higher Schmid factor
(0.455 vs. 0.429) than the alternative [001](010) system. Likewise, if [00 1](100) were operative, the
[100](001) system would also be expected (same Schmid factor) and the overall rotation would be towards
the 101 corner of the stereographic triangle. It should be mentioned that the slip plane may not be well
defined in this system, i.e., it might be of the type {hk0} as suggested by Takasugi (14); however, as noted
above, the observed rotation is consistent with the (011) slip plane as suggested above and in the calcula-
tion of shear strain using the initial and final orientations.

By taking this into account and assuming the slip system to be [001 ](110), it is possible to calculate
the CRSS values and draw shear stress-shear strain (r vs. y) curves based on the true stress-true strain (a
vs. C) curves and noting the initial and final orientations of the crystal. These results are shown in Fig. 3
where it is clear that the work hardening rate, 0 (= dr/dy), is - 46-88 MPa (Table 2). This value is-
4-8 x 10 times the shear modulus of NiAl along the elastically softest <001> direction (p,,o = 112 GPa)
(15). For comparison purposes, it is interesting to note that the work hardening rate in hcp crystals (Zn,
Mg and Cd) undergoing single slip is typically of the order of 10-4 times the shear modulus and these
crystals are able to undergo over 100% elongation at room temperature via the operation of a single slip
system. Therefore, even though the B2 structure appears more like a bcc cell, the strong tendency for cube

( lip accounts for its tendency to behave more like an hcp metal when oriented for single slip. Another
\ feature consistent with this comparison is the tendency for the material to undergo kinking in both

compression (2,3) and tension (16), the latter under the special circumstances ofmisalignment away from
the hard orientation and misalignment of the sample in the grips. All of these issues will be addressed in
detail in a forthcoming paper.
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(

Conclusions

NiAl single crystals oriented along [213] exhibit tensile elongations of up to 28% at room temperature
under certain conditions. Based on the analysis of these crystals, it appears that the majority of the defor-
mation is by the single slip system [001](110); this leads to a rotation of the tensile axis towards the 001-
110 symmetry line. Furthermore, the work hardening rate is found to be quite low (about 0.1% of the shear
modulus) when the crystal rotation (decreasing Schmid factor) is taken into account; this is consistent with
single slip as noted in HCP crystals.

The CRSS is quite low (45-55 MPa) for the crystals tested and is - 10% lower after prestraining at
1273K. Prestraining also leads to an increase .in the tensile elongation from an average value of 16% to
26%. While this effect is not completely undergood, it was noted that the high temperature prestraining
resulted in the production of dislocation-free subgrain volumes, separated by low energy dislocation boun-
daries; these may act as sources for mobile dislocations and lead to more uniform strain throughout the
gage length. Alternatively, the different orientations of the gage sections may account for the variations
in elongation.

The fractures typically occurred by the nucleation of single cracks from the sides/comers of the gage
sections. The back reflection Laue patterns taken from the fracture surface indicated low residual stress
levels near the fracture consistent with the operation of a single slip system with negligible work harden-
ing. In addition, there was no apparent "preferred" cleavage plane as the fracture surfaces tended to occur
on macroscopic planes that were between 350 and 55" from the tensile axis consistent with previous reports.
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Introduction

Alloys based on the intermetallic compound NiAI are considered potential replacements for Ni and Co-
based superalloys in high temperature structural applications due to their excellent oxidation resistance,
low densities, high thermal conductivities, and increased melting points. Unfortunately, NiAI exhibits low
tensile ductility at room temperature and low strengths at elevated temperatures which have combined to
hinder its development. Recent efforts, have revealed that NiAt in the presence of sufficient solute levels,
is subject to the phenomenon of strain aging [1-13] which manifests itself as: sharp yield points,
abnormally low strain rate sensitivities (SRS), plateaus or peaks in yield stress and work hardening rate
as a function of temperature, flow stress transients upon an upward change in strain rate, reduced tensile
elongations at elevated temperatures, and serrated stress-strain curves. Though recent efforts via either
alloying or the removal of interstitial impurities [14,15], have resulted in consistent room-temperature
tensile elongations exceeding 5% and the elimination of serrated flow, the effects of particular
substitutional and interstitial elements and the mechanisms by which they might enhance or hinder the
mechanical properties remain unknown. Consequently, the purpose of the present paper is to provide a
preliminary assessment of the influence of common substitutional and interstitial impurities on the
deformation behavior of NiAl. To accomplish this goal a series of NiAl single crystal alloys containing
various interstitial solutes were prepared and their mechanical properties were evaluated between 77 and
1100 K. Because Si is a common impurity in conventional purity single crystals grown by the Bridgman
method, Si concentrations were also varied in order to determine the influence of this element.

Experimental Procedure

Four nominally stoichiometric-NiAl single crystals were grown in argon using a modified Bridgman
procedure. One conventional purity crystal (CPNiAI-1) was produced at General Electric Aircraft Engines

941
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( TABLE I
Chemical Compositions and Crystallographic Orientations of Materials Used

at.% at. ppm

Alloy Orientation Ni Al Si C 0 N S

CPNiAI- 1 [123] 50.6±0.2 49.2±0.2 0.17 112 87 <6 <10

UF-NiAlI [123] 50.3±0.2 49.3±0.2 0.01 136 132 15 <10

NiAI-Si [110] 50.4±0.2 49.3t0.2 0.29 220 95 12 <10

HP-NiAI [123] 50.210.2 49..8±0.2 0.04 76 40 24 24

Ni & Al Analysis performed using analytical wet chemistry/titration techniques, relative accuracy ±1%
Si Analysis performed on an Ultraviolet/Visible Spectrophotometer, Shimadzu, Model UV-160, relative

accuracy ± 10%
C & S Analysis performed on a Simultaneous Carbon/Sulfur Determinator, LECO Corp., Model CS-244, relative

accuracy ±10%
N & O Analysis performed on a Simultaneous Nitrogen/Oxygen Determihator, LECO Corp., Model TC-136 or

Model TC-436, relative accuracy +10%

and measured 25 mm x 32 mm x 100 mm. Ingots of C-doped low Si (UF-NiAII) and Si-doped NiAI were
produced at the University of Florida using arc melted and vacuum induction melted feed stock
respectively. These ingots measured 25 mm diameter x 60 mm length. A fourth low interstitial high purity
ingot (HP-NiAl), 25 mm diameter x 50 mm length, was produced via a containerless electromagnetic
levitating zone process at the University of Tennessee. All slabs were homogenized at 1589 K for a

(. minimum of 1 hour in argon followed by furnace cooling to room-temperature prior to machining into test
specimens.

Post-processing chemical analyses were conducted using the techniques deemed the most accurate for
the particular elements. The results of these analyses are listed in Table 1. The crystals were oriented using
the back reflection Laue technique and either centerless ground as round button-head tensile specimens
parallel to the <123> axis or EDM wire cut into cylindrical compression specimens parallel to the <1 10>
or <123> axes. Specimen dimensions were: (1) 3.1 mm and 30 mm for the tensile gage diameter and gage
length; and (2) 3.0 mm and 6.4 mm or (3) 4.0 mm and 10 mm for the compression sample diameter and
height, respectively. All tensile specimens were electropolished prior to testing in a 10% perchloric acid-
90% methanol solution that was cooled to 208 K. All mechanical tests were performed on an Instron
Model 1125 load frame at constant crosshead veloc ities corresponding to initial strain rates in the range
2.8 x 10-s s' to 2.8 x 10' s-1. Tests were run in air between 300 and 1100 K by heating the samples in a
clamshell type resistance furnace. Testing below room temperature was accomplished in compression by
cooling the specimens in liquid baths. True stress-strain data were calculated from the load-time plots and
yield stresses were determined by the 0.2% offset method. During some of the elevated temperature tests,
particularly in the temperature range where DSA was evident, strain was measured and controlled using
a clip on strain gage extensometer attached to the compression cage. The strain rate sensitivity (SRS) was
determined by increasing the strain rate by a factor often from the base strain rate at plastic strains of 1.8
and 5.0%. The quantity extracted from these experiments was the SRS, s = A a/,& lni. The flow stress
difference was measured using the extrapolation technique. When serrated flow was observed, the
extrapolations were drawn tangent to the stress peaks.

K
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Figure 1. The temperature dependence of the strain rate sensitivity, s=Ao/Alni, at 1.8% and 5.0% plastic strain. (a) HP-NiAI and

CPNiAI-1, and (b) UF-NiAll and NiAI-Si. Base strain rate = 2.8 x 10-l s-1.

Results

( The results of the chemical analyses indicated that within experimental accuracy, the Ni and Al contents
of the four alloys were not significantly different from each other. The major differences between the
materials are the residual Si, C, 0, and N contents. The presence of residual Si in CPNiAI- I has been
attributed to interaction between the molten NiAI and alumina-silicate mold during processing. The lower
concentrations of Si in UF-NiAIlI and HP-NiAI have been attributed to the use of higher purity feed stock
and, in the case of UF-NiAlI, to directional solidification in higher purity ceramic molds, and in HP-NiAI,
use of a containerless processing technique.

The temperature dependence of the SRS is presented in Fig. 1. For all four alloys, distinct SRS minima
were observed in the temperature ranges 300 to 400 K (low temperature) and 600 to 800 K (intermediate
temperature) with SRS actually becoming slightly negative in the intermediate temperature range for
CPNiAI-1 and NiAI-Si at 1.8% and at-5% plastic strain (e.g., in NiAI-Si at 5% plastic strain, s = -0.8 ±
0.5 at 800 K). Coincident with the intermediate temperature SRS minima were the occurrence of flow
stress transients in the form of sharp upper yield points in UF-NiAI 1 and serrated flow in CPNiAI- I and

2 E1 E2  ~l 300 KE I
E-

El 575 K
El

0.5% strain E2. • Ej

El 2  '

it=2.8 x 10-5 -1 E2 E 2 E 2 . .-.. .; .-. i.. .-.-
- I E EE2 - 900 K

F-2=2.8 X104S-1

-Figure 2. Portions of load-elongation curves for UF-NiAI 1 following strain rate change experiments at 300, 575, 670, arid 900 K
(E1/e= 10).
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750 • C2 81 00K
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Figure 3. The effect of temperature on the shape of the flow curves in NiAI-Si. (a) Typical flow curves following deformation at
C =2.8 x 10" s". (b) Typical flow curves following strain rate change experiments near 5% plastic strain at 300, 800, and 1000 K
(E2/e = 10). Note the negative SRS at 800 K.

NiAI-Si. Recently, independent analyses of conventional purity NiAI [10] and NiAI-Si [15] have
confirmed the occurrence of serrated flow at intermediate temperatures. In addition, Winton et aL [1 5],
who performed strain rate change experiments on NiAI-Si at higher strains, have confirmed the existence
if a pronounced SRS minimum at intermediate temperatures where SRS approached zero but tended to
remain slightly positive. More detailed investigations of this aspect are in progress [15]. No serrated flow
or flow stress transients were observed near the intermediate temperature SRS minimum in HP-NiAI. At
low temperatures, diffuse flow stress transients were observed in HP-NiAI and UF-NiAI1 with UF-NiAIl
exhibiting more pronounced effects. However, no such behavior was exhibited by CPNiAI-1 or NiAI-Si.
Examples of the effects of test temperature on the flow behavior of UF-NiAlI and NiAI-Si are illustrated
in Figs. 2 and 3 respectively. In UF-NiAI I, flow curves were always smooth and positive SRS values were
always observed. However, sharp upper yield points (Fig. 2) were consistently observed upon an upward
change in strain rate in the temperature interval -670 to 750 K as were more diffuse upper yield points
at low temperatures. No such behavior was observed outside of these temperature regimes. In NiAI-Si,
flow curves were smooth when test temperatures were maintained below 600 K or above 900 K. At

Figure 4. Examples of slip bands observed at 800 K in NiAI-Si. Similar bands were observed in CPNiAI-1.
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Figure 5. Temperature dependence of CRSS/E and elE for Fi~gure 6. Temperature dependence of CRSS/E and O/E for
HP-N~iAI. CPNiA!-1.

"temperatures between 650 and 850 K, however, SRS became negative (Fig. 2a) and serrated yielding was

observed. Analogous flow behavior was observed in CPNiAI-l, the other alloy that exhibited a negative
SRS. During strain rate change tests run in the serrated flow regime, two other features were observed:
(1) the flow stress either decreased or remained constant when the strain rate was increased with the
magnitude of the shift being dependent upon strain; and (2) critical strains for the onset of serrations were
observed with their magnitudes being dependent upon test temperature (see [1,5] for more details).

Analysis of the specimens after testing in the serrated flow regime revealed coarse slip bands. An
example of such bands in NiAI-Si deformed at 800 K is shown in Fig. 4. Detailed investigations [16] have
shown that the number of serrations on each load-elongation curve is proportional to the number of slip
bands (i.e., each serration is associated with the formation of a localized slip band). Analysis of the
dislocation substructures [1,5] revealed that these bands were composed of [100] type dislocations and
were oriented parallel to either the [ 100] or [ 110] crystallographic directions.

Figs. 5-8 show the temperature dependence of the critical resolved shear stress (CRSS) and the work
hardening rate, 0 = Ao/A c, normalized with respect to the elastic modulus, E. Since no estimates of E for
<123> oriented crystals (E,,) were available it was assumed that E,,, was equivalent to E for <111>
oriented single crystals (Et..) as determined by Wasilewski [17] (i.e., E13 11-... ). In agreement with prior
investigations on single crystal and polycrystalline NiAI [1,5,18-21], both the flow stress and the WHR
generally decreased with increasing temperature. In CPNiAI- 1, UF-NiAI, and NiAI-Si, however, apparent
plateaus or peaks were observed in the temperature range 600 to 900 K while no such peaks or plateaus
were observed in HP-NiAI. The CRSS and work hardening plateaus/peaks were observed to occur at
higher temperatures than the minimums in SRS.

Discussion

Several important features were observed in the four NiAI alloys used in this study. (1) In CPNiAI-1,
NiAI-Si and UF-NiAlI tested at intermediate temperatures (i.e., -600 to 1000 K), both CRSS/E and O/E
increase anomalously or remain constant within increasing temperature. Such behavior is not observed
in HP-NiA1. (2) All four alloys exhibit distinct SRS minima in the temperature ranges 300 to 400 K and
600 to 800 K with SRS actually becoming negative between 600 and 800 K for CPNiAI-1 and NiAI-Si.
Coincident with the occurrence of negative SRS values was the occurrence of serrated flow. (3) SRS
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Figure 7. Temperature dependence of CRSS/E and O/E for Figure 8. Temperature dependence of CRSS/E and O/E for
UF-NiAI 1. NiAI-Si.

minima occur at lower temperatures than CRSS or WHR maxima. Such observations are indicative of the( occurrence of DSA [22-24]. Classical theory [22,23] indicates that during DSA, dislocation motion is
characterized by a waiting time, t., during which dislocations are temporarily arrested at obstacles in the
slip path. During this waiting time the dislocations can be further pinned by diffusing solute atoms which
causes the obstacles to dislocation motion to become stronger with increasing waiting time. This results
in an enhanced resistance to plastic deformation. SRS is said to become minimum when the time required
to pin a dislocation, t,, becomes equal to the waiting time. Thus, at any fixed strain rate (which fixes tQ),
strengthening will become maximum when the temperature becomes high enough that t,<<t, (i.e.,
maximum strengthening occurs above the SRS minimum).

Serrated flow was observed in CPNiAI-I and NiAI-Si, but not in UF-NiAIl or HP-NiAI. However,
some interesting observations in UF-NiAI1 and HP-NiAI were: (I) the lack of a flow stress plateau or
anomalous work hardening region in HP-NiAI and the presence of such anomalies in UF-NiAl 1; (2) the
presence of a very pronounced SRS minimum in HP-NiAI and a less pronounced minimum in UF-NiAI 1;
and (3) the occurrence of diffuse flow stress transients at low temperatures in both alloys and the
appearance of sharp flow stress transients at intermediate temperatures in UF-NiAI I upon a change in
strain rate. It is suggested that these peculiar 6bservations are composition related. Independent analyses
of NiAl slmgle crystals and polycrystals has shown that the propensity for the occurrence of serrated flow
is independent of 0 concentration [1,5,18]. In this study, dramatic flow stress serrations were observed
in CPNiAI-1 and NiAI-Si whose C and Si contents are significantly higher than HP-NiAI which suggests
that the lack of serrated flow is related to reductions in the C and Si concentrations. If C is maintained at
levels comparable to the conventional purity alloys but Si is reduced to less than 100 at. ppm, as in the
case of UF-NiAll, serrated flow is not observed but flow stress transients upon an increase in strain rate
are observed as is a yield stress plateau and a SRS minimum. This suggests that C still causes some strain
aging behavior but that it's influence is enhanced by the presence of Si. Above, it was noted that two SRS
minima were observed for each alloy: one near room temperature and the other at intermediate
temperatures. Though it is tempting in this case to attribute the low and intermediate temperature SRS
minima to C and Si respectively, it is more likely that both SRS minima are caused by the same specie. .
Classicalinvestigations have shown that two SRS miriima due to Snoek ordering and. Cottrell atmosphere
formation are often -observed in BCC systems where DSAt is caused by an- interstitial specie [25,26] or in
other alloy systems When DSA is caused by interstitial-substitutional or interstitial-vacancy clusters [27]. .
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More rigorous analyses of the results obtained here (see references [1] and [5]) suggests that C and Si act
in a synergistic fashion via a possible modification of the diffusion kinetics or an interactive solid solution
hardening effect. More complete descriptions of the possible synergistic effects of C and Si in NiAI are
presented elsewhere [1,5] and more detailed investigations of the influence of Si on the mechanical
behavior of NiAl are in progress.

Conclusions

Three of the four alloys examined in the present study exhibit anomalous work hardening and flow stress
plateaus/peaks in the temperature range 600 to 900 K which are indicative of DSA. Such regions were not
as obvious in low interstitial-high purity NiAl, however.

Pronounced regions of negative SRS have been observed in conventional purity (CPNiAI-I) and in
Si-doped NiAI at strains of 1.8% and 5.0% in the temperature range 600 to 800 K. Coincident with this
temperature regime was the occurrence of serrated flow. In addition, coarse bands of localized slip were
observed in this temperature range while no such bands were observed at higher or lower temperatures.

Compositional analyses suggest that a combination of interstitial and substitutional solutes, namely C
and Si, cause strain aging in NiAI.
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Introduction

The intermetallic NiAI, because of its excellent thermal conductivity, high temperature oxidation resis-
tance, and low density, is a candidate material for high temperature applications in jet engines. Stoichio-
metric NiAl single crystal is a semibrittle material, in which plasticity always precedes fracture. When
compared to a semibrittle bcc metal such as Mo, NiAI has a comparable fracture toughness (5-15 MPam"2

[1]) but its ductile-to-brittle transition temperature (DBTT) is much higher (Mo(,,o: DBTT/Tm = 0.05-0.07
[2], NiAt1ioi: DBTT/T. = 0.26 [3]). This difference in DBTT can not be attributed to a difference in yield
strength, since NiAI seems to be a softer material than Mo (ay, of Mo[100] = 160 MPa at T/Tn = 0.07 [2],
a., ofNiAlhto] = 100 MPa at T/Tm = 0.26 [3]). Perhaps the most important difference between NiAI, which
has an ordered B2 structure, and bcc metals is the nature and number of slip systems. Slip in NiAI has been
reported to occur mainly on {110) or {100} planes in <001> directions, which provide only three
independent systems [4]. The lack of enough number of slip systems in the.highly ordered NiAI crystal
is predicted to create very high local stresses in the plastic zone of cracks [5]. Furthermore, the limited
number of slip systems promotes a highly anisotropic stress distribution at the crack tip and cause
toughness of NiAl single crystals to depend on crystallographic orientation [1].

When NiA1 crystals are tested in tension along <100> directions, initially the resolved shear stresses
on {I 10}<001> and {100}<001> slip systems will be zero, and activation of {I 10}<1 10> and {112}
<11 1> slip systems has been reported [6]. Inhomogeneous deformation situations, such as shear band
formation during tensile testing or plastic zone development at a crack tip, can also produce high shear
stresses on planes other than ( 100) and (I 10}. Contrary to tensile testing, during hardness indentation on
a ( 100) face, because of the triaxiality of stress state, the resolved shear stresses on {1 10}<00 1> and
{100)<001> slip systems may not be zero everywhere. For a given indentation plane, the variation in
hardness with indentation direction has been shown to reflect the anisotropy in slip and the nature of
dislocation interactions [7, 8]. One method to study slip is by analysis of slip lines. The purpose of this
study was to investigate the nature of slip and the anisotropy of plastic deformation during Knoop micro-
hardness indentation of a { 100} face in NiAl single crystals using slip trace analysis.

337



338 KNOOP INDENTATION Vol. 34, No. 2

(f . .:.TABLE I

"Knoop Hardness Data for (100) Indentation Plane.

Indentation Angle 0 22.5 35. 45 60 90 120 135 150 180

KHN, 276 253 257 261 247 277 296 268 253 245W Kg/mm2

a* 2.8 2.5 7.3 2.9 7.2 1.4 0 0 3.5 1.8

KHlN,

#2* Kg/mm2 210 - - - 219 203 191 - - 228

a 6.2 - - 3.4 5.9 2.4 - - 7

* Specimen Number
**Standard Deviation

Materials and Experimental Procedures -

Single crystals of NiAl were provided by General Electric, Aircraft Division in Cincinnati, Ohio. The as-
received crystals had been homogenized in an argon filled vacuum furnace at 1350"C for 50 hours. The
orientation of crystals were determined using Laue back-scattered x-ray diffraction technique. Two
specimens were prepared to confirm the observations reported. In each specimen parallel { 100} faces were
cut and the surface of a { I00} face (here we refer to it as (010) face) was mechanically polished and sub-
sequently electropolished using a perchloric solution. The orientation of the samples were checked after
electropolishing. The hardness measurements were made with a microhardness machine using a Knoop( indentor with an indentation time of 12 seconds. Five measurements were performed per orientation. The
slip lines were studied using optical microscopy technique.

Results and Discussion

Table I presents the results of Knoop hardness measurements'for 500 g applied load. The average hard-
ness values for both specimens are plotted in Figure 1. The standard deviation values calculated indicate
that variation in hardness with indentation orientation is significant. Surprisingly the hardness did not show
the expected four-fold symmetry. The hardness values on equivalent crystallographic orientations were
not the same and consistently, for both specimens, one side was softer than the other side.

Optical observation of indents provided at 7000 g load revealed formation of slip lines around the
indents. At this load level the hardness behavior was the same as that at 500 g applied load. The slip lines
were consistently observed only for the indents applied at 120" ([I03], minimum hardness orientation)
and 90* ([loT]) angles. Figure 2 shows the slip lines for these two orientations. It was interesting to note
that the slip lines were observed only on one side of the indents. This behavior persisted for all indenta-
tions applied in these two orientations. The trace of slip lines were found to be [101], [301], and [TO-]
directions as identified on the micrographs shown in Figure 2. These slip traces can not be explained by
motion of a<1 10> dislocations, however, they can be associated with two slip scenarios. One possibility
is that a<l 11> dislocations are activated and [101], [301] and [TOT] slip traces represent activation of
(0f1)[T1 1] or (-21)[1 IT], (123)[111], or (T23)[1T1], and (32")[1T1] or "2l)[l 111] slip systems, respec-
tively. The slip traces shown in Figure 2a indicate that the slip changes from [101] to [301] direction sug-
gesting the cross slip of dislocations. However, there is no <1I1> direction shared by the possible slip
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(. Figure 1. Averge Knoop microhardness numbers as a function of indentation angle.

systems for these two traces, and hence the a<1 I11> dislocations could not have been activated. The other
possiblity is the activation of a<100> dislocations. Slip along [100] and [00 1] directions, which are parallel
to the indent plane, does not produce slip traces on (010) indent plane. Assuming that [010) dislocations
can cross slip to {hOl} planes, the [ 10 1], [3 0 1], and (T0I] traces can be attributed to the activation of (TO01)
(170), and (30T) slip planes. This slip scenario allows the cross slip of [0 10] dislocations consistent with
the slip line analysis.

Formation of slip bands consistent with {103)} <01I0> slip has been observed during creep testing of -
NiAI single crystals at elevated temperatures [9]. It has been suggested that these slip bands develop by
microscopic pencil glide on ( 100) and (11l0) planes. However, in this study we did not observe any slip
trace that corresponded to slip of afO 10] dislocations on (100) or (001) planes. Furthermore, as can be seen

M I

Figure 2. Optical micrographs showiig. the slip traces for (a) 120* and (b) 90, irfdentation angles. Arrowis mark slip traces that
indicateIcross slip.
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(a€
in Figure 2, the slip traces are very straight and are not wavy as would have been expected for repeated
cross slip of screw dislocations between (10I) and (100) or (001) planes. Therefore, it is concluded that..,
indeed slip occurs on {301} planes. Slip on {301}<010> provides 12 physically distinct slip systems, of
which three are independent. The number of independent slip systems, however, does not increase when
pencil glide with {101 }<010> and {100}<010> slip systems occur. An increase in the possibility of cross
slip is expected to enhance recovery processes and hence play an important role in the ductile-to-brittle
transition in NiAI. Recent observations made during in-situ straining in TEM have also suggested
extensive cross slip to occur in stoichiometric NiAI [10].

It is interesting that slip occurred on the {301} planes and not the {201} planes. As shown in Figure
3, in. NiAI, because of its B2 structure, the {402} planes, which consist of either Ni or Al atoms, rather
thanthý4201 }.planes should be considered. The {301}. planes consist of both Ni and Al atoms and have
a larger spacing than the {402} planes, hence the Peierls stress is expected to be smaller for the former
planes. Note that the motion of a[0 10] dislocations on either of these planes does not create antiphase
boundary. The of lack four-fold symmetry in hardness data (see Table I) and the associated formation of
slip traces only in one comer of the indents can be explained by considering the resolved shear stress for
the observed slip systems. The stress field produced by a Knoop indenter may be approximated as a flat
punch [7, 8] and is given by [11]:

oa, = -(P/2iT)[ 2 ('D, - a2) + sin 24D - sin 2(2],

oý = -(P/2n)[2(0, - (Z,) + sin 20, - sin 2D2],

a= -(P/2n)[cos 20, - cos 2021,

a= v(Uxx + OC)

tan , = z/x, and tan 0, = z/(x + w/2)

Here, w is the width of the punch, 0, and -Z, are the angles made with the surface by lines connecting each
indenter edge to the point at which the stresses are to be calculated, P is the load applied, and x, y, and z
are directions normal to and along the indenter edges, and normal to the surface respectively. Figure 4a
presents the coordinate system for the stress field. For regions outside the indenter edge and near the
surface (x >> z), where slip traces are observed, the 0, and 4)2 angles are small and consequently all stress
components except for oa and oyy are zero. In these regions the resolved shear stress on any plane parallel
to the [010] direction (z axis) will be zero, and when the loading axis is a few degree off the [010] direc-
tion, then slip on {hOl} planes becomes possible. This misorientation destroys the symmetry and hence

[ 001] [001]
0 D o Ni atoms * ,

00E 0 0
*0 At S atoms SO

0 0 0

0 . 0 0b

[100] [3011 [100] [201]
(a) (b)

Figure 3. Schematics showing the traces of(a) (103) and (b) (04) planes on (010) projection.
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Figure 4. (a) Coordinate system for the stress field of a long flat punch subject to a uniform pressure. (b) Rotation of the z-axis in
the yz plane (resolved shear stress near the surface and outside the punch = a' = cos y sin y a'•)). (c) Rotation of the z-axis in the
zx plane ( resolved shear stress near the surface and outside the punch = o'y = 0).

slip occurs preferentially in one comer. Recent tensile data for <100> loading axis also indicate that a
small misorientation (<5 degree) results in a much lower measured strength and preferential activation of
one slip system [12]. Owing to the two-fold symmetry of the Knoop indenter the direction of misorienta-
tion of the loading axis relative to the long axis of the indenter affects the magnitudes of the resolved shear
stress. Therefore, the crystal appears to be softer in one quadrant and the (hOt):(O) asymmetry is
observed. This is demonstrated for a simple case in Figure 4. When the z-axis is rotated in the yz plane
(Figure 4b) the resolved shear stress on the (Ri0) plane, o'y,, will be non-zero. However, when the z-axis
is rotated in the zx plane (Figure 4c) the resolved shear stress on the [rOn plane will remain zero.
Consequently, the rotation of the specimen by 90 degree may result in a situation that outside the indenter
slip cannot be activated and the hardness will be high. Note that in regions under the punch and away from
the surface the resolved shear stress values on slip planes are not insignificant and the general hardness

( level depends on the interaction of dislocations in these regions. Although the x-ray analysis revealed that _
the specimens had the z-axis within one degree from the [0 10] orientation, during hardness testing the
whole system .annbt be aligned with such accuracy and a few degree misalignment is inevitable. Other
parameters that can contribute to the lack of symmetry in hardness data are asymmetry of dislocation core
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(
structure and the preferential existence of dislocations with similar signs. However, the results of this
investigation are insufficient for evaluation of such parameters. As far as the inconsistency in hardness
values between the two specimens is concerned, since they were cut from the same crystal, the difference
in hardness between the two specimens may be associated with an inhomogeneous distribution of defects
in the crystal as well as a difference in their misalignment.

Summary

The Knoop hardness variation with crystallographic orientation on a { 100} face of an NiAI single crystal
was evaluated. The absence of four-fold symmetry in hardness was attributed to a slight crystallographic
misorientation of the specimens relative to the loading axis. Analysis of the slip traces indicate that a<100>
dislocations slip on {301} planes and cross slip between {301} and {101} planes. This mode of slip is
expected to occur at elevated temperatures and/or under triaxial stress state.
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Abstract-The brittle-to-ductile transition (BDT) of stoichiometric NiAI and Ni-49Al-lTi alloys was
investigated using tensile and fracture toughness testing methods. The BDT in these alloys was found to
be associated with a sharp drop in strain hardening rate, which causes the general yielding and plastic
instability (necking) to precede unstable fracture in notched and tensile specimens, respectively. The
addition of Ti increases the strength, low temperature toughness, and BDT temperature of NiAI
significantly. The occurrence of intergranular fracture in NiAl alloys has been correlated with the
development of localized internal stresses near grain boundaries owing to a lack of sufficient slip systems.
The results of this study suggest that the vacancy concentration in NiAI depends significantly on the stress
state and the amount of deformation. This phenomenon may be responsible for the microvoid coalescence
fracture mechanism observed in tensile specimens, and the enhancement of dislocation climb at moderate
temperatures. © 1997 Acta Metallurgica Inc.

1. INTRODUCTION nantly intergranular throughout the BDT regime and
change to a microvoid coalescence mechanism at

There has been an interest in developing alloys based temperatu above co

on NiAl for high temperature structural applications The tensile ductility of NiA. has been shown to be

in aircraft engines [1]. NiAl is an ordered intermetallic inependen t of nize a s lrer than abo
independent of grain size at grains larger than about

with a B2 (CsCI) crystal structure. Because of its high 20 pm and to increase with a further decrease in grain
(• ~size [l14]. The fracture morphology has been shown toSordering energy, slip in this material is limited to sz 1] h rcuemrhlg a ensont

a<100> Burgers vectors [2], except in the case of

single crystals oriented in the hard <100> direction change from predominantly transgranular in speci-

[3-5]. The a<100> slip occurs preferentially on {110} mens with large grain size (125 pim) to predominantly
and {100} planes, respectively; however, {hk0} slip intergranular in a fine grain size (14 pm) microstruc-
planes can also become activated [6-8]. The a(100sl ture. However, a further decrease in grain size (8 um)plans cn aso ecom acivaed 6-8] Th a<00> has been reported to reverse the fracture morphology
deformation mode results in only three independent ha breported treverse the fracture mrhlg
slip systems, and hence strain compatibility between To int lrgranular fracture (14].grains in a polycrystalline material cannot be The intergranular fracture of NiAI has been
grachieve an consequentlyhe rma teerialcanoture attributed to the low cohesive strength of the grainachieved and consequently the room temperature

(RT) tensile ductility of NiAl is almost nil [9]. boundaries and boron has been added to improve the

The BDT of nominally stoichiometric polycrys- grain boundary fracture energy of NiAl [15].

talline NiAl has been evaluated based on the tensile Although the B-doped NiAl shows predominantly

ductility [10-14]. The BDT temperature has been transgranular fracture, the change in fracture

reported to be around 300'C at a nominal strain rate behavior is believed to be a result of an increase in

of l0-"s' and to increase at higher applied strain yield strength and limited plasticity preceding
rates [12]. The increase in tensile ductility is suggested fracture [12]. The addition of Zr has also been shown
to be associated with a change in fracture to enhance the transgranular fracture mode and
morphology from predominantly intergranular to increase the strength and BDT temperature of NiAI
predominantly transgranular fracture [12], which [13].
upon further increase in the test temperature to 600'C The limited number of reported fracture toughness
changes to a microvoid coalescence fracture mechan- studies using notched four-point bend specimens with
ism [10]. The BDT has been attributed to the onset 50 mm x 6 mm x 4 mm dimensions and a 2-mm
of dislocation climb [11], which allows the strain deep notch at a displacement rate of 2 x 10-4 mm/s
compatibility problem to be overcome and hence [16, 17] suggest that the BDT, similar to the tensile
changes the crack nucleation mechanism from an data, occurs at around 300'C. No detailed fracto-
intergranular to a transgranular mechanism [12]. graphic results have been reported in these studies.
However, in another study [13] the fracture The purpose of this study was to evaluate the BDT
mechanism has-been reported to remain predomi- behavior-of nominally stoichiometric NiAl using
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fracture toughness and tensile testing methods. In was monitored with a thermocouple close to the
particular we were interested in the occurrence of specimen. Once the temperature was reached, at least
various fracture morphologies and their correlation 15 min was given for the system to attain thermal
with mechanical properties. It has been reported that equilibrium. Tensile testing was conducted at a
addition of Ti provides excellent high temperature nominal strain rate of 6.7 x 10-l s-. The fracture
strei*gthening [1]. Therefore, we wanted to know the toughness testing was performed at a displacement
effect of Ti addition on the BDT temperature of rate of 10- mm/s. A few NiAI fracture specimens
NiAI. Furthermore, the effect of plastic constraint were tested at a displacement rate of 10-' mm/s.
and displacement rate on BDT behavior was A fully articulated four-point bend fixture
evaluated. [span(l) = 20mm, span(2) = 40rmm] was used for

fracture testing of the single-edge notched specimens.

2. MATERIALS AND EXPERIMENTAL PROCEDURE The fracture toughness was calculated as the critical
stress intensity factor at the point of crack instability

The stoichiometric NiAI and NiAI + 1 at.%Ti (sudden load drop) using the relationship given in
alloys for this study were cast and extruded at NASA Ref. [18).
Lewis Research Center in Cleveland, Ohio. The The fracture surfaces were characterized using a
alloys were induction melted in an inert atmosphere scanning electron microscope. A four-point bend
and cast into copper chill molds. The ingots were specimen of the stoichiometric NiAI was partially
sealed in a 2-in outside diameter mild steel can and loaded at 500'C and subsequently sectioned and
were then extruded at a 12:1 reduction ratio. The analyzed for determining the crack initiation
NiAI and NiAI + Ti alloys were extruded at 875°C mechanism.
and 900'C, respectively. The microstructure of the
as-extruded alloys was recrystallized and showed a
wide range of grain size distribution with average 3. RESULTS
grain sizes of 9 pm and 12 pm for NiAI and
NiAI + Ti alloys, respectively. 3.1. Tensile testing

Tensile specimens with a 12 mm gauge length and The results of tensile testing are summarized in
a square cross-section (approximately 1.7 mm x Table 1. Heat treatment at 10000C resulted in a
1.7 mm) were cut by electric discharge machine decrease in yield strength, strain hardening rate, and
(EDM). The cut tensile specimens were heat treated fracture strength, as well as a decrease in ductility of
at 1000°C for one hour and cooled in flowing argon the alloys investigated.

K to room temperature. The specimens were sub- True tensile stress-strain curves for NiAl specimens
sequently electropolished to remove the surface tested at various temperatures are shown in Fig. 1.
damage produced by the cutting process and heat The NiAI specimens broke without necking up to
treatment. The heat treatment at 000-'C resulted in 3000C test temperature; however, the specimen tested
a narrower grain size distribution with average grain at 400'C showed extensive necking before fracture.
sizes of 84jpm and 27 pim for NiAI and NiA1 + Ti Figure 2 is a plot of engineering fracture strain as a
alloys, respectively, function of test. temperature for NiAI. The plot

The single-edge notched-bend fracture specimens indicates a small increase in tensile ductility up to
(thickness = 3.5 mm, width = 7.0 mm) were cut by 300°C, followed by a dramatic increase at 400'C. The
EDM. The notch (crack length = 3.5 mm) was made yield strength of NiAI varied moderately with test
using a slow speed diamond saw. In order to temperature; however, the average strain hardening
investigate the effect of specimen thickness on BDT rate was decreased significantly with an increase in
temperature, a few NiAI + Ti specimens were temperature (see Fig. I and refer to Table 1).
prepared with a larger thickness (7.0 mm). After the The NiAI + Ti alloy showed much lower ductility
notches were cut, the specimens were heat treated than the NiAI alloy. At ambient and 200'C test
similar to the tensile specimens. Before testing, the temperatures the heat treated specimens broke in the
sides of the fracture specimens were electropolished in elastic regime with no apparent plasticity. At 300 0C
order to remove the damaged surface layer, which and above, yielding preceded fracture; however, no
could modify the stress state and hence the constraint necking was observed in these specimens, even at
at the notch tip. 600'C test temperature. In the test temperature

Both the as-extruded and heat treated mechanical regime studied the yield strength of the NiAI + Ti
properties were evaluated at room temperature. The alloy was less temperature dependent and was much
properties of the heat treated alloys were character- higher than for the NiAI alloy (see Table 1). The
ized at elevated temperatures up to 600-C. Mechan- strain hardening rate values obtained above 300'C
ical testing was conducted in an oxygen-gettered were also much less temperature dependent and
argon atmosphere using a closed-loop hydraulic higher than those observed for NiAI.
system. Heating was achieved by a tungsten mesh The true tensile strength values reported in Table I
(5 in hot zone) which surrounded the sample inside also represent the fracture stress, except for the NiAI
the furnace chamber. The- specimen temperature specimen tested at 400'C. For both NiAl and
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ABSTRACT

:'•-The brinttle-to-ductile transition (BDT) has been established for NiAI single crystals as
evaluated by fracture toughness testing and also the effects of prestraining on the brittle-to-
ductile transition temperature (BDTT) have been investigated. Specimens were prestrained to a
10% plastic strain level at 2000C under tension prior to toughness testing. The BDT of the
prestrained specimens was compared to that of the as homogenized specimens. The results have
revealed the occurrence of two competing effects upon prestraining: (I) an increase in dislocation
sources causing a difficulty in micro-crack initiation and resulting in an increase in toughness at
low temperatures, and (2) an increase in the flow stress resulting in an increase in BDT
temperature. The crack initiation and propagation mechanisms were also analyzed and have
been discussed.

INTRODUCTION

Intermetallic compound NiAI possesses a high melting temperature. high thermal
conductivity, relatively low density and good high temperature oxidation resistance. These
properties make it a potential candidate for high temperature structural applications. However, it
suffers from low room temperature ductility and fracture toughness. Few studies have been
published in the literature regarding the BDT in NiAI single crystals' The room temperature
fracture toughness of NiAl has been reported to be in the range of 4 to II ,MPam" depending on
the orientation, impurity concentration and heat treatment"4 . The fracture toughness of single-
crystalline materials is very sensitive to the-dislocation activity in the notch tip. This scenario is
different from polycrystalline materials where grain boundaries are present that act as additional
sinks/sources of dislocations. Similar to other B2 ordered compounds such as FeAI. the
dislocation density of annealed NiAI single crystals is rather low3 . One way of enhancing the
dislocation density is by prestraining the material at elevated temperatures. Few studies have
reported an influence of prestraining on the BDTT of single crystalline materials such as Si and
MgO6'. The objective of the present study has been to understand the effect of prestraining on
the room temperature fracture toughness and also on the BDT of NiAI single crystals.

MATERIALS AND EXPERIMENTAL PROCEDURES

Single crystals of stoichiometric NiAI grown at the University of Florida were used in
this study. The homogenization treatment for these crystals was performed at i 300'C for 3 hours
followed by cooling at a rate of 2.4 0C/min. The orientations of crystals were determined using
Laue'back-scattered x-ray diffraction technique.

Fracture toughness testing was conducted using double-notched tensile specimens which
were cut using an electric discharge machine (EDM). The geometry and orientation of theseI) specimens are shown in Figure 1. The specimens were electropolished using a solution
containing 10 volume% perchloric acid and 90 volume% methanol to remove the

393

? -' . I.. :



e.JW.0.25
-~ •9mm w- m6-2mmn a

1 0 1 1 1 . _ -l 1 8 m a m -l - _ . J ,

5mrn
1001

Figure 1: Geometry and orientation of the double-notched tensile specimens.

damaged zone created during the electric discharge cutting. After electropolishing, selected
specimens were prestrained under tension at 200*C using a closed loop hydraulic mechanical
testing system at a nominal strain rate of 5XI0"sec"d. The 200'C temperature was found to be an
optimum temperature for prestraining. The tensile data show that above 200oC the localized
deformation (necking) starts at relatively low strain values and below 200*C the material fails
with small ductility. Prestraining was conducted at 1%, 5%,10%, and 15% plastic strain.
Following the prestraining to the desired strain level, the specimens were unloaded and cooled
under flowing argon. Notches were introduced after prestraining the specimens. A 300 pm thick
diamond saw was used to cut notches in all the specimens. Fracture toughness tests were carried
out in a displacement control mode at a displacement rate of 10` mm/sec. The fracture
toughness, 1%, was estimated using the following formula':

Ko = Ycaa (1)

Y = 1.99 + 0.76 (a/w) - 8.48 (a/w)2 + 27.32 (a/w)3  (2)

where a is the stress applied, a is the initial crack size, w is the width of the specimen, and Y is
the geometric factor. At elevated temperatures, where the load-displacement curve was non-
linear, the fracture toughness was calculated as Kjcusing the equation (3).

Kc= 1% + (JE)" (3)

J, was calculated from the area under the plastic regime of the load-displacement curves'and E is
the modulus of elasticity. Fracture surfaces were analyzed using a JEOL 200CX scanning
electron microscope.

RESULTS

A tensile test was performed at 2000C to study the slip behavior prior to selecting the
prestraining levels. The engineering stress-strain curve is shown in Figure 2. The curve shows
the four prestrain levels chosen for toughness measurements. Figure 3 shows the fracture
toughness values as a function of the level of prestraining. In general the fracture toughness of
NiAt single crystal was increased upon prestraining. Initially, the fracture toughness increased
significantly from 5.8 MPamn' to 8.4 MPam"n, however, the rate of increase in fracture
toughness decreased upon further pteIraining.
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• , here one would expect intergranular fracture. Indeed we observed crack extension along
IT ' the grain boundary but this extension is accompanied by blunting of the crack. Blunting

of the crack tip enables the crack to be stable at loads up to three times the Griffith
"load. The results suggest that the grain boundaries in this compound are not intrinsically
brittle. This agrees with the conclusions of recent experimental work in This materials
as well as other intermetallics indicating that the grain boundary brittleness observed in
these materials is related to environmental effects, particularly interstitial impurities such
as hydrogen [7. 81.

Conclusions
We have carried out atomistic simulations of fracture of grain boundaries in NiAI. The
first important point to be noted is that lattice trapping for the case of a grain boundary is
much more important than it is for the bulk. The cases we have investigated show lattice
trapping of about 50%, as opposed to around 10% typically observed in the bulk. We
have seen evidence of blunting of the cracks running along the high angle grain boundaries
investigated. The Ni-rich boundary studied showed more blunting than the Al-rich bound-
ary. The boundaries that are more prone to failure are the Al-rich ones, because of a lower
Griffith critical loading and because they present less blunting of the crack tip.
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Crack initiation and propagation in brittle-to-ductile transition
regime of NiAl single crystals

F. Ebrahimi *, S. Shrivastava
Materials Science and Engineering Department, Unicersity of Florida, Gainesville, FL 32611, USA

Abstract

. The mechanisms of crack initiation and propagation in the brittle-to-ductile transition (BDT) regime were evaluated in
double-notched tensile specimens of a stoichiometric NiA1 single crystal. The crack initiation was found to occur by formation of
stable microcracks in the localized slip bands that form in the vicinity of the notch. A study of the crack path revealed that the
unstable crack prefers to propagate along the {511 ) planes. The results of this study suggest that the BDT in NiAI correlates with
the onset of net-section yielding. Decreasing the displacement rate resulted in a reduction in BDT temperature to below room
temperature. The effect of displacement rate on BDT temperature has been attributed to the higher probability of cross-slip at low
strain rates. © 1997 Elsevier Science S.A.

Keywords: NiAI; Single crystal; Fracture toughness; Brittle-to-ductile transition; Crack initiation; Crack propagation

1. Introduction nents in polycrystalline materials [8]. These high elastic
internal stresses provide the driving force for crack

In comparison with other cleavagable crystals, NiA! propagation and cause the high BDTT observed in
has a relatively high brittle-to-ductile transition temper- polycrystalline NiAI [9].
ature (BDTT). For example, Mo single crystal has The BDTT is commonly defined as the temperature
BDTT/Tm = 0.05-0.07 [1], while for similar a displace- at which notch toughness increases rapidly with tem-
ment rate NiA1 has been reported to have BDTT/Tm = perature. This temperature depends on the size and
0.25 [2;3]. This difference in BDT behavior cannot be geometry of the specimen, as well as the applied dis-
attributed to a difference in yield strength, since NiAI placement rate [10]. The objectives of this research were
seems to be a softer material than Mo (at BDTT to. establish the BDT behavior in a NiAI single crystal
,FyS(Mo) = 160 MPA [1], and ay,(NiAl) = 60 MPa [3]). loaded along a <110> direction for various displace-
One important difference between NiAl and Mo is their ment rates and to study the processes of crack initiation
number of independent slip systems. The intermetallic and propagationi in the BDT temperature regime.
NiAI has a B2 crystal structure. Because of its very high
ordering energy,'?the slip vector in this material is
a<100>, except when it is deformed along <100> direc- 2. Materials and experimental procedures
tions [4]. The preferred slip planes are {001} and {011}
planes; however, {013} slip planes have been reported The NiAI single crystal used in this study was grown
at elevated deformation temperatures [5] and upon at the University of Florida by Dr M.J. Kaufman's
micro-indentation at room temperature [6]. The a(100> group. The crystal was homogenized at 1300 0C for 3 h
slip directions result in only three independent slip in a controlled atmosphere furnace and was cooled to
systems. A lack of enough slip systems to accommodate room temperature at a rate of 2.4*C min'. The orien-
the strain incompatibility between the grains results in tation of the crystal was determined using the Laue
formation of intergranular microcracks [7] and develop- back-scattered X-ray diffraction technique.

) ment of very high internal hydrostatic stress compo- Double-notched tensile specimens with the geometry

and orientation shown in Fig. I were cut using an
* Corresponding author, electric discharge machine (EDM). The specimens were

(EDM). spc meswr
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a Ia
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Fig. l. Schematic showing the geometry and crystallographic orientation of the double-notched tensile specimens used for fracture toughness
testing.

electropolished using a solution of 10% perchloric acid with the net section yielding of the specimen as indi-
and 90% methanol to remove the surface damage pro- cated by the non-linear behavior of the curve. The
duced during cutting. The notches were introduced sharp increase in apparent toughness above this tem-
after electropolishing using a 300 pim thick diamond perature correlates with a decrease in the net-section
saw. yield load (limit load) and extensive plasticity preceding

Fracture toughness testing was conducted using a fracture. A decrease in the displacement rate did not
closed loop hydraulic mechanical testing system affect the lower shelf toughness value, however, it re-
equipped with a controlled atmosphere furnace. The duced the BDTT such that, at the 2 x 10-i mm s
elevated temperature tests were performed under flow- displacement rate, the BDTT was below room tempera-
ing argon. The specimens were slowly heated to the test ture. Fig. 4 presents load-displacement curves at differ-
temperature and soaked for 1 h prior to testing. The ent displacement rates at 100°C test temperature.
thermocouples were located close to the specimens. Similar to the temperature effect, a decrease in the
Tests were conducted in the temperature range of room displacement rate reduced the limit load and increased
temperature to 350°C. Three displacement rates viz. the extent of plasticity that preceded unstable fracture.
10-2, 2 x 10- and 2 x 10--mm s-' were used for
investigating the effect of strain rate on the BDT behav-
ior. Two specimens were tested at selected conditions. 3.2. Fractography and slip line analysis

The apparent fracture toughness, Kjo, was calculated
using the following equations [11,12]: A study of the fracture surfaces revealed that all

specimens fractured by cleavage and no microvoid coa-
K = (YPg 2)/BW+ (JpE)/2  lescence was observed. In all specimens, the unstable

Y= 1.99 + 0.76(a/ W) - 8.48(a/ W) 2 + 27.32(a/W)3  crack was invariably initiated from one of the two
notches and near the sides of the specimen as shown in

Jp =2Ap/B(W--a) Fig. 5(a) for a specimen tested at room temperature.
The analysis of the crack profiles indicated that the

where Pr is the load at the point of unstable fracture, a intersection of the large initial cleavage facet with the
is the crack length, B is the thickness, W is the width, (100) side plane was always at approximately 34' from
and Ap is the area under, the plastic regime of the the [011] direction as shown in Fig. 5(b). The angles
load-displacement curve [111. It is acknowledged that between [061] the [051] directions with [110] are 35.5
the above equations apply to sharp cracks, however a and 33.7', respectively. These directions suggest that
small variation in the room temperature toughness was the cleavage plane is one of the {x16} or {x15} planes.
found as a function of notch radius [13]. Since {511} planes have been previously reported

[14,15] as cleavage facets in NiAI, it may be concluded
. -that in this case also the cleavage plane is the (115)

3. Results . plane. The main cleavage crack was eventually diverted
back to the other notch. The distance that the unstable

3.1. Fracture toughness testing crack propagated before it was diverted decreased with
an increase in temperature and a decrease in the dis-

The results of fracture toughness testing are given in placement rate.
Table 1 and plotted in Fig. 2. At the displacement rate Fig. 6(a) shows the crack initiation site in a specimen
of 10-2 mm s' the toughness remained constant at tested at 350°C temperature. Note the Poisson's effect
approximately 5 MPa m'n/2 up to 100°C (lower shelf and extensive plasticity that has occurred in the plastic
regime) and increased drastically to 26 MPa min/2 at zone adjacent to the side of the specimen as a result of
200'C test temperature. Fig. 3 presents the load dis- plane stress condition. The river marks observed on the

S placement curves for the 10-2 mm s-' displacement fracture surface confirmed that the crack started ahead
rate tests. The increase in toughness at 2000C coincides of the notch and propagated back to the notch tip. Fig.
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Table I
Fracture toughness results

"Temperature (*C) Displacement rate

10-2 mm s-' 2x 10' mm s- 2x 10-1 mm s-1

Kjc (MPa M1n2) Behavior Kjc (MPa rn/ 2) Behavior K2 c (MPa mr/2) Behavior

20 5.0 Linear 5.4 Linear 18.3 Non-linear
100 4.6, 5.0 Linear 24.3 Non-Linear 58.2 Non-Linear
200 25.9 Non-linear 24.3 Non-linear 242.3 Non-linear
250 203.0 230.9 Non-linear
300 142.0 138.1 Non-linear 461.8 Non-linear
350 191.6, 186.2 Non-linear

6(b) presents a higher magnification scanning electron Note the presence of a stable sharp microcrack that has
microscopy (SEM) fractograph revealing the formation initially started from a slip band.
of stable microcracks on the slip bands. The formation The observation of the duplex slip traces on the (100)
of slip bands are better shown in the optical mi- side plane of the fracture specimens suggest the opera-
crograph of the region near the notch tip in a partially tion of the <100> slip vectors, but it does not provide
loaded specimen given in Fig. 7(a). The slip bands are information regarding the slip planes. Fig. 9 presents
along the [001] and [010] slip directions. Ideally these the slip trace analysis performed on a smooth tensile
slip vectors lie in the side planes, which are parallel to specimen loaded to 25% plastic strain at 200°C. Similar
the (100) plane, and they should not be observed, to the area near the notch of the fracture specimens,
However, slight misorientations are inevitable during slip traces along [100] and [010] directions were found
specimen preparation and for large strain values the in this specimen as shown in Fig. 9(a). It must be noted
amount of displacement is apparently sufficient for that (010), and all {hk0} planes intersect with the (100)
revealing the slip traces. Note that some rotation of the plane along the [001] direction and similarly (001), and

Scrystal has occurred in the vicinity of the notch. The all {hOl} planes intersect with the (100) plane along the
position of the intense deformation zone near the notch [010] direction. The slip planes can be determined un-
tip (point A) correlates with the distance at which crack ambiguously by studying the slip traces on the (OTI)
initiation was observed on the fracture surface. Small face, which is perpendicular to the (100) plane. As
microcracks along the slip bands were also found at the shown in Fig. 9(b) the slip traces are wavy in nature
notch tip as shown in the micrograph given in Fig. 7(b). which indicates that extensive cross slip of screw dislo-

At low toughness levels (low temperatures and high cations has occurred (pencil glide). Owing to the wavi-
displacement rates) the crack initiation occurred from ness of the slip traces, it is not possible to determine all
the notch tip as shown in Fig. 8(a) for a specimen tested
at 200'C at 10- mm s- displacement rate. A study of
the sides of this specimen revealed formation of stable 180 RT
microcracks at the notch tip as shown in Fig. 8(b). 160

140 • 2

25 .!0 .....-. //0C 200 002500
120O-- 200 PC 300C

200 -;100

150 -"2X10'rm/sec 2X10.m/sec 10rm./sec 80

E 8
08 60

0 100
040

so.j • 20

.. . . . ..- 0 . .. . . . . . . . . .. .. '. . . . . . . . . . . .. .

0 50 100 150 200 250 300 350 400 0 0.1 0.2 0.3 0.4 0.5 0.6 0.7

- Temperature (C) Displacement (mm)

Fig. 2. Fracture toughness as a function of test temperature for the Fig. 3. Load-displacement curves at various test temperatures for an
three applied displacement rates used in this study. applied displacement rate of 10-2 mm s-1.
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160 The main cleavage facet by which the initial crack
2XI 0"Smm/sec

" 140 2X104mn ms propagation occurred in the double-notched NiAl spec-
-- 17 • imens was concluded to be a {511) plane. Fracture

120 path depends on the complex interaction of propertiesj) such as interplanar spacing, elastic constants, surface
100 energy, and applied stress distribution as a function of

orientation [16]. Assuming that the theoretical fracture
stress can be estimated as (ET/a) 2 , where E is the

S60elastic constant perpendicular to the cleavage plane, y is
the surface energy, and a is the lattice parameter, it is

40 anticipated for cleavage to occur on a plane that maxi-
mizes a and minimizes E and y. In bcc crystals, depend-

20 ing on the relative values of E and y, { 100} and (110}
0 . . . . . . . . . . . . .

0 0.05 0.1 0.15 0.2 0.25

Displacement (mm)

Fig. 4. Load-displacement curves at various displacement rates at
100°C test temperature.

of the activated slip planes. However, the analysis of
the straight segments suggest that many {hOl} and
{Okl} planes have been operative. The most interesting
slip traces, are [511] and [511] directions (see Fig. 9(b)),
which indicate that slip has occurred on (105) and (150)
planes. The fact that these traces start straight from the
corner of the sample suggests that slip started on these
planes and then the screw dislocations cross slipped to
the other possible slip planes.

4. Discussion

The combination of microcrack and stress distribu-
tions in the plastic zone governs the point of crack
instability in a notched specimen. The results of this
investigation indicate that crack initiation in the NiAI
single crystal specimens studied occurs along the slip 6(

bands. The microcracks develop at the intersection of, .. , :O l .
the slip bands with the notch tip at low strain levels,
and as the plastic zone extends, they form at the
intersection of slip bands ahead of the notch. At low
test temperatures the distribution of the microcracks . 4developed at the crack tip is sufficient for the onset of -•::";"

crack instability. However, at elevated temperatures
microcracking ahead of the notch leads to unstable

fracture. The crack initiation site was always found to
be near the sides of the specimen, where the stress state 34 Ju;
is close to a plane stress condition. Strain localization
occurs easier under plane stress condition, and there- ,
fore, can lead to microcracking. Apparently the higherpgbability of forming stable microcracks near the sides Fig. 5. (a) SEM fractograph showing the off-center crack initiationoverridesthe hfformingh stresslev that developrin the sid site in a specimen tested at room temperature at a displacement rate
overrides the higher stress levels that develop in the of 10-- 2 mm s- '. The crack initiation site is marked by an arrow. (b)
midsection of the specimen, where the stress state is in The crack profile of the specimen given in (a) showing that the crack

plane strain condition, profile makes a 34' angle with the [011] direction.
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•-•. a.; thermore, the lower the strain hardening of the

material, the lower of increase in local stresses;

•, j l : .hence, the extent of plastic deformation prior to crack
"instability will be increased. The results of. this study
indicate that increasing the test temperature and de-
"creasing the displacement rate result in a reduction in
the limit load. The question is which thermally acti-
vated processes result in a reduction in net-section
yielding. While the yield strength of the NiA! single
crystal is reduced significantly with test temperature
(the tensile yield strength drops from 110 Mpa at 20'C
to 69 Mpa at 200'C at the applied strain rate of
5 x 10-' s' [13]), its value is insensitive to the applied
strain rate within the BDT range [13]. Therefore, reduc-
tion in yield strength cannot explain the decrease in the
limit load observed with the applied displacement rate.
The net-section yielding load is governed by the strain
hardening rate of a material as well as its yield strength

Db
7 .,

i4Z

Fig. 6. SEM fractograph showing (a) the crack initiation site near the .
edge, and (b) the existence of the stable microcracks along slip bands.
in a specimen tested at 350°C at 10-2 mm s displacement rate.

planes are the candidate cleavage planes and indeed
these planes have been observed on the fracture surface
of single-edge notched-bend specimens of NiAI
[14,15,17]. Therefore,'it is suggested that the occurrence
of {511} cleavage planes may be associated with the
distribution of local stresses owing to the slip pattern
and the relative orientation of the directional Ni-Al
bonds to these stresses. -

The BDT in NiAI single crystals, similar to the
polycrystalline NiA1 [9], is associated with the onset of .'
net-section yielding in the specimens. At the point of
net-section yielding the slip bands traverse the whole
ligament between the two notches of a double-notched 20m
tensile specimen. This connectiv*ity of the plastic region
results in a loss of plastic constraint and stresses can beincreased further only through strain hardening [18]. Fig. 7. (a) Optical micrographs showing (a) the slip traces near thei Znotch, and (b) formation of microcracks along the slip bands of a
This leads to an increase in the extent of plastic defor- specimen partially loaded at 350'C at 102 mm s displacement
mation needed for the onset of crack instability. Fur- rate.
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independent slip systems. Hence, even at elevated tem-
peratures and low strain rates, hydrostatic internal
stresses that develop because of strain incompatability
lead to cleavage fracture.

5. Conclusions

The fracture behavior of NiA1 double-notched tensile
specimens with loading and notch directions parallel to
<110> and <001> crystallographic directions, respec-
tively, were characterized in the BDT regime using
fracture toughness testing, fractography, and slip trace
analysis. Based on the results of this investigation the

• . -following conclusions may be drawn:

V /

Fig. 8. (a) SEM fractograph showing the crack instability starting
from the notch in a specimen tested at 200'C. (b) SEM micrograph
showing the slip traces and the formation of a stable microcrack from
the notch. The initial segment of the crack. which is along at slip line,
is marked by an arrow.

[19]. Tensile testing of the NiAt single crystal oriented
along. <110> direction has revealed that in contrast to
yield strength, strain hardening rate is dependent on the
applied strain rate (strain hardening exponent decreases
from 0.52 to 0.28 with an increase in strain rate from .
5 x 10'- to 5 x 10- s-' at 20'C [13]). The slip line
analysis presented in this study suggests that cross-slip
is a viable mechanism that controls the strain hardening
of the <I 10> oriented NiAI single crystal. The analysis
of fracture toughness results has revealed an activation
energy of about 50 kU mol for BDT [13]. Further
work is needed to evaluate whether this valuc&-is close to
the activation energy for cross slip in NiA1. It should be
noted that although cross slip reduces the local build- Fig. 9. Optical micrographs showing slip traces on a tensile specimen
up of dislocations, it does not in:crease the number of partially loaded at 200'C. (a) (100) face. (b) (0 11) face.
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Table 1. Summary of tensile testing results for the NiAI alloys

Proportional 0.2% Yield True tensile Average strain Engineering
Temperature limit strength strength hardening rate fracture strain
"(C*) (MPa) (MPa) (MPa) (MPa)t (%)*
"As-extruded Ni-Al
RT Yield point 172 327 5536 2.8

Phenomenon
Heat treated NiAI
RT 120 141 227 9727 1.1
RT 99 130 195 12,000 0.8
200 72 85 192 6000 2.0
300 50 61 191 2275 6.2
300 52 69 194 2491 5.7
400 32 41 164 528 61.0
As-extruded NiAI + Ti
RT 340 452 458 53,636 0.22
Heat treated NiAI + Ti
RT - - 265 - -

RT - - 305 - -
200 - - 242 - -

300 192 231 243 18,214 0.28
400 190 - 234 33,846 0.13
400 204 - 222 18,000 0.10
500 180 220 230 17,241 0.29
600 150 190 210 8333 0.72
tThese values were calculated as: true tensile strength - proportional limit

true maximum uniform strain
-In order to eliminate the contribution from the compliance of the testing system, the strain values are calculated based on the plastic

deformation. These values also represent the maximum uniform strain, except for the NiAI specimen tested at 400'C.

NiAi + Ti alloys the fracture stress did not depend on toughness. At a given displacement rate and an
temperature, except that it seemed to be slightly equivalent thickness, the low temperature toughness
higher in specimens that showed no apparent values were higher for the NiAI + Ti alloy and they
plasticity. At all temperatures the NiAI + Ti alloy decreased with specimen thickness as demonstrated
showed a higher fracture stress than the NiAI alloy in Fig. 3. The effect of an order of magnitude decrease
did. in displacement rate on the low temperature

toughness of NiAI was insignificant; however, it
"3.2. Fracture toughness testing modified the shape of the toughness vs temperature

Tables 2 and 3 summarize the fracture toughness curve and shifted the BDT temperature to a lower
results for NiAI and NiA1 + Ti alloys, respectively, temperature. The NiA1 alloy showed a lower BDT
The heat treatment improved the toughness of temperature than the NiAI + Ti alloy did.
NiAI + Ti alloy significantly; however, the toughness As shown in Fig. 5 the load-displacement curve
of the stoichiometric NiAI was decreased slightly, obtained during fracture toughness testing of NiA1

The fracture toughness values as a function of test changed from linear to nonlinear behavior as the test
temperature are plotted in Figs 3 and 4. Within the temperature was raised. For specimens tested at and
temperature range investigated both alloys showed above 500'C at 10-3 mm/s and those tested at and
the BDT as defined by a sharp increase in the above 400°C at 10-'mm/s the load-displacement

300. 80
NiAI
Tensile

* 60

200- so

o r-' 5 " 240

U j,.h&~"& 400*C
100 @ *300*C

* 300*C 20-
* 2000 C
n RT
* RT

0 5. i0 5 D 20 s2 0' 160 200 300 400 500
True plastic strain (%) Temperature (*C)

Fig. l. Tensile stress-strain curves of the heat treated NiAI Fig. 2. Tensile ductility of NiAI as a function of test
alloy tested at various temperatures. temperature.
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Table 2. Summary of fracture toughness testing results for NiA1 25.
alloy; the thickness of the specimens was 3.5 mm * Rate = 10-3 mrr/sec

"Displacement Temperature KX u Rate = 104 mm/sec
rate (mm's) (°C) (MPa mr') Behavior 20

As-extruded Is
10-1 RT 11.6 Linear, unstable
Heat treated
10-' RT 9.2 Linear, unstable

9.3 Linear, unstable . 15.
200 8.3 Linear, unstable

10.6 Nonlinear, unstable
300 8.5 Nonlinear, unstable o
400 13.0 Nonlinear, unstable • 10 U

19.0 Nonlinear, unstable
500 & 600 - Nonlinear, stable tC.

10-' 200 9.6 Linear, unstable
300 10.5 Linear, unstable 5
400 - Nonlinear, stable 0 100 200 300 400 500

Temperature (°C)

Fig. 3. Fracture toughness, K., of the heat treated NiAI alloy
as a function of test temperature. Note that the specimen

curves showed local instabilities, which were observed tested at the lower displacement rate did not show crack
as small load drops; however, the specimens as a instability at 400'C.

whole remained stable.

3.3. Fractography The as-extruded NiAI + Ti alloy fractured in a

3.3.1. Tensile specimens. The fracture surface of predominantly transgranular mode The fracture
. 5sp.. c.iTensile species.Thowed na c kg sfase o surface of heat treated NiAI + Ti specimens tested at
predomi nantlyciensthrat as showedn nnecking was lower temperatures showed some intergranularpredominantly intergranular as shown in Fig. 6. The fracture (11% at RT to 14% at 400'C); however, it

as-extruded NiAl specimen which had a much smaller increased to 27.5% at 600CC as demonstrated in
grain size showed a slightly higher percent of fractographs presented in Fig. 9.
transgranular fracture than the heat treated specimenC, 3.3.2. Fracture toughness specimens. The fracture
did. The specimen tested at 400°C showed extensive surfaces of the fracture toughness specimens were
necking as shown in Fig. 7(a), where significant similar to those of tensile specimens; however, in
elongation of the grains in the neck region can be

general, the bend specimens showed more transgran-
observed. This specimen fractured by a microvoid ular fracture than did the tensile specimens. Similar
coalescence mechanism as shown in Fig. 7(b). The to tensile specimens, as shown in Fig. 10, the

microvoids were very deep and associated with as-extruded specimens showed less intergranular

extensive plasticity. Figure 8 presents micrographs fracture than did the heat treated specimens. One

showing the slip lines on the surface of the NiAI important difference between the as-extruded and
tensile specimen deformed at 400'C. The slip traces heat treated specimens was the presence of large
were predominantly straight; however, some grains cavities in the vicinity of the notches as shown in

showed wavy slip lines. The slip lines seemed to lie Fig. 11. These cavities wiere not observed away from

along two preferential directions. the notch tip region.

Table 3. Summary of fracture toughness testing results for NiAI + Ti 30
alloy; the displacement rate for fracture toughness testing was * B = 3.5 mm

10-1 mm!s * B =7.0mm
,.Specimen"thickness Temperature KD(mm) ("C) (MPa mr'2 ) Behavior

As-extruded
3.5 RT 6.0 Linear, unstable C: 20-
Heat treated .o
3.5 RT 15.0 Linear, unstable200 15.6 Linear, unstable 0300 11.6 Linear, unstable

16.2 Linear, unstable
400 18.4 Linear, unstable
600 24.4 Nonlinear, unstable U.

7.0 RT 10.9 Linear, pop-in 101
200 11.5 Linear, unstable 0 " 100 2(0 00 "b 4b)0 500" 600 700
300 12.4 Linear, unstable Temperature (*C)
400 14.0 Linear, unstable
600 27.5 Nonlinear unstable Fig. 4. Fracture toughness, K, of the heat treated NiA6 + Ti300.12.4 nlinear, unstable

28.7 Nonlinear, unstable alloy as a function of test temperature.
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•(c) ..~*~ .~3O un tb) ,./x//f___ -- '

Fig. 5. Tace of DISLACMEN

30pin

Fig. 5. Traces of load-displacement curves obtained during
fracture toughness testing of the heat treated NiAI at (a)

room temperature. (b) 300:C, and (c) 500:C.

The NiAI + Ti alloy showed predominantly trans- agranular fracture except at the tearing ridges, where _•..1,,._..•:, .'.

the fracture morphology was predominantly inter-
granular- as shown in Fig. 12. Tearing ridges develop 4l.

when the ligament between two unstable cracks
formed on different levels is torn in model III (plane _.
stress). No noticeable difference in the amount of L
intergranular fracture between areas near and away
from the notch was detected.

In order to investigate the mechanism responsible
for the load-displacement behavior observed for
NiAl specimens tested at high temperatures, an
NiAI fracture specimen was partially loaded at
500C, sectioned in mid-thickness, and then the
area near the notch was investigated. Figure 13 shows

) the existence of small and large stable microcracks
in the vicinity of the notch. The microcracks
were intergranular in nature and the small microc-
racks were found to form predominantly at triple " I
points. I

Fig. 7. SENI fractographs of the heat treated NiAI alloy
tested in tension at 400 C sho"ing ta) extensive elongation
of grains in the neck region, and (b) inicrovoid coalescencelnecha nism.

4. DISCUSSION

The results of this study indicate that the
propensity for intergranular cracking in NiAl alloys

depends on the yield strength and the s;ress state. The
amount of intergranular fracture decreased with an
increase in thle Nield strength of the alloy as achievedSby addition of titanium or lowering the test
temperature. In the absence of a triaxial stress state4 and hence plastic constraint, such as the stress state
in the tearing ridges, a higher percent ofintergranular
fracture was observed. Based on these observations it
is concluded that the occurrence of intergrantular
fracture in NiAI alloys is associated with plastic
deformation and it is not related to a,, low cohesive

r energy of grain boundaries. It should be noted that
Fig. 6. SENI fractograph showing the predominantl. in contrast to the observations made it- this study, the
intergranlar fracture in the heat treated NiAI alloy tested classical grain botudar.,, embrittlemen:. which occurs

in tension at room temperature. due to a 1o0% col'esi\e energy of the gr:in boundaries,
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is enhanced by a high strength level and a triaxial V

stress state [19].
Plasticity in ordered structures, such as some

intermetallics and ceramics, has been shown to result
in inter~yranular fracture [20, 21]. The slip-grain
boundary interaction results in intergranular micro-
crackine when tile boundary is stressed in tension
owine to a geometrical incompatibility, which is
achieved by impingement of two slip bands on both
sides of a boundary or a slip band on a grain
boundary triple point [21]. While the crack initiation
occurs intergranularly the question arises as to why

the crack continues to propagate intergranularly. In
an intrinsically brittle material the proportion of
intergranular fracture depends on the symmetry of
the cry-stal (e.g. the possible number of cleavage
planes and the anisotropy of elastic constants) as well r ,
as the ratio of the grain boundary energy to surface 9
ener!\ of the cleavage planes [22]. In the case 1 ,~~%

fi

Fie. 9. SEM fractograph- sho%%ing the increase in the•,.•.• ';•3z:" ~ ~ ~ ~ U11 < ,,.. . -, . a Oun f intergranular fracture with test temperature in
NiAl - Ti tensile specimens a) So00C. (b) 600:C.

of ductile materials, in addition, the probability of
intergranular fracture depends on the nature of
plastic deformation. Recent finite element analysis

kof a polycrystalline microstructure which has three
allowed slip systems has revealed that levels of
deformation and stiess can be orders of magnitude

higher close to grain boundaries, and the degree of
deformation inhomogeneitv increases with an in-
crease tn the applied plastic strain [23]. Therefore, it

- is suggested that the very high elastic internal stresses
that develop near the grain boundaries because of
strain incompatibility provide a preferential inter-
granular crack path in materials with limited slip

2 systems. Increases in tensile yield strength and
triaxialitv of the stress state elevate the stress levels in
the plastic zone of fracture specimens. and hence

Fie. S. .i , SEM micrograph showing the deformation in the
unifrrK deormd reionof he pecien how inFig cause crack instabilit\ to be achie\ ed at lowser levelsunf r:;,defo rrned region of the specim en sho wn in Fig. .

7. (bI H:eh SEM micrograph showing straight and wavy slip of applied strain In these cases, because of
lines insuflicient stress localization nea: the grain bound-
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aries at the point of crack instability, the probability These opposite effects may explain why the percent of
that the crack may follow the intergranular path is intergranular fracture is maximum at an intermediate
decreased. grain size range as presented in the Introduction.

* No direct correlation between grain size and the As a single-phase material, polycrystalline NiAI
relative amount of intergranular fracture existed in shows a gradual transition from. elastic to plastic
these alloys. For example the NiAI + Ti alloy in the behavior and extremely high strain hardening rates.
heat treated condition has a larger grain size than For example silver, a low stacking fault energy metal,
does the as-extruded NiAI; however, the latter at TIT, = 0.06 has an average strain hardening rate
showed more intergranular fracture. In contrast, the of 1000 MPa (-E/70) [24] and NiAI at TIT,, = 0.16
as-extruded NiAI specimen with a finer grain size has an average strain hardening rate of 10,000 MPa
than the heat treated specimen showed a lower (- E/20); the latter value is more typical of composite
percent of intergranular fracture. Grain size is materials. The high strain hardening rate of
expected to affect the crack instability and fracture polycrystalline NiAl can also be attributed to the
morphology in many ways. An increase in grain size strain incompatibility between the grains owing to a
increases the probability of finding large microcracks lack of enough slip systems. The incompatibility
and hence fracture strain will be reduced, which results in generation/accumulation of dislocations
results in less propensity for intergranular crack near the boundaries, as well as the build-up of elastic
propagation. On the other hand, the strain gradient internal stresses. The latter stresses, similar to
is smaller in large grains, which results in less two-phase materials, arise because initially only some
probability of crack initiation and lower strain grains deform plastically and this behavior leads to
hardening rates. Consequently, crack instability will development of long range image stresses [25] and
occur at larger deformations, and hence the initially large slopes of stress-strain curves [26].
probability of intergranular fracture is increased. The results of this study show that the strain

hardening rate decreases with temperature and the
change becomes drastic above 300'C. The- slip lines

-- -- . . -- observed on the surface of the tensile specimen tested

at 400'C indicate that some cross-slip has occurred,
but the slip has remained predominantly planar. The
cross-slip of a<100> Burgers vectors to {Okl} planes
has been observed in NiAI at elevated temperatures

• [61 7] and under a triaxial stress state at room
V temperature [8]. While the activation of {0kl} planes

enhances the recovery of dislocation substructure, it
does not increase the number of independent slip
systems in NiAI and hence the climb of dislocations
is necessary to accommodate the strain compatibility
between grains [11]. Considering that the activation
energy for interdiffusion in stoichiometric NiAI is
about 200 kJ/mol [27] the question has been raised as
to whether 300-C (TIT, = 0.3) is a high enough
temperature to allow extensive diffusion to occur in
NiAI. It has been suggested [12] that short circuit
diffusion processes, such as grain boundary diffusion,
are responsible for climb of dislocations near grain

------ boundaries.
"The observation of large cavities near the notch of

. . fracture specimens upon heat treatment at 1000°C is
- epy interesting. Since these cavities were not
o. served in the as-extruded specimens and were
found only near the notch of the heat treated
specimens it is concluded that they form as a result
of the cutting process and subsequent heat treatment.
It has been shown that vacancy clusters and very fine
voids form in NiAI upon annealing in the
temperature range of 0.3-0.5T,, [28,29]. When a

notch is cut using a diamond blade plasticity occurs
around the notch, and similar to an indentation
process it leaves residual stresses after unloading. One

Fig. 10. SEM fractographs of (a) as-extruded and (b) heat method by which excess concentration of vacancies
treated NiAI specimens. can be generated is the plastic deformation caused by



4200 EBRAHINII and HOYLE: BRITILE-TO-DUCTILE TRANSITION

j A

7,

Fig. 1I. SEM fractoer.-.h _ showing the presence of cavities near the notch in. heat treated fracture
specimens o. .tt NiAI and (b) NiAI + Ti alloy.

the cutting process. Upon annealing. sim:!lar to NiAI is very sensitive to the stress state, it may be
diffusional creep. the residual stress gradient near the speculated that at a microscopic level the extreme
notch is expected to establish a flux of vacancees. The inhomogeneities in the hydrostatic stress distribution,
very large size of the voids inplies that the %acancy which result from the strain incompatibility between
concentration gradient in the notch region nxst have grains [23], may also establish a vacancy concen-
been large. It should be noted that the U:1fusion tration gradient. The enhanced vacancy flow owing
distance. (diffusion coefficient >' time)'-'. al 1000 C to the vacancy concentration gradient would increase
for one hour is considerable. and is approximately the velocity of climb of dislocations in NiAI.
0.1 pim using the pre-exponettial term. D . tbr Ni Fracture in the tensile specimen of stoichiometric
diffusion in stoichiometric NiAI 14.461 >. -.) - mil- s NiAl tested at 400:C occurred by microvoid
[27]). Assuming that tihe v.cac\ concentr.::ion in coalescence. Considering that there are no second-



EBRAHIMI and HOYLE: BRITTLE-TO-DUCTILE TRANSITION '4201

to be nucleated at grain boundaries considering that
the average grain size of this material is 83 pm. No

-N microcracks were found at the intersection of the slip
) bands, and hence this mechanism could not be

operative. The voids that form by dislocation cell
boundary decohesion are usually ultrafine and

At* relatively shallow. Owing to the size of the voids and
Stheir depth, this mechanism is probably not

responsible for void nucleation in this material. It is,
therefore, concluded that microvoids observed on the
fracture surface of NiAI specimen were formed by
coalescence of vacancies. The further growth of these
voids by plasticity resulted in the microvoid
coalescence fracture. It is acknowledged that the
diffusivity in NiAI at 400'C is very limited. However,
the size of voids needed for initiation of microvoids
can be very small and does not require a long
diffusion distance. Furthermore, after the specimens

Fig. 12. SEM micrograph showing the preferential were heat treated at 1000:C, they were cooled under
intergranular fracture path in a tearing ridge on the fracture flowing argon gas, which is a relatively fast cooling

surface of the as-extruded NiAI + Ti alloy, rate, and hence some vacancies are expected to be
trapped in the crystal. It should be noted that the

phase particles in the NiA1 alloy studied, the origin stoichiometric NiAI has been reported to have
of the microvoid coalescence mechanism observed on 0.5-1% thermal vacancies after quenching from
the fracture surface of a single-phase polycrystalline moderate temperatures [30]. Vacancy condensation
material can be attributed to (i) microcracks formed has recently been suggested as a possible mechanism
at grain boundary triple points, (ii) microcracks for ductile fracture in f.c.c. single crystals at elevated
formed at slip band intersection points, (iii) temperatures [31].
decohesion of dislocation cell boundaries, and (iv) The addition of 1 at.% Ti, which is within the
formation of voids by vacancy coalescence or growth solubility of Ti in NiAI [32]. increased the yield
of existing vacancy clusters. As can be seen in Fig. 7 strength of NiAl considerably (see Table 1). The
the spacing between microvoids is too small for them higher yield strength of NiAI + Ti alloy can be

Fig. 13. SEM micrograph showing nmicrocracking near the notch of a heat treated NiAI specimen partially

loaded at 500 C. The arrows mark the presence of very fine microcracks formed at grain boundary triple
• .points.
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Table 4. Comparison of theoretical general yield point with the load 1.55, 1.09, and 1.81 Mpa m"'2, which are much
at the limit of linear elastic behavior, Ph,,. and the fracture load. Pr,

which were obtained from the load-displacement curves smaller than the measured room temperature values.

"Test temperature P0 ,f L Phi, pF This comparison supports the notion that in notched
(°C) (Ib) (Ib) (lb) specimens crack propagation rather than initiation
NiAI controls the toughness. Therefore, fracture in
200 41.0 52.0 60.0 polycrystalline NiA1 occurs by development of (i) a

(L = 1.3)
300 29.4 42.0 68.4 plastic zone ahead of the notch, (ii) formation of

(L = 1.41) intergranular microcracks in the plastic zone, and (iii)
400 19.8 28 93.2 unstable fracture which depends on the number and

NiAI + Ti (L = 1.4) size distribution of microcracks and the level of
6001 61 120 176 stresses in the plastic zone. The increase in toughness

(L = 2) becomes drastic, and hence it is called a BDT, when280 392

600t 193 (L = 1.4) the strain hardening rate is decreased significantly.
276 408 The loss of strain hardening rate is associated with

t (L = 1.4) a smaller probability of intergranular microcrack
tSpecimen thickness = 3.0 mm. formation and a lower stress distribution in the•Specimen thickness = 7.00 mam.

a,,-I" -sa)2w plastic zone at a given applied stress intensity factor.
Po,IL = ,II' Hence, the probability of unstable fracture is

decreased and general yielding precedes unstable
where a. = yield strength, B = thickness, If'= width, a = crack fracture

length, S, and S, = spans, L = constraint factor, Po, = load at . At temperatures below BDT temperature,
"general yielding. the fracture process in stoichiometric NiAI is similar

to the fracture of low carbon steels [33], except that
in the latter material microcracking is transgranular.

attributed to point defect hardening. which includes In low carbon steels there is competition between
the conventional solid solution hardening mechan- brittle and ductile fracture and the BDT occurs
ism. The strength of NiAI is known to be very when the fracture mechanism changes from cleavage
sensitive to deviations from stoichiometry and the to microvoid coalescence [34]. In NiAI. however,
defect structure [27]. The persistence of high work no stable slow crack growth was observed, and
hardening rates at high temperatures in NiAI + Ti consequently the BDT temperature coincides with the
alloy suggests that the modification of the point general yielding of the specimen. A decrease in
defect structure, which may affect both the number displacement rate did not affect the low temperature

Sand mobility of vacancies, must have made the climb toughness of NiAI. However, it reduced the BDT
of dislocations more difficult in this alloy. Consist- temperature and made the transition sharper. This
ently the tensile ductility of the NiAI + Ti alloy observation suggests that strain rate, similar to test
remained negligible up to 600'C test temperature. temperature, affects the driving force for unstable

In agreement with previously reported studies, the crack propagation by modifying the development of
BDT of polycrystalline stoichiometric NiA1 occurred the internal stresses owing to strain incompatibility,
in the 300-400'C temperature range. The BDT in which drive the crack propagation. Relaxation of
NiAI can be correlated with a loss of strain hardening these stresses at low strain rates or high temperatures
rate as temperature is increased. The BDT in notched reduces the net applied driving force, and hence
bend specimens of this alloy was associated with a instability is not achieved and the deformation
non-linearity in the load-displacement curve. This proceeds to the point of general yielding. After
non-linearity can arise from general yielding and/or general yielding owing to a loss of plastic constraint
slow crack growth. Table 4 compares the predicted the stresses in the plastic region can be intensified
general yield loads with the load values observed for only through strain hardening and very large applied
specimens that showed non-linear behavior. It is strains are needed for the onset of crack instability.
obvious from these results that general yielding The BDT temperature for NiA1 + Ti alloy, similar
preceded fracture in these specimens. The existence of to the 'NiAl alloy coincided with the general yielding
microcracks ahead of the notch in the NiAI specimen, of the fracture specimens. An increase in the specimen
which was partially loaded at 500'C, suggests that thickness reduced the low temperature toughness.
extensive microcracking occurs in the plastic zone The effect of specimen thickness on toughness has
ahead of the notch before crack growth and been attributed to a change in the stress state as well
instability proceed. Assuming pre-existing intergran- as an increase in the probability of finding large
ular microcracks of the order of the grain size in microcracks that can cause crack instability [35].
tensile specimens, the toughness can be estimated However, since the BDT temperature is not affected
using the relationship for a penny-shape crack considerably by a change in the specimen thickness,
[K = a(dkr)t", where d is tbe grain size and a is the it may be concluded that thickness did not affect the
measured fracture stress in tension]. The estimated plastic constraint and the reduction in toughness can
values for NiAI and NiAI + Ti in the as-extruded be attributed to the higher number of defects,) and heat treated conditions, respectively, are 0.903, including the voids formed upon heat treatment.
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For stoichiometric NiAI, the BDT temperature as in fracture mode to a microvoid coalescence
evaluated by tensile testing was similar to that mechanism.
obtained by testing notched specimens. Interestingly, (d) The lack of enough independent slip systems in
the NiAI + Ti alloy did not show a BDT upon tensile these alloys creates very high localized elastic
testing up to 600'C; however, the testing of notched stresses, which are suggested to be responsible
fracture specimens indicated the BDT to be around for high strain hardening, intergranular frac-
400-500°C. These observations are in contrast to ture, and enhanced diffusivity.
those in b.c.c. metals and alloys, for example in steels, (e) The addition of Ti increases yield strength and
where the BDT temperature, as evaluated by testing BDT temperature; however, it may result in an
notched specimens, is usually much higher than that increase in the apparent low temperature
obtained by testing smooth specimens [34]. This toughness.
difference in behavior may suggest the localization of (f) A decrease in the applied displacement rate
strain in tensile specimens, for example in the form of allows the relaxation of internal stresses and
shear bands. Further work is needed to investigate decreases the BDT temperature, but does not
this phenomenon. affect the low temperature toughness level

Considering that fracture in tensile specimens is significantly. In contrast, an increase in the
initiation controlled, the reduction in tensile ductility specimen thickness provides a larger number of
and fracture strength with heat treatment (see: possible crack initiation sites and decreases the
Table 1) can be attributed to an increase in the grain low temperature toughness, but does not affect
size [14]. The larger the grain size, the larger the size BDT temperature significantly.
of intergranular microcracks and hence the higher the
probability of fracture. The effect of heat treatment Acknowledgenients-The authors wish to thank Dr J. D.
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Abstract-The brittle-to-ductile transition (BDT) of NiAI single crystals was studied as a function of dis-
S,-_ placement rate and prestraining using double-notched tensile specimens loaded along a (110) orientation

with the crack front parallel to a (001) direction. The tensile properties were also evaluated as a function
of strain rate and test temperature. For specimens tested, the BDT coincided with the onset of net-section
yielding. It has been found that decreasing the applied displacement rate reduced the BDT temperature
and strain hardening rate without affecting the low temperature toughness and yield strength significantly.
Prestraining improved the low temperature toughness level but increased the BDT temperature. It has been
shown that fracture in NiAI single crystal occurs by development of microcracks on slip bands and their
subsequent instability. The effects of displacement rate and prestraining are discussed in terms of the plastic
flow mechanisms and their effects on crack initiation and propagation processes. It has been suggested that
the cross-slip of screw dislocations at elevated temperatures and low strain rates retards plastic strain local-
ization, and hence, toughness is improved. © 1998 Acta Metallurgica Inc.

1. INTRODUCTION the yield strength which reduces the probabilities of

Crystalline materials that cleave show a brittle-to- microcracking and its subsequent instability. Any
ductile transition (BDT) upon an increase in the factor that affects these probabilities will also

test temperature. The BDT is conventionally change the variation of toughness with temperature

Sdefined as a sharp increase in the material's tough- in this regime. The BDT arises from the interven-

ness which is evaluated at the point of crack tion of either ductile fracture or gross yielding. The

instability. This sudden increase in toughness is BDT has been studied extensively in steels, in which
usually a result of non-linearity in the load-displa- case it is often associated with the development ofcemunlt curve which is initiated by either slow crack slow crack growth prior to unstable fracture [3,4].

rowth or w gross yieldini (non-contained yielding) The slow crack grows by microvoid coalescence
gi (mechanism in steels; however, the mechanism of un-
followed by unstable fracture. However, BDT can stable crack propagation can be cleavage, quasi-
also be achieved within the linear-elastic fracture ce

mechnic frae a Io- asthespeimensiz is cleavage or microvoid coalescence, depending on
mechanics frame as long as the specimen size is the microstructure and deformation behavior of the
increased with an elevation in the test temperature. steel. An increase in the crack tip opening displace-
In this case the BDT is more gradual in nature.The ritlenss o a ateialcan e vewe as ment for ductile crack initiation indeed results in a

The brittleness of a material can be viewed as higher BDT temperature in steels [4]. In single-
either a low, lower-shelf toughness or a high, phase materials, where microvoid initiation occurs
brittle-to-ductile transition temperature (BDTT) as by mechanisms such as decohesion at dislocation
depicted schematically in Fig. 1. In semi-brittle ma- cell boundaries or intersection of slip bands [4, 5],
terials. local plasticity always precedes unstable the toughness at the point of ductile crack initiation
fracture, even at low test temperatures [1,2]. can be relatively high. Hence, gross yielding is
Because of the blunting of the original crack tip, expected to precede the initiation of slow crack
microcracking usually precedes unstable fracture, growth in the absence of environmental effects.
i.e. sharp microcracks form at or ahead of the The brittle-to-ductile transition of materials has
blunted crack tip. In single phase materials intergra- been found to be dependent on displacement rate,
nular microcracking, shear decohesion, and clea- specimen geometry, and prestraining. It is well
vage microcracking owing to the intersection of known that BDTT of steels increases with an
twins or slip bands are examples of crack initiation increase in the displacement rate [6]. This effect has
processes. These microcracks have to reach a criti- been recently investigated in other materials [7-10].
cal length (or velocity) in order to cause the global In general, the effect of displacement rate is
instability of the specimen. The gradual increase in explained in terms of local plastic yielding which is
toughness as a function of temperature within the controlled by the number and velocity of dislo-
lower' shelf region is usually due to a decrease of cations near the crack tip. A reduction in the speci-
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e ns microvoid coalescence at high temperatures, where

"- Improved Lower-shelf stress-assisted diffusion can cause coalescence of

--.-.- Improved SOT vacancies [16]. However, the BDT in polycrystalline
NiAl was found to be associated with gross yield-
ing. which occurred at a lower temperature than
that at which cracking by microvoid coalescence
was possible. The low lower-shelf toughness and the

-, Derehigh BDT temperature of the polycrystalline NiA!

, -sired has been attributed to the plasticity-induced inter-

"" -'- --- - - -"" ghn4s granular microcracking and the existence of high in-
- ternal stresses arising from incompatibility between

'...... grains [16].
RT Temperature The lower-shelf fracture toughness of single-crys-

talline NiAI depends on the crystallographic orien-
Fig. 1. A schematic showing how the room temperature tation and heat treatment, and its value varies
(RT) toughness can be improved by shifting the BDTT between 4 and 15 MPa-m1t [22]. This range of
below RTand!or increasing the lower-shelf toughness level. toughness is comparable to the lower shelf of b.c.c.

men dimaensions decreases the total number of the single crystals such as molybdenum [9]. The limited
work on BDT of NiAl single crystal indicatesa

microcracks near the crack tip, as well as allowing wronBTra of NiAI sg c5rynsitlionteea-
gross yielding to precede unstable cracking at lower ture range of 150.C-400tC [22,23]), which is much
test temperatures. thus decreasing BDTT [3]. higher than the ratio for metallic single crystals
Increasing the notch root radius modifies the stress such as Mo (BDTT/Tm=0.05-0.07 [9]) but much

distribution ahead of the notch and may lead to a lower than covalently bonded single crystals such as
lower BDTT [11]. The effect of prestraining depends Si (BDTT/Tm=0.46-0.58 [7]). The BDT in silicon
on the nature of the material. If the introduction of is strongly strain-rate dependent, and it corresponds
dislocations increases the yield strength of the ma- with non-linearity in load-displacement curve

terial considerab, then the BDTT will be owing to gross plasticity [7]. Models based orl dislo-
increased. For example a cold worked steel shows a cation nucleation [25] as well as dislocation
higher BDTT than it does in the annealed con- motion [26] have been proposed to explain the
dition. However, in materials with a low density of shielding and blunting of the crack tip in Si which
mobile dislocations. prestraining may result in a re- drop the stress intensity factor at the crack tip
duction of yield strength and hence, in improvement below that necessary for breaking atomic bonds. In
of the toughness [12]. For example, prestraining sili- contrast to Si, the yield strength of Mo does not
con has been shown to reduce hardness and drop very fast with temperature and it is less tern-
increase room temperature toughness [13], as well perature sensitive within the BDT regime.
as decreasing the BDTT by changing the shape of Accordingly, the BDTT of Mo is not strongly

the toughness vs temperature curve [14]. dependent on the applied displacement rate [9]. The
The intermetallic NiAt has been considered to BDT in this material has been explained by plas-

have a poor room temperature fracture toughness ticity-enhanced microcleavage [2,9]. The purpose of
which makes it unsuitable for high temperature this paper is to understand the mechanism(s) of
structural applications [15]. In polycrystalline form BDT in NiAl single crystals oriented along a (110)
NiAl has a lower-shelf toughness of 10-15 MPa-m"; orientation.
2 and a BDT temperature around 400'C [16]. NiAI
has a B2 crystal structure and its slip vector is
a(100) [17]. except when it is loaded uniaxially 2. MATERIALS AND EXPERIMENTAL
along a (100) direction [18]. The preferred slip PROCEDURES

planes are {001} and {01 I) planes; however, {013} Stoichiometric NiAI single crystals studied in this
and {015} slip planes have also been investigation were grown using a modified
observed [19.20]. The a (100) slip directions result Bridgeman technique. The as-grown crystals were
in only three independent slip systems. The multi- homogenized in an argon atmosphere at 1300'C for
plicity of slip planes does not increase the number three hours and were cooled to room temperature
of independent slip systems, however, it facilitates at a rate of 2.4°C/min to eliminate the thermal
cross-slip by so-called "pencil" glide [21]. A lack of vacancies generated at high temperatures. The crys-
enough slip systems to accommodate the strain tal orientation was determined using the Laue back-
incompatibility between the grains leads to for- scattered X-ray technique.
mation of inter~granular microcracks and develop- Tensile and fracture toughness tests were per-
ment of high internal hydrostatic stress components formed using a closed loop hydraulic testing system.
-that provide the driving force for intergranular The high temperature testg were conducted in a
crack propagation [16]. This material fractures by closed furnace, with tungsten mesh as heating el-
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Fig. 2. Schematic showing the geometry and crystallographic orientation of the specimens used for ten-
sile and fracture toughness testings.
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Table I. Tensile properties of NiAI single crystal 200
Yield Fracture

Strain rate Temperature strength stress Ductility A N

•(s-) (C) (MPa) (MPa) (%) -150

5x 10 20 110 211 5.8
100 83 151 5.8 100
200 69 168 9.1 cc

5 x 10- 5  20 98 189 6.3
100 75.5 186 10.0
200 56 - 61 U 50 - -)---.2% Stress
300 28 - >63 -" -3% Stress

5 x 10-6 20 94 163.5 6.9 -0 -- 5% Stress a
100 84 192 11.0 0 . . . . . . . . . . . . . . . . . . . ,
200 56 - > 56

0 50 100 150 200 250

ement, under a constant flow of oxygen-gettered Temperature (CC)
argon gas. The specimens were soaked at the test
temperature for an hour before testing. Tensile tests 200
were conducted in the temperature range of room
temperature to 300'C at approximate strain rates of - 3---- 0.2% Stress

5x 10- 3/s, 5 x 10- 5/s. and 5 x 10-6/s. Three displa- -•- 150 A--3% Stress-" % -- O--5% Stress
cement rates viz, 102- mm/s, 2 x 10-4 mm/s, and CL.. N.5%
2 x 10-5 mm/s were used for establishing the BDT." " . ~A double-notched tension specimen was used for Cn 100 "'-:-•

characterizing the BDT as shown in Fig. 2. This
geometry was adopted primarily because it allows a o 50
uniform prestraining to be performed prior to mak-
ing notches. The notches were introduced using a b
slow speed saw with a diamond wafering blade of
300 1m thickness. Specimens with the same geome- 0 50 100 150 200 250
try and dimensions as shown in Fig. 2, but in an
"un-notched" form, were used for tensile testing. Temperature (0c)

Prestraining was performed at a strain rate of
5x 10-4/s at 200WC to a level of 10% strain. At

these conditions the specimen showed adequate
maximum uniform strain [23]. The specimens were 200
cooled to room temperature under flowing argon ,-.3 0.2% Stress
after unloading. The specimens were notched after -150 -. -3% Stress
prestraining. Fracture toughness testing of pre- U-0 - % Stress
strained specimens were conducted at the displace- '
ment rate of 10-3 mm/S. ' 100

The apparent fracture toughness, Kjc, was calcu- ..

lated using the following equations [27,28]: C 50

Kjc =(YPfal2 )/BW+(JpE)1/2

C

Y = 1.99 + 0.76(a /W ) _8.48(a /I V )2  + 27.32(a/ IV)3  0 50.100. 150. 2 00.2 5 0
0 50 100 150 200 250

Jp = 2,p/B(W -a) Temperature (CC)

where Pf is the load at the point of unstable frac- Fig. 4. Effect of temperature on flow stress at a strain rate
ture. a is the crack length, B is the thickness, H' is of (a) 5 x 10- 3/s, (b) 5 x 10-5/s, and (c) 5 x 10'/s.
the width, and Ap is the area under the plastic
regime of the load-displacement curve. ture: however, the effect of strain rate was not as

significant. Figure 4 presents flow stress as a func-

3. RESULTS tion of temperature at various strain rates. These
curves show that initially the strain hardening rate

3.1. Tensile testing is very high, as reflected in the large difference in

Engineering stress-strain curves for the three the flow stress values at 0.2% and 3% strain levels.
strain rates tested are shown in Fig. 3, and the ien- However, the strain hardening rate decreased sig-

Ssile properties are summarized in Table 1. The yield nificantly at higher strain levels as indicated by the
strength decreased considerably with test tempera- small difference in the flow stress at 2% and 3%
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Table 2. Strain hardening rate" (MPa) as a function of tempera- Table 3. Strain rate sensitivity, nit. as a function of temperature
ture and strain rate

Strain rate sensitivity
20'C I00'C 200'C Temperature -C high strain rates low strain rates

5 x 10-'s-' 1546 1172 1056
5 x 10- s-' 1240 900 1026 20 0.024 0.014
5 X 10-6 s-' 604 784 686 100 0.022 -0.045200 0.047 0

tStrain hardening rate was defined as: (os0%-60o.2%)'0.04 8 , where ti' = ln(a,/!a)In(i_/iI), where a is the yield strength. i is the
s v5% and y.2% are the flow stress at 5% and 0.2% strain. re- strain rate. and subscripts I and 2 refer to the two levels of
spectively. strain rate.

strain levels. Table 2 presents an estimate of the in-
itial strain hardening rate for various temperatures where the specimens necked before fracture, the

and strain rates tested. The strain hardening rate maximum uniform strain was reduced considerably

decreased significantly with a reduction in the strain with a decrease in the applied strain rate from

rate. The effect of temperature on strain hardening 5 x 10-5 to 5 x 10-. The tensile ductility in speci-
rate was not as significant and the strain hardening mens fractured in the specimen's shoulder was in
rate remained almost constant at the lowest strain the range of 5-11% but it increased drastically

rate tested. (>60%) in specimens that did not break in the

Figure 5 presents yield stress as a function of the shoulder area. This transition was not observed in

applied strain rate. The strain rate sensitivity values the specimens tested at 5 x 10- 3/s, suggesting that

-.. calculated from these curves are given in Table 3. the transition temperature should be above 200-C.
The negative strain rate sensitivity observed at Analysis of the slip traces on both sides of speci-

100'C and low strain rates suggests the occurrence mens that showed significant ductility has revealed

"of dynamic strain aging at this temperature. The ac- that {100} and {l l0} slip planes as well as various

tivation energy for yielding was estimated based on {hk0} planes were activated [20]. The wavy nature

the data at room temperature and 200°C test tem- of the slip lines as shown in Fig. 6 indicated exten-

peratures. The 100°C temperature results were sive cross-slip of dislocations between the slip

excluded because of the occurrence of dynamic planes.

strain aging. The activation energy, Q, was calcu- 3.2. Fracture toughness testing

lated from:
The effect of displacement rate on the BDT is

SQ = [-R log(•2 / 1)/(1/T 2 - I/Ti)] shown in Fig. 7. All specimens tested, except for the

where i is strain rate, T is temperature, a is the specimen tested at 250'C at the displacement rate
flow stress, and R gas constant. The subscripts I of 2 x l0-5 mm/s, broke in an unstable manner
and 2 refer to 25°C and 200'C test temperatures.
Within the stress range of 70 to 90 MPa, the acti-
vation energy was found to be 97 kJ/mol and inde-
pendent of the stress level.

The specimens that did not show plastic instabil-
ity (necking) broke itear the shoulder where the
cross-section area changed drastically. At 200'C,

5

4.8
20°C

S4.6

S4.4 1,000 .

0 4.2 *
-.- 2000 C
.-J

4

3.8. .......

-16 -14 -12 -10 -8 -6 -4
Ln(Strain rate in 1/sec.)

Fig. 6. SEM micrograph showing the relationship between
Fig. 5. Effect of strain rate on yield strength at different the slip traces on faces of a tensile specimen loaded to a( test temperatures. strain of 25% at 200-C.
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Fig. 7. Fracture toughness as a function of test tempera- however, the BDTT was shifted to a higher ter-

ture at different applied displacement rate [21]. perature upon prestraining. Similar to the as-hom-
ogenized specimens, the BDTT corresponded to the

without a noticeable slow crack growth. The BDT onset of net-section yielding.

"temperature, as defined by the temperature at which 3.3. Fractography
toughness increases drastically with temperature, co- Unstable fracture occurred by cleavage fracture in
incided with the onset of nonlinearity in the load- all notched and un-notched specimens and no micro-
displacement curve [20]. This nonlinearity is due to oid coalescence mechanism was observed. The pro-
the net-section yielding of the specimen. Table 4 v
compares the actual load at the onset of nonlinear- cesses of crack initiation and propagation have been"oity, P, with that predicted based on the net-section presented in detail elsewhere [20] and here only sali-
areay,Awith that preslsidicated tased the one-sctrint ent features are presented. At all conditions crack
area, A . The results indicate that the constraint nucleation occurred by shear decohesion along con-
factor, L = PyIayAnet, is about 1.4-1.5 in specimens centrated slip bands. Figure 10 presents three
tested. Decreasing the displacement rate reduced the,, BTT ithut mprvingthelowtemeraure examples of microcracking: at the notch tip (low
BDTT without improving the low temperature temperature, below net-section yielding), ahead but
toughness level (lower-shelf toughness) noticeably. temperature, above n e tThe activation energy for BDTT was estimated near the notch (intermediate temperature, above net-
by plotting the displacement rate as a function of section yielding but below general yielding), and in

the mid-section of a specimen (high temperature,
the inverse of temperature at the point where un- above general yielding). The crack initiation and
stable fracture correspond with net-section yielding propagation was found to start invariably near the
as shown in Fig. 8. For comparison the curves sides of the specimens as shown in Fig. 11. As
at Kjc=25, 50, 100 and 150e MPagmya 2 are also demonstrated in Fig. 12, the plane stress condition
included. The activation energy values ned near the surface enhanced localized plastic defor-
are presented in Table 5. The activation energy mation which is the pre-curser to crack initiation
values increased with an increase in the apparent K and propagation in NiAI single crystals.
value. Note that the activation energy correspond-

ing to BDT is significantly smaller than the value
for yielding (48 kJ/mol for BDT vs 97 kJi/mol for
tensile yielding).

The effect of prestraining on BDT behavior is Based on the fractographic analysis, cleavage
shown in Fig. 9. The average lower-shelf toughness microcracks are produced by slip decohesion on the
was increased from 4.9 MPa.m' 2 to 8.5 MPa.m1 /-; slip planes in NiA! single crystals. It should be

noted that {100} and { 110} planes act as both slip
Table 4. A comparison of load at the onset of non-linearity, and cleavage planes in this material. The micro-
Py(N). with P = yA.,,A(N). The values in the parenthesis are the cracks formed preferentially near the sides of the

plastic constraint factor, L

5 x I0- 's- 5 x I0-5 s-' 5 X 10- s-t Table 5. Activation energy calculated at various K5c values

20'C Py = 623, Activation energyP = 480 (1.3) K Level (MPa.m.' 2) (kJ/mol)

100:C a P, = 534, P,=445.
P = 383 (1.4) P = 414 (1.1) Net section yielding 48

2001C P, = 489. P, -427, P, = 423. 25 52
P = 351 (1.4) P = 285 (1.5) P = 285 (1.5) 50 66

- 100 79
'Fracture occurred within the linear portion of the load-displace- 150 84

ment curve.
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prestrained conditions (24].

specimens tested, %%here the stress state is close to
the plane stress condition. This stress state enhances
shear localization and thus microcrackinL,. The fact
that unstable cracks alwavs started fromt the sides
of the specimens suggests that microcrack for-
mation is the main mechanism that contrils the
apparent fracture toughness of thle NiAI specimens;
tested. Consistently, the abrupt decrease in tensile
ductility with a reduction in temperature is attribu -

ted to thle localization of plastic strain near the tenl-(sile specimen shoulders which causes crack
initiation and leads to a premature fracture.

In contrast to the observations made for silicon ~~-.4~~

Lý, Y4•

single cry-stals [14], the BDT temperature" ~\1% a,'
increased with prestraining of the NiAI s;inge!, cr\- -, -3

7M 1

tal tested in this study. This contradiction may be 4

related to the difference in the presraining proa-
cedures. In the case of silicon, prestraining was con-
ducted after a sharp crack has been introduced b\
microindentation [14]. Since silicon single crstals
have a very low dislocation densitc . dislocations
formed upon prestraining are expected to be gener-

ated from the crack tip. These dislocations reduce Fi.11SElruoih ho'n"tcrrcininil
the stress intensity factor at the crack tip during -inl ip

matio isSlS (a) mai mechanismk that tilroe nochtheb

low temperature fracture tough ness testiog by lierocrackx \%;thin the hNziAily dtfornied recion ahead s ie
blunting the originally sharp crack tip and acting as thle notch. It) \itc: ouiks inl the 11i~iddle ofia specimen.
shieldin2 dislocations. In this study prestraining was
conducted prior to the introduction of the notches. upon pteentsiinlne The ncrease in the BDTT of
The random distribution of the dislocations and the NiAi with prestraining suggests that dislocation
absence of a change in the notch tip geometry maay eneration is not the mechanism that controls the
reflect wh\ the BDTT was not improved in the case toughness of NiAl single crstals. Indeed. TEc stui-
of NiAI single crystal studied here. Furthermore, dies have revealed that homnocenized NiAI sinele1,
our recent results indicate that the toug2hness of sili- crystalls shlow small angle boundaries indicatingL that
con can also be improved by high temperature pre- reasonable number of dislocation sources exist in
straining performed prior to the introduction of. this material [29]. Therefore, lack Of enouh .dislo-
cracks [13]. We have also found that room tempera cations is not a reason for the brittleness of NiAl
ture hardness of silicon is reduced by prestraining. single crysstal>. The effect of pestrannL on BDT
This result suggests that the improvement of tough- bala\ior of' NiAl li dkpicted in Fig. ]'(.. . The
ness and the reduction of BDTT inl silicon are ts ittrease in tite IDTT with prestraintin canl be
sociated with introduction of dislocation sources attiibited to the increasc in tha flown stress -lh•i
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Fig!. II. SEM micrograph showing crack initiation site in
a specimen fractured at 350C at 10-" mm s. The arrow in-

dicates the crack initiation site. ,
,9-

raises the load level, and hence the applied K (or J)
value at which net-section vielding occurs. Net Section"Yielding
Therefore. the intervention of cross yielding is post-
poned to higher temperatures. In addition, the --- -~
increase in the stress distribution level in the plastic P_
zone increases the probability that microcracks may Temperature

lead to instability. The improvement of the room Fig. 13. Schematics depicting the effects of(a) prestraining
temperature toughness with prestraining can be and (b) displacement rate on BDT of NiAI single crystal
attributed to the uniformity of deformation in the

plastic zone. At low temperatures the toughness is
.:strongly dependent on the resistance to crack in-

itiation. The uniformity of deformation resulted
from prestraining retards plastic strain localization

4" .and consequently for microcracking to occur larger
plastic strains are required. Apparently this effect

offsets the adverse effect of the high flow stress, and
thus toughness is improved.

7 , The results presented here indicated that BDT
• ii temperature is reduced significantly with decreasing

the applied displacement rate. This observation is
similar to the results reported for silicon. However,
in contrast to the behavior of silicon, within the
temperature range studied here. the yield strength
of NiAI is insensitive to the applied strain rate.
Therefore, models that explain the displacement
rate dependency of BDTT based on the variation of
the yield strength are not applicable. Consistently,
the estimated activation energy for yielding was
found to be much higher than the activation energy
associated with BDT.

Although the 'yield strength was found to be inde-
pendent of the applied strain rate, the strain hard-

Fig. 12. SEM micrograph showing the extensive plastic de-
formation and thle Poissonis elfect near the side of a speci- ening rate was influenced considerably (see Table 2).
men fractured at 350 C at 10-2 nn-s [21]. The arrow Slip trace analysis of NiAI tensile specimens loided

indicates the crack initiation site. in a (110) direction has revealed that double cross-



Influence of Interstitials on the Mechanical Properties
( of Metallic Materials

R.E. REED-HILL, C.V. ISWARAN, and M.J. KAUFMAN

The role of interstitials on the mechanical properties of metals has become more clearly understood
as the result of investigations of systems whose interstitial solute concentrations in solid solution are
effectively constant over a wide temperature range (from 0 K to well into the plateau of the flow
stress vs temperature diagram). These studies strongly imply that both solid solution hardening and
dynamic strain aging are due to pinning of dislocations by interstitial solute atoms. Furthermore, the
strain rate is controlled by a mechanism whose activation enthalpy is a function of the effective
stress, as suggested by Yokobori.

I. INTRODUCTION 0r= cr, + or*

INTERSTITIAL atoms in solid solution are able to pro- where o-, is the internal stress and o-* the effective stress.
duce two very significant effects on the mechanical prop- (2) The thermally activated strain rate equation:
erties of metallic materials; at lower temperatures, where
the interstitial atom diffusion rates are insignificant, they =4exp (-_)
produce solid solution hardening, and at higher tempera-
tures, where diffusion rates become appreciable, they cause where t is the strain rate, t, a constant, H the activation
dynamic strain aging (DSA). Both phenomena involve pin- enthalpy, R the gas constant, and T the Kelvin tempera-
ning of dislocations by interstitial atoms. In solid solution ture.
hardening, the pinning occurs by in situ interstitials that are (3) The activation volume v:
effectively stationary. This is illustrated in Figure 1, which
is based on a figure in Hirth and Lothe's Theory of Dislo- (=
cations.0) These authors point out that at low temperatures, V =r-( because the interaction force between a dislocation and a
solute atom has a very short range, "a dislocation becomes (4) The Conrad-Wiedersich equation:14]
wiggly, adjusting its configuration to conform to the inter- (-'*
nal stresses of the immobile solute atoms." In Figure 1(a), H= -Tv Is-)
the dislocation is assumed to be unstressed, while in Fig. aT

1 (b), the dislocation is under stress. At DSA temperatures, where (ao"*/8T), is the slope of a or* vs T plot obtained at
the interstitials are mobile and thus able to increase the a constant strain rate.
level of pinning by either forming solute atom atmospheres (5) The dimensionless strain rate sensitivity n:
at the dislocations (Cottrell-Bilby agingt2l) or by jumping
into lower energy interstitial sites lying within the stress n = I(*)
fields of the dislocations (Snoek agingi3i). d In (t)

(6) The alternative strain rate sensitivity S:

II. OUTLINE OF THE ANALYSIS S= dor*

The effects of these pinning phenomena on the mechan- d In (t)
ical properties are capable of being rationalized over an
extensive temperature range, but it is first necessary to find
an alloy whose interstitial solute concentrations and met- III. THE YOKOBORI ACTIVATION ENTHALPY
allurgical structure are basically temperature independent
within this range and whose internal stress can also be prop- The present procedure differs from the traditional tech-

erly evaluated in this interval. nique of analyzing stress strain data because of its use of

The analysis for doing this uses the following universally the Yokobori(5' activation enthalpy:
accepted metallurgical relations.H = HO In (_04')
(1) The flow stress oa. 0*

where IH is a material constant, o'* the effective stress at
0 K, and o-* the effective stress at a given temperature.

R.E. REED-HILL, Professor Emeritus,- C.V. ISWARAN, Postdoctoral Substituting this enthalpy into-the thermally activated strain
Associate, and MJ. KAUFMAN, Professor, are with the Department of

Materials Science and Engineering, University of Florida, Gainesville, FL rate equation makes it possible to develop the following
32611. simple analytical expressions which completely describe

Manuscript submitted December 7, i995. the stress strain behavior.
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Fig. 2-The logarithm of the critical resolved shear stress vs temperature

for zirconium single crystals doped with six levels of oxygen. Data of
Soo and Higgins(6" as plotted by Ahlers J

7
1

Fig. l-Interstitials in solid solution have short range stress fields and, at Conrad-Wiedersich equation, the latter reduces to the Yo-
low temperatures, they are effectively stationary. Thus, an unstressed and kobori activation enthalpy:
a stressed dislocation are assumed to look schematically like (a) and (b).11I

(1) A simple power-law formulation describing the tern- H = H* In(-

It should be emphasized that the Yokobori enthalpy
\. RT requires the use of the effective stress, o-*. However, if o-,,

cr* = or* -- is negligible, the previous relations based on the Yokobori
4 enthalpy should still be valid, if the flow stress, o', is intro-

(2) A linear relationship between In cr* and temperature T: duced into the Yokobori enthalpy. An example of this is
shown in Figure 2, where the logarithms of the critical re-

R ,-) solved shear stresses of high purity single crystals of zir-
In o'* = In al + w- In X T coniumt(6 doped with six levels of oxygen are plotted vs thetemperature. This figure is due to Ahlerst 7] who used the

whose slope is (R/Hu) X In (M,4). data of Soo and Higgins.j 1 These linear plots not only im-
(3) The dimensionless strain rate sensitivity n: ply that the data are consistent with the Yokobori activation

enthalpy but also that the internal stress was negligible in
RT these single crystals. This small or,, is consistent with the
Ho absence of grain boundaries, a low immobile dislocation

density at the critical resolved shear stress (CRSS), and a
(4) The alternate, strain rate sensitivity S: base metal of high purity. However, it should be noted that

S = no-* when or,, is significant, the use of the flow stress in the
Yokobori enthalpy is invalid.

(5) The activation volume v.

HO IV. THE INTERNAL STRESS
o'* A strong point of the present analysis is that it provides

reliable techniques for determining o', one of which is
(6) The material constant/.u: based on S strain rate sensitivity data.('l This allows o-,, to

"H° - vo-* be determined at 0 K and, if the temperature dependence
of the shear modulus is known, o-,, can be- evaluated as a

This signifies that HO/ is the work done per mole of function of T..Subtracting this internal stress from the cor-
thermally activated events by the effective stress, responding flow stress gives the desired values of o'* at

When the preceding relations are substituted into the any temperature.
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Fig. 3--Plots showing the temperature dependence ofrS (a), a, (b), In o-* (c) and n (d). The analytical expressions for a-, In ar*, S, and n, based on the
Yokobori activation enthalpy, and the experimental data for conumercal purity niobiumn due to Fries et aL(,S Note the excellent fit between the analytical
curves and the empirical data.

Traditionally, a-,, has been evaluated by the back extrap- temperature dependence of the S and n strain rate sensitiv-
elation (BE) technique, which assumes that the plateau re- ities, the flow stress or, and the logarithm of the effective_
gion, in a constant 1 plot of a- vs T', is a region of athermal stress, In o-*. Similar analyses(IO.1' have been made for a
deformation where a-* is zero and o" = q',. However, these (hop) CP titaniumI121 and a two-phase (hep + bcc) Ti-6AI-
plateau regions are normally found to be intervals where 4V alloy.1'31
dynamic strain aging occurs and the apparent independence
of o- on temperature and strain rate is due to changes in the
flow stress caused by DSA. VI. THE DSA STRESS

A proper evaluation of o',, is required in order to obtain
a valid o-* and power-law parameters/-O and t,, since they Since DSA involves an increase in the level of the pin-
are ultimately dependent on the choice of o-,,. In general, ning of a dislocation by the interstitial solute atoms, it is
the BE technique overestimates o',, and thus underestimates reasonable to assume the DSA component of the stress may

o'*. be directly added to that due to solid solution hardening
caused by the in situ interstitial solute atoms. The proce-
dures -for evaluating the DSA component of the stress have

V. EXAMPLES OF ANALYSES been described in Some detail elsewhere.18-.'| In brief, they
are based on Sleeswyk's(141 proposal that w *hile a dislocation

•"Figure 3 -shows($] the results of an analysis, based on the waits at a barrier for thermal activation, it is subject to
\Yokobori activation enthalpyj of the tensile stress strain strain aging by mobile solute atoms. This waiting time is

data of a- (b) commerceial purity (CP) niobium published inversely proportional to the applied strain rate. With the
by Fries-et al.1 Note the excellent-fitbetween the empirical aid of Sleeswyk's concept and the theories of static strain
data and the analytical eqfations, bvenpreviously, for the r ing,eone is able to compeite meaningful DSA stresses pro-
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smaller strain. The size of this decrease was estimated to
be at least equal to the difference between the upper and
lower yield stresses for their 300 K specimen. As a result,
the internal stress above 300 K in Figure 4 is plotted at 43
MPa instead of at 86 MPa as below 300 K. Note the good
fit of the analytical curve to the empirical data to approxi-
mately 1000 K.

An enlarged view of the plateau region of a Ti-6AI-4V
alloy(") is shown in Figure 5. This alloy was originally
analyzed( 3" by the BE technique which yielded a or,, that
varies with temperature, as shown by the upper line (small
dashes). Note that it makes a good fit with the data points

Wrre, st,,W. ,, and was thus a reasonable approach for defining the internal
,_ _ __ stress before the significance of the DSA phenomenon was

0 MI 200 30 400 5 600 B W go W =a understood. The lower line (long dashes) represents o-,,, as
Trw-,,t. K determined by an analysis by the Yokobori enthalpy. In the

Fig. 4-CP Nb data"' from below 300 K are plotted above with data"3' plateau region, this internal stress is about 30 pct smaller
from 300 to 1000 K. The solid line is the flow stress (a = o'* + o', + than that based on the BE technique and gives the solid
o,,,), and the dashed lines represents o,,. Note that oa, is smaller above line for the total flow stress when the DSA contribution is
300 K than below it because the flow stresses were measured at a smallerstrain above this temperature (discussed in text). included. As may be seen, it makes a better fit with the

data points in the plateau region than does the BE o,, line.

0 VII. CONCERNING THE BACK

A number of "independent methods" for measuring the
internal stress have been invoked in support of the BE ap-
proach. In our opinion, these determinations are unreliable.

0 .For example, consider the use of stress relaxation in Ref-
I. "-erence 13, where a Ti-6A1-4V specimen was strained to its

0.2 pct yield stress, the testing machine stopped, and the
stress was allowed to relax for I day. In this period, the

- stress fell to 767 MPa, which was taken as an upper limit
D- for the fully relaxed o,, at 300 K. This latter was determined

0 °oby BE to be 726 MPa. The results of the 24-hour stress
cl •relaxation test are confirmed within the experimental error

l s i in Figure 6, where an analytical stress relaxation curve,
0 Flow stress including a,,,, based on an analysis using the Yokobori enthalpy, is shownW Flow stress without Ud,,

--- Flot for this same period. However, I day is hardly sufficient
-- - Yokobori or time to determine the fully relaxed stress for a function that

relaxes exponentially. In this regard, Figure 7 shows the
relaxation curve between I day and 100 years, with time

400 450 500 550 600 650 700 750 800 plotted logarithmically. Note that the relaxed stress drops
below the BE internal stress in a few days and reaches

Temperature. K about 650 MPa at the end of 100 years. Even after a million

Fig. 5-Expanded view of the flow stress plateau of a Ti-6AI-4V alloy. years, it only falls to about 600 MPa.
Note the differences between the back extrapolated and Yokobori enthalpy
versions of the internal stress.

VIII. DISCUSSION

vided the diffusion coefficients of the interstitial solutes in There are basic difficulties when one attempts to apply
the metal under study are known. This DSA stress can then a mechanistic interpretation to the analysis of these data.
be added to the sum of the solid solution hardening stress This results from the fact that the Yokobori activation en-
component and the internal stress. An example of the ap- thalpy is associated with a force-distance relationship be-
plication of this procedure is shown in Figure 4, where CP tween a dislocation segment and an obstacle that varies as
niobium data["] from above 300 K are combined with those lir, where r is the dislocation-obstacle distance. This type
from below this temperature. It should be noted that below of interaction is long range. On the other hand, the force-
300 K, lower yield stresses (2 pct strain) were recorded, distance relation between a point obstacle, such as an in-
while above this temperature, upper yield stresses (0.2 pct terstitial atom, and a dislocation segment varies as 1/r3 and,
strain) were used. This difference in strain, at which the consequently, as mentioned earlier, has a very short-range.
two sets of data were obtained, should correspond to a From this, it can be concluded that the basic long range
smaller internal stress above 300 K than below this tem- rate controlling mechanism is not overcoming solute atoms.
perature, since the internal stress should be smaller at the It may be either (1) dislocation intersections, (2) thermally
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Fig. 6--Plot of stress relaxation vs time for a Ti-6AI-4V specimen at 300 Fig. 8---A plot of the CRSS at 0 K of the Soo and Higgins zirconium
K using an equation based on the Yokobori activation 5nthalpy. Note that single crstals as a function of the square root of their oxygen

the stress drops to about the BE internal stress in I day. However, as concentrations. This shows that the stress level depends markedly on the
shown in Fig. 7, 1 day is hardly sufficient time to determine the completely interstitial concentration.
relaxed stress (o-ý) of a system that relaxes exponentially.

a wide range of oxygen concentration levels. Furthermore,
the oxygen level has a strong effect on the overall stress

•. level, as illustrated in Figure 8, where o-0" is plotted against
the square root of the oxygen concentration of the zirco-

B htrd $ta nium single crystals of Figure 2. This suggests that the pin-
- - ning by the interstitial solute atoms might produce a basic

S~friction stress so that the net effective stress could possibly
be the sum of that required by the long range basic ratewcontrolling mechanism and that needed to overcome the

-A f te short range pinning of solute atoms lying along activated
-E - -------- dislocation segments. This assumption needs to be further

U) investigated carefully and in depth.

-o
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An Analysis of the Flow Stress of a Two-Phase Alloy System,
( Ti-6AI-4V

R.E. REED-HILL, C.V. ISWARAN, and M.J. KAUFMAN

An analysis of the tensile deformation behavior of a two-phase body-centered cubic (bcc)-hexagonal
close-packed (hcp) alloy, Ti-6AI-4V, has been made. This has shown that the temperature dependence
of the flow stress, the logarithm of the effective stress, and the strain-rate sensitivities can be de-
scribed by simple analytical equations if the thermally activated strain-rate equation contains the
Yokobori activation enthalpy H = HO In (o-•/o-*), where HO is a constant, a-* the effective stress,
and oa, its 0 K value. The flow stress-temperature plateau region (500 to 600 K) also can be ration-
alized analytically in terms of oxygen dynamic strain aging in the alpha phase

I. INTRODUCTION stress, by definition") does not vary during an isothermal

A power law was used in several recent articles, based change in strain rate. In terms of the power law, Eq. [4]

on the YokoboritW) activation enthalpy may be written
S=RT. 5(0*) SR= T * [5]

H = HO In [I]H
In practice, S is determined experimentally using

where /-P is a constant related to the work done by the Au
applied stress during an activated event, 21 o-* the effective S,= n [6]
stress, and o- its 0 K value. In these articles, it was shown A In
that it is possible to model the tensile deformation behavior where S, is the-measured strain-rate sensitivity and Ao- the
of body-centered cubic (bcc) commercial-purity niobiumt 31 incremental change in flow stress for a finite change in
and hexagonal close-packed (hcp) commercial-purity tita- strain rate. Equation [4] assumes infinitesimal changes in
nium.t] It will now be demonstrated that this power-law In t and oa, whereas experimentally, finite increments are
model is also capable of rationalizing the two-phase (hcp- used. It is possible to correct for this differencet 61 with the
bcc) Ti-6A1-4V stress-strain data of De Meester et aLIs) Ba- following equation:
sically, the model assumes the effective stress o-* is a
function of the strain rate S= [7

Ink [7]
o-* = o [2] where k is the strain-rate change factor (k = 5 for the de

Meester et al.t5 data). Equation [7] reduces to Eq. [3] in
where k is the strain rate, 4 a material constant equal to the limit as k -- 1. Finally, the exponent in Eq. [2] is also
the strain rate that makes a* equal to ao' at any temperature, considered a strain-rate sensitivity factor, normally written
R the universal gas constant, and T the Kelvin temperature. as n, so that
At a constant P, Eq. [1] may be expressed as RT

In o0* = In oa* + fT [3] n HO

whose slope is 18 = (R/1-P) In (&-). Note that 3 has di- Experimentally, n is determined by
mensions T-' and is a function of both 4 and -P. This latter
is important because, to properly identify the slope for a n = I * 9
given material, one needs to determine both t and HP. d In (k)

An important parameter in empirical stress-strain analy- With the aid of the procedures in References 3, 4, and 6,
sis is the strain-rate sensitivity the internal stress o, for the de Meester et al. data was

Sdo,* do" determined to be
dln[, o.,, - 0.309T, MPa [10]

where it is assumed that do, = do* since o-,, the internal where o, 595 MPa. In Eq. [10], oa, has the temperature

dependence of the Ti-6A1-4V shear modulus as given by
de Meester et aLt5I In addition to o-, it was determined thatR.E. REED-HILL, Professor Emeritus, C.V. ISWARAN, OPS the material parameters in Eqs. [2] and [3] could be rep-

Professional, and MJ. KAUFMAN, Professor, are-with the Department - E
of Materials Science and Engineering, University of Florida, Gainesville, resented by their values in Table I, where o-, is the value
FL 32611. of the flow stress at 0 K.

Manuscript submitted February 27, 1996. The parameters in Table I, which define the stress-strain
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Table I. Parameters in Eq. [11] normalizes the DSA stress to 450 K and gives
a-, = 1890 MPa it the same temperature dependence as the effective stress

.= 1890 MPa (see Reference 3). The values of the parameters used in Eq.
o-* = 595 MPa [11] were = 150 MPa, oa.,_ = 380 MPa, and t4.

* = 1295 MPa 0.33 s, while the relaxation times were computed with
H* = 66000 J/mole

4 = 4.56 X 1010 s-1  .r-S = 5.ex 1.60 x 10e
/3=0.0041 K-' -RT [12]

behavior in the low-temperature regime (<500 K), were ,, = 1.65 X 10-12 exp 1.60 R 10

used to generate the model curves for the flow stress o, the RT

internal stress oa-, the effective stress o-*, as well as the where the pre-exponential term in T, is the same as in the
strain-rate sensitivities S and n (where S = d(o)/d In (t) CP Ti analysist41 and 'r.,. is taken as 3300 X T, In the bcc
and n = d In (o'*)/d In (t)), all as functions of temperature niobium analysis,P this factor was 5000. The waiting time
in Figures l(a) through (d), respectively. Above 500 K, ad tw is the same as that for the CP TiT(4 analysis since thedynamic strain aging (DSA) component needs to be added strain rate for Ti-6A1-4V was the same as that for the CPto this baseline value, as is discussed subsequently. Ti. Equation [12] assumes an activation energy for the dif-

fusion of oxygen in Ti-6A1-4V of 1.51 X l05 J/mole. This
activation energy is somewhat smaller than Miller's torsionII. DYNAMIC STRAIN AGING pendulum values912 of 1.82 X 101 J/mole for oxygen dif-

The DSA is presumed to be due to the interaction of the fusion in a Ti-10 at. pct Al alloy and 1.71 X 101 J/mole in
interstitial atoms with the mobile dislocations. In this re- a Ti-10 at. pct Zr alloy, both of which are alpha phase
gard, the composition of the Ti-6AI-4V in wt pct was C = alloys.
0.022, 0 = 0.14, N = 0.010, H = 0.006, Al = 6.3, V = The total flow stress in the oxygen DSA interval was
4.2 or, in at. pct of interstitials, C = 0.08, 0 = 0.40, N = accordingly
0.03, and H = 0.028. Given the temperature range of the - = a-* +o-+O's [13]
DSA phenomena and that the oxygen concentration was

much higher than that of the other interstitials, it is reason- Note that the agreement between the analytical curve and
able to assume oxygen to be the primary source of DSA. the flow stress data of de Meester et al15o is very good. The
In the two-phase structure of the Ti-6AI-4V alloy, DSA plot in Figure 1(b) shows the variation of In o-* with T.

( might occur in either the alpha or the beta phases or in Here again, the fit between the analytical curve and the data
both. Since the volume fractions of these phases were 77 is good.
and 23 pct, respectively,"-] one might expect that the DSA
occurred primarily in the more abundant hcp alpha phase,
making it analogous to that in the previously analyzed(4] III. THE STRAIN-RATE SENSITIVITIES
hcp CP Ti of Okazaki and Conrad.rn In that analysis, it was With respect to the strain-rate sensitivities that are func-
shown that a phenomenon similar to the Snoek effect was tions of the stress increments produced by strain-rate
involved in the DSA that is due to jumps of interstitial changes, it was noted by the authorst51 that "significant
atoms around the substitutional atoms of interstitial-substi- 'positive' yield points for strain-rate increases and 'nega-
tutional atom pairs. Only a single DSA component was tive' yield points for strain-rate decreases were observed
found in the CP.Ti data below 800 K, the upper temperature between 210 and 700 K." Because of these yield points,
of the data. However, for the Ti-6A1-4V data, a visual in- two values of Ao- were recorded: (1) the -"peak, or -max-
spection of Figure 1(a) suggests that there may be two DSA imum value of the stress increase observed on a rate in-
peaks below this temperature. The additional DSA com- crease and (2) the "extrapolated" value obtained by
ponent is probably due to Cottrell strain aging, which is extrapolating the subsequent flow stress curve back through
supported by an earlier alpha CP titanium static strain-aging the yield point. These two sets of A" data are shown in
investigation.(' The DSA stress in Figures 1(a) and (b) was Figure 2, which is copied from the authors' article.['] Peak
modeled along these lines of reasoning and assumed to be values are represented as open circles and extrapolated val-
given by ues as crosses. In Figures 1(c) and (d) analytical curves

S( r-j, based on Eqs. [7] and [9] are plotted that show the strain-
0rM = r10,,s [I - exp - t, rate sensitivities S and n as functions of temperature and

[11] compares them with the empirical S and n data points based
F - ex ( tm " on the peak Au- values in Figure 2. Except for the 78 K+ o, [I - exp (- 2 ] exp (8(T - 450)) data point, the agreement of both analytical curves with the

data is excellent up to 500 K. Above 500 K, pronounced
where o'd. is the DSA stress, . the maximum stress due DSA occurs, which-explains abb~erations in both the S and
to the &_r pair type of strain aging, o-..,. the maximum n plots. With regard to the S-data point at 78 K, which falls
stress for the Cottrell form of strain aging, t. the waiting well above the analytical S curve, it should be noted that
time of a dislocation at an obstacle for thermal activation, the accuracy of measuring a small increase in a large flow
T'. the relaxation time for i-s pair reordering, 7,, the Cottrell stress resulting from a strain-rate change of only a factor
relaxation time, and/3 is defined in Eq. [3]. The last term of 5 is not large at 78 K. Furthermore, the authors' plotted
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Fig. 1-Analytical curves based on the Yokobori power law plotted with the de Meester et at. empirical data1M obtained from Ti-6Al-4V specimens of 5-
IL grain size: (a) a vs T, (b) In a-* vs T, (c) S vs T, and (d) n vs T.

&2 1 1 1 1 1 1 -- 78 K stress-strain curve suggests that the size of the 78 K
TI,6Ah-4V (QL5l At.% Ooq.) Ao- may have been overestimated by about 20 pct., Ac-

Za- JimG.S counting for this would lower the 78 K point to the position
3X 10'-4 L5 3(10 3 5' marked by a * in Figure Il(c)..This change would also have

2-4 an effect on the position of the 78 K n data point, as shown
in Figure 1(d).

z IV. THE ACTIVATION ENTHALPY

The temperature dependence of the activation energy was
L determined by the authors with the aid of the Conrad-

Wiedersich equation
0 Peak Values6

417k Lalulratpaolaed Values I [141
\dT J

where T is the absolute temperature, v the activation volume
CLO(v = RT (a In N/ a-),), and (dcr"'/d7)j the slope of the

0 100r 200 300 400 500 600 700 800 constant strain rate or* vs T curve. Equation [14] was eval-
Temperatlure (OKI - uated by the 'authors in terms of a back extrapolated (BE)

Fig. 2-De Meester et aWsm~ Fig. 5, showing the two types of Aa-stress internal stress designated. here as a-,,,. As may be, seen in
increments obtained using a factor of 5 increase in the strain rate. Figure 3(a), r%. was -equated to the flow stress o, at 538 K,
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__ - _----------_ 1_1 [15] to the experimental data is shown in Figure 3, where
it may also be compared to the internal stress o-u based onC)i! the Yokobori formalism in Eq. [10]. Note that o-a, is just(over 40 pt larger than o-,. The effective stress between 0

o and 500 K was next evaluated with the aid of the following
equation:

0
-o :o' o- cru•[6

0 1
be 0 be-ý [16]

at the five temperatures between 0 and 538 K, where flow
b" stress measurements had been made. The results were then0-
cl 5? plotted in a o-•*, vs T curve whose slope was used in the

Conrad-Wiedersich equation. Next, the extrapolated Ac-3 0ak measurements of Figure 2 were used to determine the ac-S' " ... - - tivation volume at these five temperatures. The extrapolated
t O -o -o AO" values were used because they- were zero ,;Ptween 540

. .br l - -P Law and 700 K, a fact interpreted by de' Meester eti'I. as con-
o - firming the alloy was strain-rate insensitivet in the flowo stress plateau region. This is now recognized as inconsistent

with the existence of DSA in this region. Values of Q*
00 00 calculated on the preceding assumptions are plotted against

0 100 200 300 400 500 600 700 00 the temperature in Figure 4. Here the Q* data are open
Temperature, K circles, while the filled circles represent a function AGo =Q* + lavc-'*, where or = (T/p.)dpldT. The lavo-* term was

Fig. 3-Plot of or vs T, illustrating the difference between the back stated by the authors to be a correction "for the changesextrapolated internal stress and the Yokobori power-law formalism in dislocation segment length I which occur during the tem-
perature and stress changes made to obtain the deformation
partials ao-*/1aT[ and a In NIaol, of the Conrad-Wiedersich
equation."151 It was also noted by de Meester et al. that this
correction was small, as may be seen in Figure 4. The slope
of the line drawn through these data was then used in con-
junction with the thermally activated strain-rate equation

co0=• = 4 exp (- H) [17]

C_ -5 - to determine 4, which yielded t = 4.5 X 101 s-. This
C

Sdiffers significantly from the t, = 4.56 X 1010 s-1 value in

0 •Table I. It should be noted that by Eq. [3], if one couplesC56 = 4.5 X 108 s-1 with HO = 56, 650 J/mole, it is possible
to obtain the slope .8 = 0.0041 for the In a, vs T diagram

< 0€ . so that it is possible to fit analytical o- vs T and In o-'• vs T
o0curves to the empirical data, as may be seen in Figures 5(a)

' AGO and (b). On the other hand, note that in Figures 5(c) and
CU (d), where analytical S and n curves based on extrapolated
; values of Ao- of Figure 2 are shown, the fit is very poor.

A comparison between the de Meester et al(51 activation
200 energy and that predicted by the Yokobori activation anal-C60 100 200 300 400 500 600 ysis is shown in Figure 6. In this figure, the upper solid

Temperature, K straight line is a plot of Eq. [1], H = IT4 In (o-'/o-*) vs T.
The lower dashed line is the de Meester et al. GO - Q*

Fig. 4-Replica of the de Meester et alt.o plot of Q* and AG4, where Q* line of Figure 4.
is the Conrad-Wiedersich activation enthalpy and AGO = Q' + 1/2 au-.

at the start of the o- vs T flow stress plateau, and then o-u, V. DISLOCATION KINETICS
at any other temperature was given the temperature de-
pendence of the shear modulus p. The following relation The In a-' vs T plot in Figure 1(b) shows that the In o-*gives the temperature dependence of ar,,: data plots linearly tO just above 500 K. This strongly sug-

. .gests that (1) the low-temperature rate-controlling mecha-
= 858 - 0.460T [15] nism corresponds to one with a Yokobori activationQ enthalpy, and (2) the internal stress o-, of Eq. [10] is correct.

A basic feature of this BE technique is that o-* is assumed- The Yokobori activation enthalpy (Eq. [1]) is associated(2 )to be zero at and above 538 K. The relation of o*a,, in Eq. with a mechanism in which the force between a dislocation
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Fig. 5--(a) through (d) The curves in Fig. 1 replotted assuming that the internal stress, o-a.,~ is obtained by the back extrapolation technique.

segment and a barrier to its motion varies inversely as the dislocations will have to overcome the pinning action of
•distance r between them (i.e., as I/r). As a result, one may the solute atoms before it can cut through a tree and move
conclude that the basic rate-controlling mechanism cannot ahead. The total stress required to move a dislocation seg-
be overcoming interstitial atom barriers since the force be- ment should then equal that to cut the tree plus that required

•tween a point defect and a dislocation segment is predicted to unpin it from the solute atoms. Alternatively, a disloca-
to vary as 1/rt'1'0  and not as hrl. Theory does show that tion segment that either undergoes a cross-slip event or
there are at least three types of barriers consistent with a overcomes a Peierl's force barrier should also have to tear
1/r force-distance relationship. These are (1) dislocation in- itself away from the pinning solute atoms along its length.
tersections,C"] (2) thermally activated cross-slip,(,'Z, 3] and (3) The preceding proposal for the dual nature of the acti-
overcoming the Peierl's barrier.[' 4] As a result, it is pro- vation enthalpy relation of Eq. [16] implies that the tem-
posed that solute atoms work in conjunction with a barrier perature dependence of the effective stress is primarily
of the Ilr type. An important factor in this regard is that determined by the basic rate-controlling mechanism (dis-
S the I/r3 force-distance relation between an interstitial atom location intersections, etc.), whereas at a given temperature,
and a dislocation segment should be short range and should o-'* is determined by the solute concentration. This is sup-
only involve solute atoms lying very close to the disloca- ported by Figure 12 of the de Meester et al. article,1 5' which
tion. As pointed out by Hirth and Lothe,[, 01 "'at tempera- shows that at both 4.2 and 300 K, the effective stress varies
tures so low that diffusion is neglible, a dislocation approximately as the .Square root of the interstitial solute
becomes wiggly, adjusting its configuration to conform to concentration in a number of titanium alloys with solute

/ the internal stresses of the immobile solute atoms." This concentrations of the order of 1 wt pct or less. Furthermore,
S can be interpreted as meaning a dislocation at rest should this square-root dependence of ao-* on solute concentration

S be effectively pinned by the-solute atoms with which it is has also beeni predicted theoretically for dilute-solute con-
in contact:" Thus, a mobile dislocation hailted before f~orest - centrationsJt'0 ]_
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4. The flow stress data in the DSA interval above 500 K
U1 E, in Ti-6AI-4V can be modeled on the assumption that

they correspond to DSA that occurs in the alpha phase.
(-5. The Yokobori activation enthalpy requires a I/r long-

/ trange force-distance relationship between a dislocation
/ segment and an obstacle to its motion while a point de-

>/ feet, such as an interstitial atom, has a l/tr short-range
/) force-distance relationship. It is, therefore, proposed that

0) the mechanism controlling the strain rate is one with a
/ h~r relationship such as dislocation intersections. The

/ O short-range nature of the interaction between a disloca-
. /5tion and an interstitial atom suggests that a dislocation

/ segment, whose motion is thermally activated, is pinned
P by interstitials. Thus, the net effective force required to
< move the dislocation segments should equal the sum of

N/ . . . that needed to cut through a forest dislocation plus that
o / "-' "required to free the segments from the pinning action of

the interstitial atoms. As pointed out previously,t21 it ap-
Co pears that the temperature dependence of the effective

stress is a function of the rate-controlling mechanism
o ..,(dislocation intersections, etc.), whereas at a given tem-
°0 100 200 300 400 500 600 perature, o-* is determined by the solute concentration.

Temperature, K However, this matter needs to be further investigated
both carefully and in depth.

Fig. 6-Comparison of the temperature dependence of the activation
energy determined by the Yokobori activation enthalpy (solid line) and
the de Meester et al.t51 Q* (dashed line). ACKNOWLEDGMENT
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CHALLENGES IN THE DEVELOPMENT AND APPLICATION OF fl-NiAI AS A

STRUCTURAL MATERIAL

V.I. Levit, J. Hu, I.A. Bul, J.S. Winton and M.J. Kaufman

Dept. of Materials Science and Engineering
University of Florida

Gainesville, Florida 32611

Abstract

High purity single crytals of stoichiometric NiAI have been deformed in tension over a range of
temperatures and strain rates. Elongations approaching 35% are possible at room temperature
when the sample geometry is controlled properly whereas elongations as high as 200% have
been achieved at intermediate temperatures (e.g., 600K). Subsequent analysis of the
dislocation substructure, the macroscopic shape change and the nature of the fracture indicate
that defermation in the soft-oriented crystals is dominated by slip of <001> dislocations and
that the material remains brittle even when the elongations are as high as 200%. Finally, the
implications of these results on the applicability of NiAI as a structural material are discussed in
some detail.
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MECHANISMS OF HIGH TENSILE ELONGATION IN NLAI SINGLE CRYSTALS AT
INTERMEDIATE TEMPERATURES

V. L Levit, J.S. Winton, Yu. N. Gornostyrev* and M. J. Kaufman

Department of Materials Science and Engineering, University of Florida
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ABSTRACT

NiAI single crystals oriented parallel to [557], [110] and [I 11] were tested in tension over a range of
temperatures and strain rates. Under certain conditions, high tensile elongations (100 - 350%) were
observed and the load-elongation curves displayed a load maximum followed by a minimum and then
a linear increase in load until fracture. Detailed analysis of the deformation behavior revealed that the
load drop was associated with non-uniform deformation and, when both specimen cross section and
rotation were taken into account, it was noted that there were no peaks in the shear stress-shear(.• strain diagrams. For these conditions the resolved shear stress depends on both temperature and
strain rate according to a power law with an exponent, n, of 8.4 ± 2 and an apparent activation
energy, AH, of 147 ± 20 kJ/mol.

INTRODUCTION

Dynamic recrystallization (DR) is common in single crystals of copper [1], silver (2], nickel [3], and
certain nickel-based superalloys (e.g., 4] and its initiation during tensile tests is characterized by a peak
"in load-elongation (and shear stress-shear strain) curves followed by softening. DR also occurs in
"polycrystals and this peak is reached at 2-3 times lower strains due to the faster rate of strain
accumulation [4-5]. Somewhat similar load-elongation curves have been reported in NiAl single
crystals at temperaturelstrain rate combinations that result in elongations of 100-350% [6]. The peak in
these curves typically occurs after 10-30% elongation; post-mortem examination of the deformed
microstructures revealed no evidence of DR. The purpose of this article is to provide further insight
into this peak in the load-elongation curves by describing the microstctural development that occurs
as the deformation progresses.
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EXPERIMENTAL PROCEDURE

A NiAl single crystal (28 mm diameter by 75 mm length) was grown in a high purity alumina crucible

by the Bridgman technique in an atmosphere of purified argon. Heat treatment and sample preparation
procedures were described elsewhere [7]. The crystal was then oriented using back reflection Lane
methods and tensile specimens were cut parallel to (557] and [ I ll] (for single slip) and [011] (for
symmetrical double slip). The tensile specimens were cut with rectangular cross sections with their
thicknesses (xx nun) being thicker than their widths (xx mm) in contrast to typical flat tensile
specimens cut from sheet material (Fig. la). For the (557] and (0111 specimens, the plane containing
the Burgers v.&tor, slip plane normal, and tensile axis (TA) was placed either parallel oreprpendicular I , I
to the thickness (wide side) of the sample cross section while the orientation of this plane was random
in the [Ill] specimens. In the case of the (557] specimens, this plane is (110) whereas for the [0r1]
specimens, it is (100) (Fig. lb); this is the plane for which plane strain conditions hold. For the case
where this plane is oriented parallel to the thickness (wide side), the condition will be referred to as
PW (parallel to the wide side), when parallel to the narrow side, this plane will be called PN (parallel
to the narrow side). For the (557] orientation, the axis of rotation of the slip plane during deformation
is the normal to this plane, i.e., i1-:10]. In the double slip orientation, ;e specimen is "stable" with
respect to rotation since the slip.systems are offsetting in nature; however, any localized rotations will
occur about the orthogonal to this particular plane, namely [100].

The tensile tests were performed in air using an Instron 1125 machine at temperatures from 473 to
1273 K and strain rates from 10" to 10"' s"'. In order to construct accurate stress-strain curves, the
tensile tests were interrupted at intermediate strains and the samples were removed, measured, and
photographed. The samples were then returned to the fixture and the tests were continued. In
addition, one [557] and one [0111 sample were marked with Vickers indents (2.5 N load) along their
gage length at 0.5 nun intervals prior to testing at 673K and E=10"1 s". The samples were annealed
for 0.5 h at 750 K in order to remove and residual stresses resulting from the indentations.

TA

n _JNan0W

Pplans

= -n

Moation aid*Oi

100

(a) (b) (c

Figure 1. Schematics of tensile specimens used in this study: (a) PW orientation and (b) PN
orientation. (c) Stereogram with tensile orientations and slip systems indicated.
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The tests for these samples were interrupted six to eight, times in order to measure the change in
spacing between these markings and the current cross-section. Shear stresses at each interruption were
calculated after noting the current minimum cross-section, load, and orientation [8]. Immediately after
testing, the samples were removed from the furnace and cooled to room temperature on a cold metallic
surface.

RESULTS AND DISCUSSION

Fig. 2 displays the elongation vs. temperature behavior for the double slip (TA=[0 1]) and single slip
(TA=[557]) orientations. From these curves, it is apparent that, for a given strain rate, the...
elongation increases to high levels and then decreases again. In addition, it is also clear that the PW ý;.
geometry exhibits higher elongations than the PN geometry. Fig. 3. displays the behavior of the
<1I1> specimens with random geometries tested at a variety of temperatures and strain rates along
with the data from the Takasugi, et al. study [6]. As is evident, the elongations are lower when the
geometry is not controlled (compare with Fig. 3) and the temperature of the peak in elongation
increases with increasing strain rate implying that thermal activation is important in the deformation
behavior observed.

200 400

tie 0.15

to5
too

140 :300

12o 0.10 E ISO

0* too

,o6_0 2 0.0o 015
(to 100

20 50eso 2n 0-0 ISOI~

373 573 773 373 11730
573 173 773 373 1173

Temperature, K Temperature, K

(a) (b)
Figure 2. Elongation vs. temperature curves (strain rate I 03s"') for the (011] (a) and (557] (b)
crystals showing the importance of both specimen orientation and geometry (I-P.W and 2-PN). The
strain rate sensitivity is also shown for the [011] samples.

For the samples tested at temperatures at and below those corresponding to the peak elongation, the
fracture surfaces were brittle in appearance with little evidence of strain localization near the fracture
surface. At the higher temperatures corresponding to the drop in elongation, the samples necked
locally near the fracture, ultimately to a chisel point at the highest temperatures. For the [011]
specimens, the strain rate sensitivity (SRS) m=dln adin e was measured by changing the strain rate
from 10. to 10"4s-' during the tests and the results indicated that, regardless of the geometry, the SRS
increased with increasing temperature from 0.03 at 473 K to 0.12 at 1073 K (Curve 3, Fig. 2a). Since
the value of m in the range oftemperatures where the maxima in elongation are observed is about an
order of magnitude lower than that typical of superplastic materials, then the mechanism responsible
for the high elongations in these crystals has a different origin as will be discussed further below.
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Figure 3. Elongation vs temperature for the [1111 specimens with more randomo geometries 0(e.,
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fom Takasugi et al. [6].
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Typical load-elongation curves corresponding to the maximum elongations for both orientations are V• shown in Fig. 4. As can be seen, the load increases to a maximum and then decreases gradually to a

minimum before increasing again. Significantly, this drop in load occurs over much larger strains than
"typical Luder's bands (LB's) indicating a different mechanism. When the tests were interrupted, it
became clear that the drop in load in the present tests corresponds to strain localization on a much
coarser scale than that typical of LB behavior. By observing the displacement of the marks during
the interrupted tests, it was possible to quantify the nature of the strain localization. Furthermore,
as will be reported elsewhere, the rotation that accompanied the deformation of the [557] specimens
was measured independently using electron back scattering methods [10] and these data were used to
estimate the Schhfid factor in the regions of minimum cross sectional area. Taking into account both
of these factors, it was possible to estimate the shear stress - shear strain curves (Fig. 4b) where it
can be seen that there is no peak that corresponds to the load peak.' lfaadition, there is little or no
apparent work hardening for the single slip orientation and moderate hardening for the double slip
orientation consistent with the greater dislocation interactions expected in the latter.

The interrupted tests on the samples marked with indents were used to determine whether one or
more bands propagated along the gage length as well as the curvature of the band front. For the
double slip orientation (Fig. 5a), multiple necks formed whereas the single slip orientation had only
one neck which initiated near one fillet and propagated as a band along the gage length. Significantly,
the amount of elongation corresponding to this band propagation stage was greater than 100% in
contrast to typical Luder's band behavior where the propagation stage occurs over elongations of I -
2%. Figs. 4c and 4d display the structure of typical samples where the nature of the diffuse bands
during this stage of non-uniform deformation is apparent.

200 -- tal -- Initial II i
-- s•oep 1 200 A- -slp2 -X--.,P3

'"k-stop 2 0-'+--top 4 -0---sop, 5ao175v5oo

. sto 3 1-
E 125 * - - -

0 5 10 15 20 0 0 10 15 20 25

Marker Number Marker Number

(a) •.(b)

Figure 5. Marker displacement at different steps used to follow the strain distribution in [011I] (a) and
[557] (b) specimens at 673 K and 10"• s'l. The difference in the number of markers is not due to gage
length or spacing differences but, rather, relates to the inititial misplacement of the first few marks in
the [011] specimens.

The resolved shear stresses Tp corresponding to the peak load for the [557] crystals were determined
as a function of ternperature and strain rate according to the relationship Z= 'r,,', where Z= *va the
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Hollomon-Zener parameter, AH=147±20 ki/mol the apparent activation energy, and exponent
n-8.7±2 (as determined using standard thermal activation analysis [8])

The data from Takasugi's [Ill] crystals are included on this plot for comparison purposes and it is
apparent that the value of n for both sets of data is approximately 8.7 which is close to the value
published by Takasugi. Since n =1/m, this analysis is consistent with the SRS measurements
described above. Also included in Fig. 6 are vertical dashed lines bracketing the temperatures and
strain rates corresponding to the high tensile elongations where the band propagation was observed.
For the data corresponding to In Z >25 (low temperature and/or high strain rate), the samples
exhibited'lower elongations and uniform deformation. For the regime where the Hollomon-Zener
relationship holds, the value of AH is approximately half that measured by Forbes and Nix [10] in
their creep st0idfes of NiAI single crystals; this implies that thi mechanism of deformation in this
regime is not controlled by diffusion only, however involves both conservative (slip) and non-
conservative (climb) mechanisms. This is in good agreement with subgrain structure formation
reported by Takasugi (6] after TEM study. No dynamic recrystallization was observed after
structure examination of our single crystals.
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(a) (b)
Figure 6. Hollomon-Zener plot of peak stresses (including Takasugi, et al. [6] data indicated by .)
(a) and tensile elongations (b).

GEOMETRIC EFFECT ON FLOW INSTABILITY

There are two physical explanations for the flow instability that leads to shape instabilities (necking,
band propagation, etc.) during plastic deformation (8]. Cottrell [11] and Brindley et al. [12]
suggested that these instabilities are connected with dislocation pinning/unpinning by impurities
while Gilman and Johnston argued that they are related to peculiarities in the dislocation ensemble
kinetics [13]. Based on the later model, Haehner presented a model of LB's involving solitary plastic
wave propagation (14], where the LB's propagate at low dislocation density and small strains
(<2%). In the present case, the geometrical bands propagate at strains one to two orders of
magnitude higher. The load peaks involve h-type instabilities [15], where the work hardening rate, 6,
is insufficient for stable flow (6 > 6). For this case, "geometrical softening" due to changes in the
specimen cross section are important as is "orientation softening" which results in changes in the
Schmid factor for those "unstable" orientations that involve single slip (e.g. [557]). Let us consider
the "stable" double slip [011] orientation. The stress tensor components ob, in two-dimensional
space can be presented as (16]:
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where a, is the uniaxially applied tensile stress, e-r. the true strain, E"=d2&(x)/d, ho the sample
half-thickness in they direction and x the tensile direction.

The term I +E represents the strain and is responsible for the "geometrical softening" which leads to
strain localization. The second term (ho2...) in parentheses represents the biaxial stresses which
depend on cross sect'Un curvature e" and lead to a decrease in the strain localization.

By averaging of.the stresses ab. across the cross section of the pla,*e from -ho to +ho gives:

2 -a 0(2)

which is quite different from Haehner's results (14] for small strains. After routine stability
analysis, we have: ea 0> (3)'01- o.5(ho/.)

where X is the instability scale, which depends on the mesoscopical dislocation inhomogeneity and is
independent of h0. Significantly, the value of ho is larger for the PW geometry than the PN geometry.
Hence, higher stresses are required to develop the instability for the PW case consistent with the
higher elongations characteristic of the PW samples. Furthermore, hoA«<< I represents common
instability conditions corresponding to aý.> 0.

The stress distribution in the (557] samples oriented for single slip is given by:

abn = 1 70 +Ei2- ye(4)

and is quite different from Eqn. (2) for the [0 11] orientation. Whe single slip is dominant, the
bending stresses become very important. In particular, these stresses lead to asymmetries in the
stress distribution which cause one band to dominate and spread from one end of the sample to the
other. This is in good agreement with our experimental observations and the schematic given in
Reference 14. An additional effect concerning the stability of the [557] crystals is due to
"orientation hardening" since the Schmid factor decreases with strain due to the rotation mentioned
above; this provides for stable geometrical band spreading along the sample under constant shear
stresses.

CONCLUSIONS

1. High purity NiA! single crystals exhibit an abnormal dependence of tensile elongation on
temperature over the range 500-1300K for stain rates of 10"'10" s*'. For the crystals oriented
for single slip (e.g. (557]), elongations of 1002350% between 500 andl300 K are common and are
sensitive to strain rate where higher strain rates are required at the higher temperatures.
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2. The [011] crystals, on the other hand, display a much narrower temperature interval where high
tensile elongations (550-650 K) are observed. The highest tensile elongations were obtained at
the conditions where the Burgers vector, normal to the slip plane and tensile direction were
coplanar and parallel with the widest side of the sample.

3. Peaks were observed on load-elongation curves as previously reported in other research. No
peaks on shear stress-shear strain diagrams were observed after normalizing to cross-sectional
area and current orientation. Accordingly no dynamic recrystallization was observed after
structure examination.

4. Unusual geometrical band propagation was the dominating strain mechanism in samples with the
highest elongations. Bands propagate over large strains (e.g. 100%) at stresses considerably
higher than the CRSS.

5. When bands are observed, the resolved shear stress depends on both temperature and strain rate
according to the power law with an exponent, n, of 8.4 ± 2 and apparent activation energy AN, of
147 ± 20 kJ/mol.
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ABSTRACT

A model describing the appearance and development of periodic grain boundary shape irregularities
during hot straining of single phase materials is presented. The dislocations entering into the grain
boundary and interacting inside bring the grain boundary into an unstable, high energy condition,
which could be characterized by induced anisotropy of surface energy. Predicted periodic serrations
or waves at grain boundaries could not be produced in the framework of existing models.

( INTRODUCTION

Grain boundary shape irregularities are important during the high temperature deformation of single
phase solid solutions. Both the period and the amplitude of the irregularities are known to increase
with increasing temperature and/or decreasing strain rate [1]. During this process, the irregularities
may develop into a smooth sinusoidal shape; these "bumps" become the nuclei for the necklace of
fine grains that form along the grain boundaries (GB) during dynamic recrystallization (Fig.l) [1-3].

The model by Bailey and Hirsch (4] for the formation of recrystallization nuclei by strain induced
grain boundary migration was modified for dynamic recrystallization conditions by Derby and
Ashby [5]. Both models adequately describe the formation of single bulges at the GB where the
bulge has an orientation similar to the parent grain it grows from. However, neither model considers
any periodic irregularities or necklace formation during dynamic recrystallization. In this paper, we
present a model of grain boundary instability development based on the analysis of extrinsic grain
boundary dislocations (EGBDs) produced during hot straining.

EVOLUTION OF EGBD ENSEMBLE

During plastic deformation of polycrystals, dislocations are known to glide through the grains and
enter into grain boundaries. Because the dislocations sliding in two misoriented grains are usually
non-coplanar, the grain boundaries tend to accumulate EGBD's as geometrically necessary
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dislocations (Fig.2). We will not consider the real structure of the grain boundaries or the GB
dislocations which depend on lattice type and misorienitation. Instead, we will assume that the grain
bounpdaries contain EGBI~s which can be characterized by a density vector, 4 (where the direction of
4 is related to the sum effect of the dislocations that exist locally). Specifically, 4 is a vector that
describes how the sum of the dislocations' Burgers vectors, MB, at any given point along the GB mine
(in 2-D) changes when one moves to an adjacent point along the GB line by an amount 81.
Furthermore, is a fuinction of both coordinate I and I (during plastic deformation) and is given by

6B

a b

Figure 1. Grain boundary shape after hot straining. (a) Carbide precipitation along a serrated GB in
Ni-Cr austenitic steel,'T= 1400 K, Strain rate= 10 s-1. (b) Ni-1O%Al, T=1073K, Strain rate=10,3S-.
(c) "Necklace" of DRX grains in nimonic 80A alloy. T-1473KC, Strain rate=1O0'
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it should be noted that both the EGBD density and velocity vary in time. Also, , is composed of
component parts which correspond to different elementary processes. First of all, we consider
dislocations gliding in adjacent grains entering the GB region (Fig. 2). The Burgers vector of the glide
"dislocations in grain 1 is described as bgl and in grain 2 as bg2. These glide dislocations lead to
component density vectors, 4gl and kg2, whose rate of change is given by

bobNtb,,1" (2).

where i-1,2 for grainsl and 2, i is the strain rate which is assumed to be the same in grains 1 and 2
and N is the normal to the GB line. Physically, this says that 4gi depends on strain rate, the
Burgers vectors of the dislocations and on the position of the grain boundary plane relative to the
glide planes of the dislocations.

The second component of 4 is kr and is due to the reaction between dislocations bgl and bg2
entering into the GB from grains I and 2 to produce dislocations with Burgers vector br -%bgl + bg2.
The rate of change of the density vector due to these dislocations depends on both the time required
for the dislocations to climb to meet one another and on dislocation density and is given by

t + ts2) (3)

where Md is the dislocation mobility andG is the shear modulus.

GRGRAIN 2

a. acomodatioYj

I " ~ba •'•

S:lle/, %a%•ccomodatione

glide 4ý reaction ba

• •_ br glide

- - _--- --

Figure 2. Accumulation and redistribution of EGBD at grain boundry.
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During plastic deformation, the interaction and accumulation of dislocations in the grain boundaries 4

leads to stress concentrations and "accomodation" strain to relieve these stresses. The resulting
dislocations, with Burgers vector ba and density vector, EA, can reenter the GB and interact with the
other dislocations just described. If we assume that the dislocations due to accommodation shear are
limited by some maximum in EGBD density, 4max, the rate of change of the accommodation
dislocation density is given by:

t:= =-el, +tb +08ý 1 !

were ýt bI ýb+r'•a and 0 is the Heaviside function.

The stress required for accommodation shear is approximately the flow stress, af, and, therefore,
the maximum EGBD density ýmax =/G. For simplicity, assume ba=-br so that dislocations
with Burgers vectors ba and br could mutually annihilate with rates of change similar to that
described in Eqn. (3) and given by

t' = -M.G.(.,) and t' = -M, (,)(5)

It is assumed that each EGBD with Burgers vector b experiences some average stress O" due to all
of the dislocations in the grain boundary. As a result, the dislocation moves along the GB with a
velocity

Vd=Md [(b T) x [ L x N ]]L (6)

where L - is unit vector tangent to the GB line. Accordingly, the EGBD density changes with a
speed

a=(•Vd) (7)

BOUNDARY STABILITY VERSUS SMALL IRREGULARM.ES

During hot straining, portions of the GB may deflect slightly from their initial positions, e.g. due to
stresses from coarse slip bands stopped at GB. These deflections vary in sign along the GB
containing the EGBDs and can result in a sinusoidal (for simplicity) boundary shape given by

y = hsin(2,r / a) (8)

where the amplitude h is much smaller than the period a (Fig.3).

These periodic deflections cause elastic interactions of EGBDs. The driving force, Fd, favoring the
development of the sinusoidal GB structure is related to the maximum EGBD density, 4 max,
where the Burgers vectors are aligned along 0X, and is given by

Fd hrG-- (9)
2 a(l- v)

where v is the Poisson coefficient
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Figure 3. Evolution of the grain-boundary shape during deformation at i high strainrfte (1 s1).

As the GB increases in area during this process, the surface tension attempts to restrain the
continued growth in the amplitude, h, with the "restraining" force Fb given by

F = 2 r h (10)

where yb is the grain boundary surface energy.

The GB is unstable to small shape deviations when Fd >Fb, or, following (9) and (10), when the
period of deviation a > ac ; where

4ary,(l-v) = 4ryb(l-v)a, = • = • (11)

From (11), it follows that increases in the flow stress, a, (i.e. by increasing the strain rate t and/or
decreasing the temperature 7) lead to growth in the period of the sinusoidal deviations in agreement
with expeimental data.

NUMERICAL SIMULATION OF BOUNDARY SHAPE EVOLUTION

The development of small deviations during hot staining leads to macroscopical changes in the GB
shape. This can be analyzed by numerical simulation. The grain boundary migration occurs in
response to the following forces:

(a) the recrystallization driving force:

Fo,= Gb2A&p (12)

where Ap is the dislocation density difference in neighboring grains;

(b) the force due to elastic interaction of the EGBDs inside the GB, according to (6):
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F•=(•x,)[L x NJ]N (13)

"the stress applied to each piece of GB could be found by integration of the elastic stress fields
produced by all of the EGBDs on the GB; and

(c) the surface tension force
Fb = -y/R (14)

where R() is the local radius of GB curvature.

The velocity of GB migration, V, depends ou the balance of these driving forces as follows

V Mb(F,. 4-,t + Fb) (15)

The calculation of Vrequires that the EGBD distribution along the grain boundary be known at each
period of time. This distribution can be calculated by the solution of the density vector change
equations described above.

For the calculations, we assumed that the initial period, a, of the GB irregularities was
approximately 20 pm (Fig.3) which exists after the very beginning of deformation. This value
corresponds to clearance between coarse slip lines stopped at grain boundaries during the initial
period of hot straining [6]. The GB mobility coefficient Mb -10- 12m3/(N.s) was taken according to
[6]. Parameters~max=a/G =0.001 and Md =10"12m2/(N.s) have reasonable values which are
typical for hot straining conditions.

The rate of EGBD rearrangement inside the GB is negligible if the strain rate is sufficiently high
and/or the temperature sufficiently low. The simulation carried out for t=1 s"1 and Ap=0
demonstrates that a GB will bend until it acquires a serrated shape with right angles at the tips
(Fig.3). This serrated configuration has low energy and is dynamically stable during the deformation
because the EGBD Burgers vectors are placed perpendicularly to the boundary line along the length
of the boundary.

In case of lower strain rates and/or higher temperatures, EGBD migration along the GB plays an
important role in EGBD rearrangement Serrated GB shapes become energetically unfavorable in
comparison with sinusoidal ones ( Fig 4).

Figure 4. Evolution of the grain boundary shape during deformation at a low strain rate (10.2 s-')
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NUCLEATION OF DYNAMIC RECRYSTALLIZATION

Dynamically stable serrated or sinusoidal GB shapes could be produced with an assumption that
Ap-0, i.e. the dislocation density on both side of the GB is about the same. When continuing
deformation could not compensate the dislocation density behind and ahead of a moving part of the
GB, &" starts to grow and GB irregularities are no longer restricted by a stable configuration. They
can then grow turning into "protuberances" which become nuclei of dynamic recrystallization.

Simulations with Ap-l014 m-2 show how the irregularities could be developed into a necklace of
new dynamicdly recrystallized grains along the existing GB (Fig.5).

V t

C2

Figure 5. Evolution of the grain boundary shape at Ap=1014 Mi2. Lines 1,2 and 3 denote successive
positions of the grain boundary at the moment 0. 1, 0.3 and 0.5 s, respectively. K
According to this model, the dynamically recrystallized grains should be oriented periodically close
to the first or second initial grains. This could be checked experimentally using an SEM equipped
with electron channeling capabilities.

CONCLUSIONS

A model describing the appearance and development of periodic grain boundary shape irregularities
during hot straining of single phase materials is presented. The dislocations entering into the grain
boundary and interacting inside bring the grain boundary into an unstable, high energy condition,
which could be characterized by induced anisotropy of surface energy. Taking into account these
circumstances allows one to understand and predict periodic serrations or waves at grain boundaries,
which could not be produced in the framework of existing models (4-6].
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According to the model presented, small irregularities in grain boundary shape increase their period d
with increasing temperature and/or decreasing strain rate. Computer simulations predicte d '
simultaneous changes in grain boundary shape from serrated to sinusoidal when the temperature is
raised or the strain rate lowered.

By considering the large dislocation density differences that can exist behind and in front of the GB
irregularities, it is shown that the irregularities can grow and become the nuclei for the necklace of
dynamic recrystallized grains along the existing grain boundary. Following from the model, the
effect of strain rate and deformation temperature on the shape and period of the grain boundary
irregularities are in good agreement with published experimental data. Finally, the periodic change in p
dynamically recrystallized grain orientation in the necklace structures is in need of experimental
verification.
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Abstract

- -- -""" .. Accurate evaluation of c, the internal stress, is essential for determining o*, the effective stress, because
experimental yield stress data yield only the sum of o* and a.. In the past, the most popular method of
determining a. has been the back extrapolation technique which assumes that a* = 0 at the flow stress
plateau of a constant strain rate a vs. T plot, so that in this region a = a.. Back extrapolating this up to
absolute zero while giving it the temperature dependence of the shear modulus was then assumed to deter-
mine a. at temperatures below the plateau. This technique has been shown to seriously overestimate a
and underestimate a* and it has been shown that up may be measured more accurately [1,2,3] using strain
rate sensitivity data. However, strain rate sensitivity data at sub-ambient temperatures are very difficult
to obtain accurately. This paper discusses another possible method for measuring up based on Hall-Petch
data, which appears to be much easier to use and of still greater accuracy.

Introduction

It was recently demonstrated [1] that the Okazaki and Conrad [4] commercial purity titanium Ti A-70
stress strain data could be modeled by a power law based on the Yokobori [5] activation enthalphy, H =
H"(o*l/*) where Ho is a material constant with units of energy, a* the effective stress with o* its value
at 0 K. When this H is used in the thermally activated strain rate equation [I], one is able to obtain the
following power law for the effective stress a*

-•' = a;(±1V1  (1)

where ,' the strain rate and g a material constant with units of strain rate. In order to evaluate a* using
flow stress data, one must first determine the internal stress up and subtract it from the experimentally

" measured flow stress a. Techniques designed for determining ap using strain rate sensitivity data are
recorded elsewhere [1,6,7].

Table I lists parameters determined in [1], which when used in Eq. 1, make it possible to model the
temperature dependence of the 0o.0 yield stress of the Okazaki and Conrad [4] 16 pem grain size Ti A-70
tensile specimens.

1361
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TABLE I
(

H"'= 50, 150 J/mol to = 3.41 x 107 sý' i= 3.34 x 104s-1

S= 0.2% o, = 1,254 MPa a, = 70 - 0.0034 x TMPa

When HP, t, to, o* and oa from Table I are inserted in Eq. 1, one obtains the yield stress equation

00.2 = o" + ou = 1,254(9.82 x I0-12)1.6xI0-T + (70 - 0.034 x T) (2)

In addition to their tensile yield stress data, Okazaki and Conrad also included extensive Ti A-70 Hall-
Petch data with an important analysis of their significance. Two of their 300 K and e = 3.34 x 10-4s- Hall-
Petch plots are reproduced in Fig. 1. Note that they correspond to flow stresses involving different
prestrains, e = 0.2% and 10.0%. Both are plotted against d'" where d is the grain diameter determined
by the linear intercept technique. In both cases, four specimens with grain sizes 16, 6, 2.5 and 1.5 jm were
tested. Hall-Petch plots are normally assumed to follow an equation of the form

. = oi+kd-12  (3)

where a is the flow stress, oa the flow stress at the intercept of the Hall-Petch plot with the ordinate axis
and corresponds to a stress for an infinite grain size, i.e. 1/d'a = 0. In practice, one may assume o, to be
the flow stress for a single crystal with the same composition and "texture" as the polycrystalline speci-
mens. A significant feature of Fig. I is that o, is about 45 percent larger for the Hall-Petch plot at e = 10%
than at e = 0.2%. This suggests that a, depends strongly on a specimen's prestrain. Okazaki and Conrad
also investigated the relationship between a,, r and T as shown in Fig. 2 copied from their paper. Note that
in Figs. I and 2 the stress is expressed in Kg/mm2 which can be converted to MPa by multiplying by 9.81.
Also note that in Fig. 2 Okazaki and Conrad were able to draw straight lines through their a, vs. f " data
at each of the five temperatures investigated; 4.2, 77, 200, 300, 500 and 650 K.( At this point, consider the significance of the isothermal lines in Fig. 2. First, each data point on these
lines is a ai or a stress with a zero contribution from the grain size. Second, the intercepts of these lines
with the y-axis occur at h,,E' = 0 signifying the strain contribution to the stress is also zero. Therefore, as-
suming the primary sources of the internal stress in A-70 are the grain size and the strain, it is reasonable
to conclude that the intercept of an isothermal line with the y-axis in Fig. 2 should equal the effective

0 4 0q 12 163 20 24 26 32 363 40

Figure 1. Two of the Okazaki and Conrad 300 K HalI-Petch plots involving different flow stress prestrains E 0.002 and 0.10.

(o.
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Figure 2. The effects of strain and temperature on the Hall-Petch intercept, cj. Data of Okazaki and Conrad [2].

stress, a*, at the temperature of the line. It is significant that Okazaki and Conrad concluded that as a result
of the data in Figs. 1 and 2 the Hall-Petch equation could be written in the following form

= o(i, T, C) + h,, CQ x e1 2 + kdi-2  (4)

where ao is a function of i(the strain rate), T(the temperature) and C, (the interstitial concentration). These
are actually the charcteristics of o*. Okazaki and Conrad did not comment on this fact probably because
of a' did not equal their back extrapolation a*. The present paper demonstrates that independent cal-

( culations of a* and a, based on the use of Eq. 2, support the Okazaki and Conrad conclusions about the
Hall-Petch relationship in Eq. 4. First, however, it must be pointed out that the data in Table 1 correspond
to Ti A-70 specimens with a 16 Am grain size deformed to e = 0.2%. Furthermore, both oy, and o* were
evaluated using strain rate sensitivity data. It now appears that the evaluation of these parameters can be
made more accurately using the Hall-Petch analysis of Okazaki and Conrad. Thus, according to the
Hall-Petch data, the Ti A-70 specimens should have a a component due to the 16 Am grain size of
56 MPa and a 36 MPa component due to the 0.2% prestran for a total oat = 92 MPa. This is still well
below the back extrapolation value of Okazaki and Conrad which was o = 198 MPa. It was also found
necessary to re-evaluate o* in terms of the Hall-Petch analysis. The result was o* = 1,315 MPa versus
1,254 MPa as previously estimated [1]. In terms of these Hall-Petch parameters the variation of o* with
T now becomes

a'- 1,315 x (9.82 x l0t2)l.6l°"r. (5)

Equation 5 now makes it possible to test whether the Fig. 2 y-axis intercepts correspond to values of 0*.

In this regard the stresses at the Fig. 2 intercepts were plotted on the o* vs. T diagram in Fig. 3 togetherwith an analytical curve obtained using Eq. 5. Note the good agreement between the analytical o* curve

and the Fig. 2 intercepts except possibly at the lowest temperatures. The data in Fig. 2 are replotted in Fig.
4 as five ao vs. Tdiagrams each corresponding to one of the prestrains involved in the data. The analytical
curves in these plots were obtained by adding to the temperature dependence of the effectiye stress, ex-
pressed by Eq. 5, an internal stress consistent with the prestrains given the specimens. These internal
stresses were evaluated as follows. It was first assumed that 4.2 K was sufficiently close to absolute zero
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C D

CV

C- r

0 .'00 200 300 400 500 600 700

Temperature. K

Figure 3. The variation of a* with T according to Eq. 5 is shown by the solid line curve while the data points represent the
intercepts of the isothermal lines in Fig. 2 with the e2n = 0 ordinate axis in Fig. 2.

that the internal stress could be considered equivalent to 0
M. The internal stresses at temperatures above

0 K were then obtained by subtracting a factor to give a. the temperature dependence of the shear modu-
lus. The uppermost isothermal line in Fig. 2 contains the 4.2 K a, data points so that by Eq. 7 one may ex-
press this line as

Gi =* + o" a* + h,.1/2 MPa (6)

where hi = 807 MPa and r = 807 x ell MPa. The following expression was used to give the strain
compon6ht of the internal st-rdss the temperature dependence of the shear modulus, M, with uo = 49,000
MPa.

0x 
0

p - - x(26.1) = 807 x -"2 - 0.43 x- x T (7)

Thus, with the aid of Eqs. 5 and 7 the total expression for a, = a* + a becomes

Gt (1,315 x (9.82 x 10 ".1)I66xl°'4T) + {807 x e 1/2 - 0.43 x e Y2 x (8)

Each of the five analytical curves in Fig. 4 was drawn using Eq. 8. The agreement of these curves with
the experimental oi data is very good except at 4.2 K. This probably results from the fact that at 4.2 K the
stress strain curves were severely serrated because, at this temperature twinning deformation becomes
particularly important, the specific heat of a metal becomes vanishingly small, and the heat released by
rapid plastic deformation produces sharp localized increases in temperature. Because the flow stress drops
rapidly with increasing temperature in this range, this results in plastic instability or serrated flow due to
localized heating causing local softening. The deviation in the 4.2 K flow stress data can therefore be
explained by the localized deformations in the specimen that occur at a higher temperature than that of
the bath and thus at a lower stress than if the deformation was uniform throughout the gage section.

Discussion

Although the Hall-Petch equation has been an important empirical relation for many years, there still
remain questions about the significance of its components. Historically, three basic theoretical approaches
were developed to rationalize the Hall-Petch equation. These were based on (a) dislocation pileup models,
(b) work hardening models and (c) grain boundary source models. The earliest and most popular was
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based on the dislocation pileup concept. According to this theory, pileups of dislocations on a slip plane
at a grain boundary activate dislocation sources at or on the other side of the boundary [8,9]. Attention
later turned to work hardening and grain-boundary source models. In this regard, the work hardening
models make more assumptions than the pileup model, for example: (a) a linear relation between the flow
stress and the square root of the dislocation density, (b) the average slip distance is proportional to the
grain size d, and (c) the total dislocation density may be obtained by assuming all dislocations remain in
the system. On the other hand, in grain boundary source theories, the grain boundaries are considered to
be the sources of dislocations with the total length of dislocation emitted per unit area of boundary as-
sumed to be a constant, m. It is significant that Li and Chou [9] mention that both of the latter theories
suggest that at low temperatures kd'- is in the athermal part of the flow stress due to dislocations. The
other part, oi, consists of the thermal part o* and an athermal part oa of other origin such as precipitates.
Okazaki and Conrad have clearly shown that there is also an athermal component of u; related to the strain.
We believe that the present work based on the use of the Yokobori activation enthalpy gives quantitative
support to the Okazaki and Conrad conclusions. This strongly suggests that, with the aid of a Hall-Petch
analysis, it should be possible to measure quantitatively the two primary components of the internal stress
in a single phase alloy namely that due to grain size and that due to strain. This conclusion is in reference
to Ti A-70 which is a single phase interstitial solid solution alloy. There is a good possibility, however,
that this analysis can be expanded to the realm of alloys with more than one phase where there may be
additional components of the internal stress, e.g. in alloys containing precipitates.

Summarv

Calculations of o* based on the Yokobori activation enthalpy support the Okazaki and Conrad proposal
that oi of the Hall-Petch equation, a = o/+ kdl', contains two components °O(;, T, Cj) and hj(,p, CQ) x El

and indicate that the first term is the effective stress o* and that the second he"• is the athermal component
resulting from strain given the specimens prior to a flow stress measurement. This implies that the internal
stress in Ti A-70 contains two components (h,,E' and kd11 ). If it is possible to determine a, quantitatively
then, since o* = a - a., the effective stress should also be capable of being evaluated accurately. The
present analysis demonstrates that h, '" can be quantitatively measured. It also indicates that it is probable
that kd-a is also capable of being measured quantitatively. Additional data are necessary above and be-
yond those in the Okazaki and Conrad paper [2] in order to prove this. Although Ti A-70 is a single phase
interstitial solid solution alloy, it is probable that other components of the internal stress may be capable
of being evaluated in materials with more than one phase, i.e. those containing precipitates.

Acknowledgments

The authors would like to acknowledge that this work was sponsored by the Air Force Office of Scientific
Research (URI Grant No. F49620-93-1-0309) under the direction of Dr. Charles H. Ward.

References

1. R.E. Reed-Hill, C.V. Iswaran and M.J. Kaufman, Scripta metall. mater., 33, 157 (1995).
2. R.E. Reed-Hill, C.V. Iswaran and M.J. Kaufman, Metall. Mater. Trans. A 27, 3524 (1996).
3. R.E. Reed-Hill, C.V. Iswaran and M.J. Kaufman, Metall. Mater. Trans. A 27, 3957 (1996).
4. K. Okazaki and H. Conrad, Acta Metallurgica,. 21, 1117 (1973).
5. T. Yokobori, Phys. Rev., 88, 1423 (1952).
6. C.V. Iswaran, R.E. Reed-Hill, Vladimir 1. Levit and M.J. Kaufman, Scripta metall. mater., 32, 941 (1995).
7. R.E. Reed-Hill, and M.J. Kaufman, Acta metall. mater., 43, 1731 (1995).
8. J.P. Hirth and J. Lothe, Theory of Dislocations, p. 716, McGraw-Hill Book Company, New York (1968).
9. J.CM. Li and Y.T. Chou, Met. Trans. A, 1, 1145 (1970).



DEVELOPMENT OF NiAl SINGLE CRYSTALS AND THEIR
MECHANICAL PROPERTIES
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Abstract RECENT RESURGENCE IN INTEREST IN
developing P3-NiAl as a structural material has led to many

Single crystals of stoichiometric NiAI and NiAI alloys advances in our understanding of its structure and properties.
have been produced by Bridgman growth in high purity, While NiAl has the potential of being a low density, high
high density alumina crucibles. The stoichiometric temperature and oxidation resistant structural material, it
crystals contain lower silicon and higher carbon levels suffers from the same problems as many other
compared with the zone melted, high purity crystals intermetallics, namely, low strength and toughness.
produced in Oliver's laboratory and are considerably purer Although the strength can be readily enhanced using typical
than the "commercial purity" (CP) crystals produced by metallurgical approaches (see papers by Noebe, et al. and
General Electric. The compositional analyses are readily Darolia, et al. in this proceedings), any benefits in this area
confirmed by simple mechanical property measurements tend to be offset by reductions in toughness and this

( where it has been found that the critical resolved shear dichotomy has not been resolved as yet in this or any other
stress (CRSS) for cube slip on either the (011) or (0011 system to our knowledge. This is in spite of the fact that
planes of high-purity, stoichiometric NiAM is about 55 relatively high elongations (5-10%) have been achieved in
MPa, approximately half that of the CP crystals. It is single crystal NiAI via both composition - stoichiometiy,
shown that the mechanical properties of NiAl crystals purity and microalloying - and heat treatment control (1-5).
depend on such things as purity, stoichiometry, specimen More recently, we have shown that even higher elongations
and grip geometry; when these are optimized, elongations (approaching 35%) can be achieved by controlling both the
as high as 35% are possible at room temperature whereas specimen and grip geometries in addition to the previously
elongations as high as 300% may be achieved at mentioned variables [6). Unfortunately, these elongations in
intermediate temperatures and strain rates (e.g., 800K, 10" single crystals cannot be equated wvith increased toughnesses
3 S'). In fact, the properties of NiAI are a strong function as will be discussed further below.- The purpose of this
of strain rate and test temperature and, when considered paper is to highlight some of the recent advances in our
over a wide range of conditions, it is shown that NiAI is a understanding of the deformation and fracture behavior of
reasonably well-behaved material. It is also concluded that high purity NiAI over a range of temperatures and strain
the limited number of independent deformation rates. A more complete analysis of these issues will be
mechanisms may be a "show stopper" for this material published elsewhere.
since, no matter .what is done to address the property
deficiencies, NiAI will always be brittle due to this Single Crystal Development
particular characteristic. More generally, this implies that
any compound that does not have a sufficient number of The lack of five independent slip systems is believed to
deformation mechanisms (independent slip systems) to preclude the attainment of significant ductility in
satisfy the von-Mises criterion, even though the polycrystalline NiAl (1,2). This, combined with the fact
dislocations can move readily, will be brittle in both the that single crystals tend to have better high temperature
single and polycrystalline form. properties and are better for fundamental studies of

deformation behavior have led investigators in more recent
years to concentrate on single-crystal development. Many of
the single crystals studied by investigators around the world



in the recent past have been prepared and supplied by Darolia Although the CRSS values for slip on either (1101 or
and co-workers at General Electric. These "'commercial 1100) appear to be similar, slip on the (011) planes can,
purity (CP)" crystals were processed by simply extending and frequendy does occur by single slip (i.e., for tensile
the technology developed for cast nickel-base superalloys, axes parallel to <uuw> where u>O and w> 1 such as [357]
namely, by using investment-cast molds produced using in Fig. Ic) whereas slip on (001} (e.g., for tensile axes
alumina-silica slurries. Unfortunately, the higher parallel to [011] in Fig. Ic) is always duplex in nature due
temperatures required for melting/processing NiAI combined to the fact that the Schmid factor is the same for slip on
with its higher aluminum activity leads to silicon both the [001](010) and [010](001) systems (Fig. 1c).
contamination. In terms of interstitials, the levels are Consequently, the crystals'undergoing duplex slip tend to
similar to those in superalloys although, as shown by Hack exhibit considerably higher work hardening rates than the
et al. (3), Weaver et al. (4), NiAI is very sensitive to single slip geometries as expected for normal deformation
interstitial contamination indicating that this conventional behavior.
commercial approaches are probably unsuitable for this TA

material. Specifically, carbon has been shown to cause both
static and dynamic strain aging in NiAI, much like in steels, Wide
and silicon appears to exacerbate the problem by some train Narrow
unknown mechanism (4). lane

In this study, high purity (HP) NiAI crystals of various
orientations have been made by Bridgman growth in high-
purity, high-density alumina crucibles using prealloyed -• _
material that was either arc melted or vacuum induction
melted using high purity elemental constituents, the latter in rotatn axis
high-purity, low-density alumina crucibles. The resulting
crystals exhibited higher purities than the CP crystals in

terms of both interstitial levels and silicon contamination
and had lower silicon and slightly higher carbon than the
high purity, zone melted crystals produced by Oliver, et al.
using his containerless zone melting system (e.g., 4). The
melting point of our high purity NiAI was measured to be
1955±5 K which is close to that reported by Walston and
Darolia (5) and about 50 K higher than published phase

" diagrams indicate (e.g., (1,2). The higher purity of the (a) (b)
Bridgman crystals was confirmed in the mechanical property
studies as described below. For the latter, tensile specimens
with rectangular cross sections were cut from these crystals "0
by electro-discharge machining (EDM) as described
elsewhere (Fig. Ia) (6).

Slip Behavior and Work Hardening

It is well established that <100> slip is dominant in 
5*) 7 °

NiAI under almost all testing conditions (Fig.1); the other I Oil .

slip vectors (110 and 11) become important only under
special conditions such as when testing in the <100> hard
orientation where the resolved shear stress (RSS) for <100>
slip is negligible. The CRSS for cube slip on both (110)
and {001) planes is about 55 MPa for the HP NiAl at room 110
temperature vs. about 100 MPa for CP NiAI (6-8).
However, unlike pure metals which tend to have low CRSS
values and high ductilities, single crystal NiAl has low 100
CRSS and low ductility. The reasons for the latter has been
somewhat unclear in view of the relatively high ductilities (c)
exhibited by other intermetallics in single crystal form. Fig. 1. Schematics of tensile specimens used in this study: (a)
This issue of low elongations will be addressed further Wide strain plane (WSP) - optimum for high elongation,below. Wd tanpae(S)-otmmfrhg lnain(b) Narrow strain plane (NSP), and (c) Stereogram with tensile

orientations and slip systems indicated.
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Recent investigations of the deformation substructures 900 0 -- HP-NiAI
have revealed that, for both systems, the dislocations ame 800 --- NiAI-Si
mostly edge in nature - in the case of cube slip on cube CP
planes, the dislocation line direction tends to be along the 2 700[

S third <100> whereas for slip on (1101, the line direction is 600
"parallel to the <110> that lies in this slip plane. ,..
Furthermore, it has been recendy shown that these V 500
dislocations are in the form of slip bands after deformation at A

room temperature and are more uniformly distributed after V4
deformation at sub-ambient temperatures (-180K). V 300

Tensile Properties Cn 200
0 100

Ambient and Sub-ambient Behavior. As
mentioned above, the CRSS for cube slip is quite low in 0 . I

high purity NiAl and increases with increasing solute 0 300 6 600 900 1200
concentration in a manner similar to that for metals. Temperature,, K
Furthermore the CRSS for cube slip exhibits a
temperature dependence similar to that of many bcc metals (b)

(Fig. 2) which makes it tempting to compare their
behavior with classical Peierls stress arguments (7-9). Fig. 2. Temperature dependence of "critical" resolved shear

However, such comparisons may not be applicable in view stress for both HP and CP NiAI single crystals calculated at

of the different slip vector in NiAL. The observations (6) 0.2% strain for both (111] "soft" (a) and [001] "hard" (b)

that the deformation substructures consist primarily of orientations. For the "hard" crystals, the <1I 1>( 1121 system

edge dislocations suggest that the screw components am was used for the RSS calculations.

much more mobile at room temperature consistent with
the behavior in bcc metals. Unfortunately, the behavior at The CRSS for <111> slip has been determined using
lower temperatures, where long pure screw components are <001>-oriented crystals and was found to decrease with
commonly observed in bcc metals, has not been examined increasing temperature (Fig. 2b) in agreement with the
to date and, therefore, nothing can be concluded concerning results of Bowman et.al. (7). As expected, the values were

S the mechanism of increasing CRSS with decreasing somewhat lower than those reported for CP crystals
temperature. consistent with their higher purity. It is interesting to note

that, in the HP crystals, there is no plateau in the CRSS ys.
400 temperature curve, while this plateau in the CP crystals was

cc350HP'NiAI correlated with a change in the slip vector from <111> to
C. 0- HP-NiA [ <110> (2). Its absence in the HP crystals indicates that there

300 AE--P-NiAI [8] may not be a "sharp" transition from <I111> to <1 10> slip
300 [ CP-NiAI [9 as suggested in some recent experiments in our laboratory.

"•o 250 As alluded to above, the elongation depends on purity
and geometry of the specimens. A comparison of the HP-

^ 200 NiAl (in tension) and the -CP-NiAI -(in compression)
behavior for different orientations is shown in Fig. 3a. As

'v 150 can be seen, the yield stresses are lower for the HP material
(n 10O0• Aand the elongations are considerably higher. Furthermore,
(n the work hardening rates for the HP-NiAI is lower than for

50 the CP-NiAI with the single slip orientation (TAII[Ill])
displaying a lower WHR than the double slip geometry

0 I (TA//[011]). Furthermore, the elongation corresponding to
0 300 600 900 1200 the single slip geometry is consistently higher presumablyTemperature, K due to the lower stresses that develop at stress concentrations

during plastic deformation.
(a) It is important to note that the surface preparation plays

a critical role in the achievment of high tensile elongations
in the HP-NiAI as well as in the CP material as pointed out
by Walston and Darolia (10). However, the influence of



surface oxidation in the HP-NiAI is detrimental to the elevated temperatures. As noted Takasugi et al (13). the
elongation behavior in contrast to the behavior reported by elongation in the high purity NiAI crystals increases with
Kim, et al. (12) for their CP-Ni-48AI (Fig. 3b). increasing temperature up to a maximum before dropping
Furthermore, there appears to be no softening associated off at even higher temperatures. In the present study, this
with the surface oxidation for the HP-NiAI indicating that behavior was confirmed and extended to higher elongations

S the oxide is not necessary for acting as a source of and wider temperature intervals (-350%) by controlling the
dislocations, orientation and geometry of the crystals and by varying the

400_ strain rate (Fig. 4).
400 For the highest elongations, the load-elongation
350 curves displayed somewhat unusual behavior similar to

that surmised from the stress-strain data reported by
Takasugi, et al.(13) By performing interrupted tensiletu 300
tests, it was shown that the drop in the load at low strains
corresponded to strain localization in the form of a diffuse

250 neck (or necks for the duplex slip orientation) which spread
0 •along tbe gage length. This was followed by more general

1 200 deforiiiaeron of the gage section until the mr;terial
_ _ _ _ underwent a brittle fracture.

iD 150 0 HP-[111 ] For the [357] orientation, the single slip deformation

100 H P-[001] leads to the rotation of the tensile axis towards the [001]
100 - 0.3Si-[011] slip vector (Fig. 1) which, in turn, leads to a decreasing

----- CP-[011] [11 Schmid factor with increasing strain. Electron
50 --- CP-[111], [11] backscattering patterns from a sample containing a diffuse

neck were obtained and confirmed the nature of the
0 i rotation and its variation across the neck. This decreasing

0 0.05 0.1 0.15 0.2 Schmid factor leads to effective hardening in the "necked"
True Strain region which help to initiate a "geometrical" band. This

(a) band spreads along the gage length during continued

900 deformation. By accounting for both the rotation and the
cross section changes, the shear stress-shear strain curves

800 C- were plotted (Fig.5) and indicated that the work hardening( in the single slip orientation was very low.
0 CFor the [011] orientation, the duplex nature of the slip

C 60stabilizes the specimen against macroscopic lattice rotation0-X-HP-Virgin and the Schmid factor is approximately constant (0.5)
0,- 500 0 HP-Oxidized during deformation. However, the work hardening rate is

- .- CP-Virgin [12] about an order of magnitude higher than the single slip
-400 O CP-Oxidized [12] case which leads to hardening in the necked region and

o 300-- X spreading of the neck along the gage length. Furthermore,
"200 - because of the more stable geometry due to the offsetting,

T2n00on duplex nature of the slip, multiple necks are commonly
Tension observed in contrast to the single slip case where a single

100 ,neck is most common.

0 I i The elongation behavior as a function of test
0 0.05 0.1 0.15 0.2 0.25 temperature is shown in Fig. 4 for a range of orientations,

True Strain geometries and strain rates and it is clear that the peak in
elongation depends on both geometry and strain rate. For

(b) a given orientation and geometry, it is clear that the peak

Fig. 3. Orientation and purity (a) and surface oxidation (b) in elongation shifts to higher temperatures with increasing
effects on mechanical behavior of NiAl single crystals at strain rates. This behavior is normal for thermally
room temperature. Tensile tests for HP crystals and activated plastic flow; although the specific rate
compression for CP crystals controlling process has not been identified, the apparent

activation energy is approximately 150 kJ/mol, in good
Elevated Temperature Behavior. Based on the agreement with the.Takasugi et al. data (13).

above description of the deformation and fracture behavior, The present results indicate that the behavior of NiAI
it is interesting to discuss the properties of NiAI at is between metals and ceramic. Specifically, theQ.



dislocations move readily in the HP material and their
mobility is hindered, as in metals, by introducing solute 300
and/or precipitates. For orientations where only one slip -A 5 557]

"* 400
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0- Fig. 5. (a) Load elongation and (b) shear stress-shear strain
373 573 773 973 1173 1373 diagrams of NiAI crystals tested at 673K and e=10"3s-1.

Temperature, K
system is operative, the lattice rotates during deformation

(b) leading to a change in the Schmid factor. While this
Fig. 4. Orientation and geometry effects on the tensile rotation leads to macroscopic hardening, it is clear that
elongation of NiAl'single crystals oriented for single slip: (a) microscopically, little hardening occurs during
([11] TA with random geometry; (b) (557] specimens with the deformation. For the duplex slip geometry, no lattice
geometry optimized. rotation occurs (other than localized rotation across slip

bands) and the work hardening rate is considerably higher
than the single slip case.

Whereas NiAI deforms much like a metal, the
problem arises -when stresses develop at stress
concentrations. Since these stresses cannot be relieved by
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TENSILE BEHAVIOR OF 13-NiAl: INTRINSIC VS. EXTRINSIC PROPERTIES

V.I. Levit and M.J. Kaufman
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Gainesville, FL 32611

Abstract Hopkins University was aimed at generating the necessary
understanding of the microstructure-property-processing

The influences of such variables as specimen geometry relationships in this compound. The purpose of this paper
(cylindrical vs. rectangular), orientation, purity, is to describe some of the more recent results, mostly at
stoichiometry, thermal history, surface oxidation, surface room temperature, and their relationship to previous reports.
damage and prestrain on the room temperature tensile
properties of P3-NiAI single crystals are described. The Experimental
results indicate that <001>11101 and <001>{100) slip in
high purity, stoichiometric NiAI occurs at similar, low Oriented single crystals of nominally stoichiometric NiA1
stresses (CRSS - 50 MPa) consistent with slip in pure and one silicon-doped alloy were prepared by Bridgman
metals. Furthermore, prestrain, surface oxides, alloying growth as described elsewhere [4], homogenized at 1573 K
additions, impurities and thermal vacancies all harden NiA1 for 3h and furnace cooled (HFC). The compositions of the
in a manner similar to their effects in pure metals. Finally, crystals used in the present study were measured using
it is shown that NiAl fractures by brittle cleavage even after standard methods and are summarized in Table I. After
elongations of up to 34% due to the lack of a sufficient homogenization, tensile specimens were cut using an
number of slip systems. The implications of these results electrical discharge machine (EDM). These specimens had
are described with respect to the potential of using this or rectangular cross sections with dimensions 1.6 mm wide
other intermetallics with a limited number of slip systems (W) x 2.4 mm thick (I)' (approximately 1.3mm x 2. 1mm
in structural applications. after electropolishing to remove the recast layer and any

surface roughness) and nominal gage lengths of 10 mm.
Introduction The tests were performed in an Instron Model 1125 at a

nominal strain rate of 10 4s-. For the non-<001>
Although the compound 13-NiAI has been promoted as one specimens, the orientations of the sides of the rectangular
of the more promising potential structural intermetallics sections were either random with respect to the preferred
because of its high melting point, wide solubility range and <001> slip vector(s) or non-random, i.e., for tensile axes
oxidation resistance, its transition into application has been parallel to <557> (single slip with Schmid factor, f., of 0.5)
delayed by the fact that it is both soft and brittle in the or <011> (double slip with f. = 0.5), one of the sides was
unalloyed condition (1). While both of these properties can cut parallel to the plane containing the tensile axis, the
be enhanced somewhat via composition control, the Burgers vector(s), b, and the slip plane - normal(s), n.
enhancements tend to be offsetting in nature (2), i.e., Specifically, for the <557> specimens, this was the parallel
alloying additions that enhance strength tend to increase {011) plane while for the <011> specimens, it was the
brittleness whereas high purity crystals that are somewhat parallel f001l plane (Fig. 1).' Since the specimens are
less brittle exhibit low strengths (3,4). In addition, the rectangular, the gage faces were cut such that this plane was
discrepancies in the literature concerning the effects of such parallel to either the thickness or the width of the specimens
extrinsic variables as surface films (5), impurities (6-10), in order to determine the influence of the initial geometry,
thermal vacancies (6,9), prestrain (10-12), microalloying shape change and degree of constraint on the deformation
additions (13), surface finish (14,15), specimen and grip and fracture behavior. Because of the nature of gripping
geometries (4,16,17), etc. have led to considerable such samples in the button-head grips, when the plane
confusion such that there has developed a definite need for a containing the tensile axis, b, and n is parallel to the width
systematic study aimed at clarifying some or all of these (Fig. la), there is greater constraint than when
issues. The AFOSR-sponsored University Research
Initiative (URI) at the University of Florida and the Johns 'these dimensions were varied in one portion of the study

in order to determine their influence on tensile properties.
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( parallel to the thickness (Fig. Ib). Consequently, these After spark cutting, the specimens were electropolished and,
will be referred to as "constrained (C)" and "less constrained in some cases, given subsequent heat treatments in order to
(LC)" geometries, respectively. It is noted that these vary the vacancy concentration and/or the oxide thickness.
special geometries correspond to plane strain conditions in These samples were cooled in one of the following ways:
the sense that the dimension orthogonal to this special furnace cool (FC), air cool (AC) or water quench (WQ). A
plane does not change during plastic deformation whereas set of specimens were also notched to different depths in
any dimension parallel to this plane does. For example, order to determine the notch sensitivity of the rectangular
there is a change in the dimensions as shown in Fig. la specimens. Most of the tests described here were performed
where the plane OABC changes to OA'B'C' whereas the at room temperature; the elevated temperature tests are
thickness, CD, does not change. described elsewhere [16].

Table I. Compositions of the NiA! single crystals used in this study.

Crystal ID Ni Al Si Fe Cu C S 0 N
at. % at. % ppm ppm ppm ppm ppm ppm ppm

SC-18 49.7 50.2 260 110 20 14
SC-64 50.6 49.3 240 - - 180 n/d 81 <15
SC-36 49.7 50.2 300 50 - 53 - - -

SC-34 50.4 49.5 n/d - - 82 <5 106 <15
SC-31B* 50.0 49.9 136 - - 50 7 90 12
SC-31T* 50.0 49.9 n/d - - 70 5 80 12
SC-60B* 49.2 50.7 170 27 - 18 - - -
SC-60T* 49.6 -50.3 160 n/d - 42 - - -
SC-76 50.1 49.8 107 - - 93 - 73 -
SC-40 50.0 49.9 100 - - 110 13 100 9
SC-93** 50.0 49.6 3400 - - 180 <10 124 <15
• B represents the bottom and T the top part of the crystal relative to the growth direction.
** average composition of initial VIM rods used as feedstock for SC 93.

(Iý
SB" •A
C B

C

Constrained (C) Less Constrained (LC)
a b "

Figure 1. Schematics of the rectangular tensile specimens before and after deformation. Note the shape change (shaded) is
consistent with "plane strain" in that there is no change in the thickness (T) in the constrained (C) specimens or the width
(W) in the less constrained (LC) specimens.
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Results Table II. Tensile data for [135] specimens cut from SC-76
illustrating the influence of specimen geometry (R-

The results are subdivided into sections that address such rectangular, C-cylindrical) and surface finish (SP-standard
issues as the influence of purity, prestrain, thermal polish, LP-lightly polished, RP-repolished).
vacancies, surface oxidation and surface finish on the
mechanical properties of NiAI. The first section addresses Orient. Surface ao.2  Of El.
the importance of specimen geometry and constraints in the Shape Finish MPa MPa %
grips and justifies why the majority of the tests were
performed on rectangular instead of the more commonly [135]R SP 132 217 7.8
used cylindrical specimens. [ 1351R S P 135 206 5.3

[135]C LP - 145 <0.1
Spcimen Geometry_ [135]C LP - 142 <0.1

When the literature ;.oncerning the tensile properties of [i.35]C RP 142 230 3.4
NiA! is examined, it becomes apparent that the majority of [135]C RP 145 221 2.8
the data were generated using cylindrical, button-head
specimens whose gage sections were prepared by centerless area; this may be related to the fact that the thinner
grinding followed by electropolishing to a "shiny" surface specimens are more sensitive to surface damage or defects.
finish. However, the present results generated using It is noted that, for the single slip specimens, the rotation
cylindrical and. rectangular specimens cut from the same of the slip vector towards the tensile axis does not lead to
single crystal (SC-76) (Table II) provide important insight conjugate slip as in fcc metals and, therefore, the slip can
into the influence of geometry on tensile properties. While continue as long as the stress does not reach the fracture
the CRSS values are not affected significantly by the stress at some stress concentration. Consequently, the
specimen geometry and surface finish as might be expected, onset of Stage 2 deformation is not realized in these
the elongations and fracture stresses depend strongly on samples prior to fracture at room temperature.
these parameters. Clearly, the elongations are highest for
the rectangular specimens, lowest for the cylindrical It should be emphasized that the amount of scatter in the
specimens that were lightly polished, and intermediate in CRSS values for a given set of specimens is quite low
the cylindrical specimens that were repolished after whereas the scatter in the elongations and fracture stresses is
observing the low elongations characteristic of the samples high. This implies that the deformation of NiA! is similar
given the light polish. This implies that the damage zone to that of metals and is reasonably reproducible whereas the
from centerless grinding exceeded the thickness of the fracture stress and elongation vary considerably, consistent
material removed during the standard light polishing. These with the statistical nature of brittle fracture. As noted in
results are in agreement with the recent reports by Darolia ([1,2,4,17), this is related to an insufficient number of slip
and Walston (15). Considering the soft nature of the high systems to satisfy the von-Mises criterion and avoid the
purity NiAI crystals, it is not surprising that the extent of high stresses that develop at stress concentrations in the
the damage that results from grinding may be considerably material.
greater than that observed in stronger multiphase crystals or
polycrystals. Table M. Tensile properties (TA=[557]) of rectangular (C

and LC) specimens cut from SC-34 with slightly different
The other important factor realized after these tests was that dimensions. The higher (o.2 values for the 34T specimens
the rectangular geometry is superior to the cylindrical are due to compositional differences.
geometry in terms of achieving the highest elongations.
This is presumably related to the greater constraints that ID Geom. Dimensions CSA* G0.2 of El.
exist when gripping cylindrical button-head specimens as (W x T)mm mm2 MPa MPa %
described elsewhere (17). Consequently, the remaining tests
were performed using rectangular specimens. 34B LC 1.3 x 2.1 2.13 108 190 16

34B " 1.2 x 1.3 1.56 137 317 13
"Plane Strain" Tests 34B " 1.3 x 1.3 1.69 103 164 4

34B " 1.3 x0.8 1.04 100 206 10
As will be shown below, the highest elongations were 34B 1.3 x 0.8 1.04 116 20 13
achieved using the LC geometry sketched in Figure 1. In 34B 1.3 x 0.8 1.04 116 220 13
this part of the study, it was of interest to determine 34B " 1.1 x 1.0 1.10 87 225 8
whether or not the high tensile elongations were related to 34T C 1.3 x 2.2 2.86 148 255 16
the small specimen sizes which might allow the 34T " 1.4 x 1.0 1.40 142 242 15
dislocations to slip out of the crystal more readily, thereby 34T " 1.4 x 0.8 1.12 142 201 5
increasing the extent of Stage 1 deformation as happens in 34T 1.3 x 0.8 1.04 155 249 15
fcc metals such as copper (18). Small specimen sizes 34T are
might also lead to higher elongations since the probability "SA = cross-sectional area
of the sample containing critical flaws decreases with
decreasing cross-sectional area. Therefore, both LC and C Notch Effects
specimens were tested with different cross-sectional areas.
The results indicate that the elongation- is not a strong In view of the higher elongations achieved in the rectangular
function of specimen size. In fact, it appears that the specimens, an' attempt was made to determine the effects of
elongation does not increase with decreasingcross-sectional notches when the constraints were less than in the

cylindrical (constrained) specimens where, as already shown,
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any surface damage leads to negligible elongation, and those oriented for double slip (e.g., <011>). When a
( Consequently, standard rectangular specimens of both the large sampling of test results from these samples are

"LC and C geometries were notched using the wire EDM to examined, the following conclusions become apparent.
different depths ranging from 50 to 1000 gm on one of the First of all, the CRSS for cube slip on {001) planes is
faces. It is clear from Table IV that the specimens cut from essentially equal to that on {011) planes at room
the top of the crystal were stronger than those from the temperature and falls typically between 40 and 60 MPa.
bottom as already described. More importantly, the This variation is due mostly to purity or Ni/AI ratio as
influence of the notches resulted in a decrease in elongation, confirmed by noting that the CRSS for samples cut from
In all cases, the fracture originated at the notch as expected. the same region of the same crystal (e.g., the [011] and
It should be noted, however, that the elongations were still [557] specimens from 34T as well as the [233] and [557]
significant and considerably higher than those achieved with specimens from 34B) exhibit similar;p and 0.2 values.
cylindrical specimens where the notch sensitivity appears to 400

be enhanced presumably due to the constraining effects
mentioned above. 350 . .30 -- .TZ
Table IV. Effects of notch depth on the properties of [557] •,300

crystals of NiAl. r 250 .

ID Geom. Notch (0.2 of El. C . ,o
Depth MPa MPa % o15 0  - -'

34B LC Unnotched 108 190 16 1 00 [1011HP

.I mm1 168 0 [ I] HP

500 gm - 136 <0.1I so 50 [011. CP

250 gm 110 117 0.2 S
100 gm 122 142 0.5 0 0.01 0.02 0.03 0.04

50 [tm 111 156 3.4 True Strain
75 gm 120 157 2 Figure 2. True stress vs. true strain for both high purity

112 131 1.4 (HP) and commercial purity (CP) (19) NiAI along the [111]
111 152 2.7 (single slip) and [011] (double slip) orientations.

( In spite of their similar CRSS values, it is apparent that the
34T C Unnotched 148 255 16 work hardening rates (WHR) for the double slip orientations

75 •gm 158 161 0.7 are considerably higher than those for single slip whereas
152 157 0.4 the elongations tend to be lower. Clearly, this latter result

is expected since the higher WHR, calculated from the shear
126 147 0.9 stress - shear strain curves (Fig. 3) and compared with the
144 181 2.9 <001> shear modulus where l[tl=112 GPa (20), leads to
142 169 2.1 higher stresses for a given amount of elongation; these

stresses, in turn, lead to fracture at lower total elongations.
Orientation Effects

It is clear from Table V, that the samples tested along the 1 2 0 -
hard <001> orientation are considerably stronger than those
tested along the softer orientations due to the negligible 100 ,°
Schmid factor for cube slip. This leads to elastic cc
deformation with no elongation and considerable scatter in Ad8 0

the fracture stress as expected based on the above discussion.
S60

For the soft orientations, it is important to realize the need
to exercise caution when defining the CRSS based on a
0.2% offset value. Specifically, while easy glide (Stage 1) 14]0 - - 11-1
in fcc crystals assures that the CRSS at 0.2% strain is [011]
similar to that at the proportional limit, ap, where the 20

dislocations first start to move, this is not necessarily the
case in NiAI in spite of the fact that most reports of the 0 I
CRSS in NiA1 are calculated at 0.2% strain [1-3]. This is 0 0.1 0.2 0.3 0.4
especially a concern in the higher purity crystals where there Shear Strain
is no plateau in true stress - true strain curves as frequently
observed for lower purity NiAl (see Fig. 2 and Table V). Figure 3. Shear stress vs. shear strain for high purity

In addition, it is necessary to distinguish between the crystals tested along [111] (single slip) and [011] (double
behavior of specimens- oriented for single slip (e~g., <557>) slip). Note the higher work hardening rate for the [011] as

well as the comparable proportional limit.
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Table V. Summary of tensile data for rectangular single crystal specimens of NiA1 along different crystallographic directions.

Crystal ID Orient. fs rP,, 0"0.2 %O.2 WHR (0=dT/dy) af El.
MPa MPa MPa MPa MPa MPa %

18 [100] .5 1040 520 - - 1040 0
18 [100] .5 890 495 - - 890 0

122 [100] .5 1121 560 - - - 1121 0
122 [100] .5 1120 560 1167 583 - 1167 0.2
36 [111] .485 122 59 140 68 244 15
36 [111] .485 134 65 156 76 213 6
36 [111] .485 106 51.5 .,, 130 63 187 4

34B [557]T .5 104 52" ';114- 57 62 2"66 34
34B [557]T .5 96 48 115 57.5 218 18
34B [557]T .5 98 49 109 54.5 190 16
34B [233] .485 98 47.5 117 56.5 186 5
34B [233] .485 97 47 119 57.5 202 4
34B [233] .485 110 53.5 127 61.5 169 3
34 T [557]W .5 114 57 137 -68.5 102 239 15
34 T [557]W .5 121 60.5 134 67 221 13
34 T [557]W .5 107 53.5 127 63.5 196 10
34 T [011] .5 135 67.5 147 73.5 205 3
34 T [011] .5 95 47.5 133 66.5 180 3
34 T [011] .5 123 61.5 139 69.5 192 2

64 [011]T .5 96 48 111 55.5 468 242 7
64 [011]T .5 104 52 117 58.5 563 237 6
64 [011IT .5 93 46.5 102 51 230 5
64 [011]W .5 97 48.5 111 55.5 448 235 6
64 [011]W .5 89 44.5 102 51 476 212 5
40 [123] .454 98 44.5 116 52.5 110 306 19
40 [123] .454 86 40 110 50 114 304 15
40 [123] .454 102 46 124 56.5 109 318 14
60 [135] .41 78 32 103 42 103 272 18
60 [135] .41 98 40 112 46 100 241 16
60 [135] .41 96 39.5 115 47 91 266 15

It has been noted that the [011] orientation is "stable" with their greater constraints in the grips, then it is not
respect to lattice rotation during deformation due to the surprising that they experience lower elongations. It should
offsetting nature of the equivalent slip systems ([001]/(010) also be noted that, for random specimens where the sides
and [010]/(001)). As pointed out previously [17], this were not oriented parallel to the Burgers vector and the
appears to be the reason that the highest elongations in tensile axis was not coplanar with b and n, the shape
cylindrical specimens are achieved using <011> specimens change was more arbitrary (Fig. 5c) and the elongations
where there is little or no torque generated during
deformation in contrast to the single slip orientations (e.g.,
TA=[557]; in this case, the crystal rotates in the classical [111]
sense with the slip plane normal rotating away from the [5571
tensile axis (i.e., the TA rotating toward the Burger's vector [557]
on the stereographic projection as shown in Fig. 4). rotation

direction
For the rectangular cross sections, higher elongations can be
achieved due to (1) the lesser constraint in the grips and (2) no
the lower WHR associated with single slip. When these
parameters were optimized, it was possible, using <557>T [001] [011] rotation
specimens, to achieve elongations as high as 10% at 180K,
34% at room temperature (Table V) and 350% at 600K (17). Figure 4. Orientations and nature of rotation during single
The cross-sections of these samples reveal the change in (TA=[557]) and double (TA=[011]) slip. Note that no

( geometry and the fracture surfaces indicates that the fractures rotation is expected for the double slip geometry and that
"occur by brittle cleavage (Fig, 5a and 5b). Consideringthat rotation in the single slip geometry which results in a drop
the thin dimension gets thinner in the C samples as well as in the Schmid factor. n
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tended to be somewhat lower. This may be due to the Effects of Prestrain. Surface Oxides and Cooling Rate
development of bending stresses and/or stress concentrations (Thermal Vacancies)
at the specimen corners during plastic deformation.

It has been proposed in the literature that the ductility mad
fracture toughness of NiAI can be enhanced by prestraining
or by producing an appropriate surface film since both of
these may produce mobile dislocations in a material that
might normally have few such dislocations and few sources.
In contrast, the influence of thermal vacancies has been
reported to result in considerable hardening of NiAI which,
in turn, leads to a decrease in elongation. Of interest in the
present study was the examination of these effects as a
function of specimen purity. Thus, both stoichiometric
NiAI and NiAI doped with silicon were examined after
various treatments designed to investigate these effects. As
is apparent in Table VI, air cooling from 1000K leads to a
slight reduction in ductility although there was little effect
on the yield stress/CRSS. By prestraining 9% at 1000K
and then air cooling, the specimen exhibited higher CRSS
and elongations similar to those that were not prestrained&
This suggests that the prestrain leads to hardening in NiAI

a much like in traditional metals and that NiA1 does not suffer
from a lack of dislocation sources.

For the silicon-doped crystal (SC-93), the properties
depended somewhat on the thermal treatment and quench rate
as indicated in Table VI. Although the elongation was not
a strong function of these treatments and hovered around
2%, it appears that the 1000K treatment followed by WQ
results in a decrease in yield stress suggesting that the
silicon and/or interstitials may not have had time to
segregate to dislocations and cause pinning.

As apparent in Table VII, water quenching from 1273 K
results in a doubling of the yield stress and essentially
eliminates the elongation compared to NiAl that was
furnace cooled from 1273 K or given the original HFC
treatment. It is noted that the fracture stress is rim

b significantly different for the FC and WQ specimem
consistent with the normal stress reaching some "critical"
value in the material at which point a crack somewhere in
the specimen becomes unstable. In addition, these results
"indicate that the vacancy concentration is considerably
higher at 1273 K compared with that at 1000K and that the
resulting thermal vacancies increase the CRSS considerably
in high-purity NiAL. It should also be noted that the
elongations are comparable to those achieved in commercia
purity NiA1 specimens tested after the HFC treatment

The influence of surface oxides on tensile properties was
established by comparing samples that had been heat treate&
in air with samples given equivalent heat treatments im
argon. In addition, some of the specimens were repolishe&
after the heat treatment in air in order to remove the surface
oxide. The results are summarized in Table VIII where it is
clear that the surface oxide results in higher (Y,2 values an&
considerably lower elongations. Furthermore, the da=
indicate that it is possible to reclaim the elongation levec
somewhat by removing the oxide via repolishing. Agaim,

c this implies that high purity NiAI has sufficient mobil

Figure 5. Scanning electron micrographs of the fracture dislocations and, therefore, surface oxides may only enhanc
surfaces of single crystal specimens after RT testing in the "ductility" of lower purity NiAI. While it could be
tension. (a) LC geometry, TA=<557>; (b) C geometry; (c) argued that the surface oxide was non-adherent in them
random geometry. studies, the heat treatment temperature used was sufficientN

low to insure an adherent scale.
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Table VI. Effect of prestraining and cooling rate on tensile properties of NiAl and NiAI-Si single crystals at room( temperature. AC = air cool; FC = furnace cool; HFC = homogenized and furnace cooled.

ID T.A. Heat Treatment p Y00.2 Gr El.
MPa MPa MPa %

40 [123] HFC 98 116 306 18.8
HFC 102 124 318 14.0
HFC 86 110 304 15.4
1000K, 0.5h, AC 95 103 188 4.3
1000K, 0.5h, AC 80 105 149 3.1
1000K, 0.5h, e=9%, AC 126 148 253 3.8
1000K, 0.5h, e=1.5%. AC 114 132 228 2.7
1000K, 0.5h, FC 79 116 237 6.5
1000K, 0.5h, e=1.5%, FC 82 117 229 3.4

93Si [1351 HFC 168 187 232 1.6
HFC 144 211 240 1.1
1000K, 0.5h, FAC 127 161 231 2.4
1000K, 0.5h, e=1.5%, FAC 144 168 239 1.2
1000K, 0.5h, FC 174 206 259 2.4
1000K, 0.5h, e=1.5%, FC 189 220 278 2.6

Table VII. Influence of thermal treatment on the tensile Table VIII. Effect of surface oxidation on the tensile
properties of NiAl. All tests on SC-109 using the standard properties of NiAI. FC = furnace cool; AC = air cool;

<557>LC geometry. FC = furnace cool; WQ water WQ = water quench.
quench.

ID Heat Treatment Surface G0.2 of El.
Heat 0o.2 af El. condition MPa MPa %

Treatment MPa MPa % 76 HFC polished 128 211 7.5
HFC 118 183 9 76 HFC polished 122 216 8.3
HFC 126 212 12 76 1273K, air, FC oxidized 132 208 7
1273K, FC 117 185 10 76 1273K, air, AC oxidized 135 209 4.7
1273K, FC 112 173 7 76 1273K, air, WQ repolished* 141 207 2
1273K, FC 120 191 10 76 1273K, AC polished 149 252 11.8
1273K, WQ 225 244 1.5 76 1273K, AC polished 142 237 6.7
1273K, WQ 243 273 1 60 HFC polished 115 226 10.5
1273K, WQ - 178 <0.1 60 HFC repolished 117 289 16

60 HFC repolished 108 272 16.2
Discussion 60 1273K, AC oxidized 167 193 0.5

The results of this study indicate that NiAl is a relatively 60 1273K, AC oxidized 173 205 1
well-behaved material and that much of the confusion in 60 1273K, FC oxidized 127 191 0.7
previous studies presumably stems from various extrinsic 60 1273K, FC oxidized 134 167 1.2
effects. For high purity NiAl, the results of this study and "this sample although repolished, retained some surface cavities
those of previous studies (6-10) indicate that (1) prestrain,
(2) surface oxides, (3) interstitials, (4) substitutional certain intermetallics (or other compounds for that matter)
solutes, (5) thermal vacancies and (6) deviations from may exhibit the characteristics of being both soft and
stoichiometry (constitutional defects) all lead to increases in brittle. This, in turn, seems to imply that NiAl is
the CRSS of the cube dislocations from a very low value representative of a class of materials where the dislocations
(-50 MPa) in "virgin" NiAI. This implies that the CRSS can move readily yet where the material fails in a brittle
for cube slip in NiAl is similar to that in conventional manner due to the simple fact that there is an insufficient
metals and alloys in terms of its response to such extrinsic number of active slip systems to satisfy the von-Mises
variables, criterion for general deformation and relieve the stress

concentrations that develop during deformation. Whereas
On the other hand, the fracture resistance of NiAI is quite one might argue that this problem might not be as
different from typical metals and alloys. In fact, it is clear significant in single crystals, the present results suggest
from these -and other studies that fracture in NiAI tends to otherwise although it is clear that oge can extend the

S occur by brittle cleavage in spite of the ease of dislocation elongation by careful selection of tensile axis and specimen
flow at room and elevated -temperature. This implies that geometry. Bearing this in mind, it is concluded that any
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compound with fewer than five independent active 6. J.E. Hack, J.M. Brzeski, and R. Darolia, Scripta
( deformation mechanisms will undergo brittle fracture Metall., 27, 1259 (1992).

regardless of the ease at which dislocations can move. It
seems logical to extend this statement further and note that 7. M.L. Weaver, M.J. Kaufman, and R.N. Noebe, Scripta
the significant amount of work on increasing the symmetry Metall., 29, 1113 (1903).
of a compound by alloying is only viable if the dislocations
are mobile and the symmetry increase results in at least five 8. J.E. Hack, J.M. Brzeski, and R. Darolia, Mater. Sci.
independent slip systems. Eng., A170, 11 (1993).

Conclusions 9. M.L. Weaver, R.D. Noebe, J.J. Lewandowski, B.F.
Oliver and M.J. Kaufman, Mater. Sci. Eng., A192/193,

It has been shown that many of the properties of pure NiAI 179 (1995).
respond to extrinsic variables in a manner very similar to
those of pure metals. However, unlike pure metals, the 10. J.E. Hack, J.M. Brzeski, and R. Darolia, Mater. Sci.
fracture of NiAI single crystals tends to occur by brittle Eng., A192/193, 268 (1995).
cleavage regardless the amount of tensile elongation. The
effects of alloying additions, impurities, prestrain, surface 11. M.A. Morris, J.-F. Perez, and R. Darolia, Phil. Mag.,
films, etc. all tend to increase strength and decrease ductility 69, 507 (1994).
much like in pure metals. Consequently, although NiAI
can be strengthened using standard metallurgical approaches, 12. R.W. Margevicius, J.J. Lewandowski, and I. Locci,
it is not possible to overcome the brittleness problem Scripta Metall., 26, 1733 (1992).
without modifying the slip systems and this has not been
possible to date. The implications are that all compounds 13. R. Darolia, D. Lahrman, and R.D. Field, Scripta
that do not possess enough independent deformation Metall. Mater., 26, 1007 (1992).
mechanisms to satisfy the von-Mises criterion will be.
brittle in both the single and polycrystalline form, even 14. J.H. Schneibel, S.R. Agnew, and C.A. Carmichael,
when the dislocations can move readily. Met. Trans. A, 24A, 2593 (1993).
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ABSTRACT
Deformation of NiAI single crystals during tensile testing was physical and mechanical properties of NiAI has been presented by

simulated using finite element analysis to investigate the modes of Miracle (1993).
localized deformation. The effect of varying the loading direction with NiAI has a B2 type ordered crystal structure (see Fig. 1) similar
respect to lattice was studied to understand the deformation to body centered cubic (bcc) crystals. Mechanical properties of NiAl
mechanism. Three-dimensional finite element models of tensile testing single crystals vary with respect to the orientation of crystal lattice.
were created to study the effect of latent hardening when multiple slip Plastic deformation in NiAI occurs predominantly due to slip in the
systems are active. In particular, necking, neck diffusion and kink <001> directions along either (110) or {100) planes when loaded
band formation were studied and the material and geometric along non-<001> direction (or soft orientations). NiAl crystal
characteristics that influence the deformation mode were investigated, subjected to loading along the <001> direction (hard orientation)

shows high flow stress at low temperatures and enhanced creep
strength at elevated temperatures. In this orientation, deformation

1. INTRODUCTION
NiAl has gained much attention as a potential structural material O Ni Atom

due to its desirable material characteristics such as high melting point,
low density, good oxidation resistance and excellent mechanical [001] Al Atom
properties at high temperatures including hardness, toughness, thermal
stability and ductility. It has been considered a possible alternative to
Nickel-based super alloys for building turbine blades where due to
lower weight and higher operating temperatures it is expected to
provide increased engine thermodynamic efficiency. To find
application as a commercial structural material, it should have [010]
desirable structural properties over a range of working temperature.
However, NiAI has low ductility and poor fracture toughness at (110)
ambient temperatures. The tensile plastic strain before fracture at room
temperature is typically 0.5-2.5% (Lahrman, 1991 and Miracle, 1993). [100]
To understand its low ductility, it is desirable to understand the Figure 1. NiAI crystal structure
deformation mechanism responsible for its mechanical behavior over a
broad range of temperatures. Many modes of non-uniform
deformation such as-necking, localized shear, kinking etc. have beenobserved in NiAI single crystals. These localized deformations occurs by non-<001> dislocation.

Most ductile single crystals (Chang and Asaro, 1981, Pierce et al
contribute significantly to the total plastic strain and eventual failure 1982) exhibit localized deformation modes when subjected to large
(Miracle, 1993). Significant tensile ductility is obtained only at and plastic deformation process. Understanding the causes of localized
above 473 K (Wasilewski, 1967, Lahrman, 1991, etc.). Therefore, deformation is of great importance because such non-uniform
many approaches to improve the ambient temperature material deformation creates voids or damages on the surface that eventually
properties of NiAl have been investigated (Darolia, 1991 and Darolia, lead to initiation of fracture. In single crystals of NiAc , significant
et. al. 1992). A detailed survey of literature and a critical review of the lattice rotation is observed especially when deforration occurs by slip
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in a single slip system. These lattice rotations can result in orientation I
or geometric softening that promotes various forms of localized where, R2=)=L:pc1 + , =P =(s•=1 'm(=1 +m1 " 's')"

eformation. Common forms of localization observed in single
crystals are necking, shear localization and kink bands. Macroscopic P) is the slip direction vector and M€a) is the slip plane normal
shc-r bands have not been observed experimentally in NiAI, however i p o rs lr
it is possible that microscopic shear localizations may be responsible vector.for tres cncenratonsand rac intiaton.Kin bans hve eenFor a strain rate dependent material of the single crystal, the slipfor stress concentrations an d crack initiation. K ink bands have beenra e o th - si sy em s a su d to b rl t d to he e o v d
observed in NiAl single crystals subjected to compressive loads along
the orientations very close to the hard-orientation, shear stress by power law (Pan and Rice, 1983)

In this paper, we have investigated various modes of localized and
diffused deformation observed in NiAI and studied the role of various , ( a ((a)) r(d•|2

parameters such as lattice orientation, rate sensitivity, latent hardening r ,(.) (2.5)

ratio etc. in promoting these modes of deformation. A rate-dependent L ..Ijlr, J
constitutive model for single crystals was implemented into ABAQUS
[I], a commercial finite element code that is capable of modeling large
deformation and large strains. The rate dependent constitutive where, m is the rate sensitivity parameter, r (a) is the critical
equation was integrated using forward gradient method which has resolved shear stress for the slip system a, ,ti) is a reference strain
been found to be effective (Pierce et al 1983 and Wenner, 1993) rate on each slip systems. The shear rate j in each slip system is
provided sufficiently small time-steps are used for the time
integration. For the simulation of localizations (shear band and kink uniquely determined by power law Eq. (2.5). For a rate dependent
band) we used incompatible elements (Simo and Rifai, 1990) model, the rate of increase of the function r,(" has therefore been"
available in ABAQUS. These elements have been found to be specified as (Pierce et al, 1982),
particularly suitable for modeling incompressible behavior and for
modeling strain localizations (Simo and Armero, 1992). = (2.6)

2. CONSTITUTIVE MODELING The form of hardening moduli h matrix commonly used is
In this section, we present a constitutive model for the elastic-

plastic mechanical behavior of NiAI single crystals. The formulation (Hutchinson, 1970),

used here is based on the well established rate dependent model for
Q single crystals (Pierce et al, 1983 and Asaro, 1983). h.0 = qh + (l -q)hr,,, (2.7)

The Jaumann rate of Kirchoff stress of single crystal can be

related~to the elastic rate of stretching by-Hookre's law, oaV = L: D". where, q is the latent hardening ratio. The hardening rate, h is the
Here L is the 4th order tensor of elastic moduli. Jaumann stress rate of rate of change of critical resolved shear stress with shear strain. The
Kirchoff stress v with respect to a coordinate that spins with the hardening curve ;=(y) and hardening rate h(y) for single slip in such
lattice is defined as materials is often represented using the following equations

cr='-(2.cy+o'*!- (2.1) r,(y) = r. +(r, -r.)tanhl hot) and
(Ts -- 'o)

S is material rate of Kirchoff stress and Q' is the the rate of spin
tensor. The Jaumann stress rate of Kirchoff stress that spins with the (ho
material is given by h(r) = ho seh 2 ' (. ,-0  (2.8)

a'• = 6-- Q.a+ 0. (2.2)

The difference between these two expressions is: 3. NECK DIFFUSION IN NIAL

Finite element simulation of the deformation of the tensile

specimen along various orientations were performed and compared
V. V (. a (2.3) with experimental data (Levit et al. 1996, Winton, 1995). The factors

that most significantly affect the deformation mode include the rate

sensitivity parameter (m), the latent hardening ratio (q) and the

where, 9' = W`*) or-a-a. W(*) hardening curve (-r vs y) of the material.

Finally, the constitutive equation may be stated as:

V =L:D- r(')R(') (2.4)



Depending on the orientation of the tensile load with respect to
the lattice of the crystal, different slip systems are activated. NiAI -.

-xhibits low ductility and low fracture toughness near room
temperature. Significant ductility is obtained only above 200*C.

Tensile test in two orientation [557] and [110] were simulated for

temperatures above 2000C and compared with experimental results.
Very large strains were obtained with some diffused necking for both
orientations. Detailed experimental study by Levit (1996) indicates
that necks that form initially spread or diffuse at larger strains. Finite
element simulation of these tensile tests are described in the next two
sub-sections.

"Figure 3. (a) Contour plot of crystal lattice
""0* -... ,..,., rotation (b) Contour plot of strain in Y-

"'I -.. i direction (at 64 % nominal strain , [557]
orientation)

" .. . rotation that occurs during single slip. Numerical simulation based on
our finite element model confirms this phenomenon. The load versus
deformation curve obtained numerically has identical shape. Figure 3

Figure 2 (a) Load vs. Elongation in the (a) shows the deformed specimen with contour plot of lattice rotation.
[557] The direction of the lattice rotation is such that the Schmid factor

]orientation decreases. As a result, a higher tensile load is required to produce the
_0_ resolved shear stress necessary for slip on the active slip plane. The

35 .resulting increase in yield stress along the tensile direction (referred to
30! as "orientation hardening") prevents further deformation at the neck
2S causing the neck to spread. Figure 3 (b) shows the contour plots of

2 2 strain in y direction. It can be seen that the deformation is more or less
.• o, uniform within the gauge length.

oam Q5 3 ,44S 0 7 5 3.2 Work Hardening
Sh.*,,-, Tensile elongation along the [110] direction activates the

F { 100}<001> slip system. However, unlike in the previous case,
Figure 2 (b) Shear stress vs shear elongation in this direction produces double slip. Both the (100) and

strain for the simulation (010) planes become active simultaneously since the Schmid factor for

both these planes are identical. Furthermore, no lattice rotation occurs
because these planes are located symmetrically about the tensile axes

3.1 Orientation Hardening
Loading along <557> orientation activates (110}<001> slip

system resulting in single slip. Several numerical simulations of 250

deformation along [557] direction were performed using the 200
hardening curve in Eq. (2.8) while varying the values of the Z 150
parameters to, c, ho. Figure 2 (a) shows the close match between the % 1 a- Snin0(3tM0ip)
load vs. elongation curve obtained experimentally and numerically., "j 50rx.m3Lp-.wip)

Figure 2 (b) shows the hardening curve that was used for the 0
numerical simulation where -r = 38 MPa, .to = 26 MPa, ho = 110 Mpa. tD C-4

The load versus elongation curve obtained for [557] orientation 1- 0 C-
increases to a peak and then decreases gradually to a minimum before -

increasing again (see Fig. 2 a). The drop in load after the peak load is E oa (rrn
due to localized deformation that results in a neck. However, the neck
spreads after the initial localization. This behavior has been Figure 4. Load vs. elongation for loading along [110]

experimentally observed (Levit et al 1996) and explained in terms of orientation ..

the orientation hardening that results from the large amount of lattice
and identical amount of slip occurs in both slip planes. The load



versus elongation curve obtained experimentally (Levit et al) seems to Figure 4 shows the load vs. elongation curves obtained using 2D
suggest considerable work hardening. Simulation of the elongation model and 3D models. When only the two {100)<001> slip systems

S long [110] using the hardening curve used earlier (Fig. 2b) and q = I are modeled, the load elongation curve for both 2D and 3D models are
"yielded poor results at large strains as seen in Fig. 4. almost identical. However, when all six slip systems are allowed to be

(a) (b) (c) (a) (b) (c)Figure 5. (a)deformed mesh (b) strain Figure 6. (a) deformed mesh (b) strain in Y-dir

in Y-dir (c) stress in Y-dir (q=1.0, at (c) stress in Y-dir. at 20% nominal strain
20% nominal strain)

active, the (I l0)<001> slip system becomes active after a significant
amount of deformation. This causes significant latent hardening on the

The numerically obtained load-elongation curve predicts the {100)<001> slip systems resulting in a overall higher work hardening

initial peak followed by a load drop. However, the load increases at as can be seen in Fig. 4. It is hypothesized that this enhanced work

higher strains for the experimental specimen, while it drops due to a hardening due to activation of ( 1l0}<001> slip systems is responsible

sharp neck for the numerical simulation. Increasing the latent of spreading of the neck and rising of the load elongation curve at

hardening parameter moves the load versus elongation curve upwards large deformations as seen experimentally. To obtain a good match

but does not result in the desired increase in load at large deformation. between experimental curve and simulation curve, appropriate values

This suggests that there is considerable work hardening for the for the four latent hardening ratios need to be determined. Further

{100)<001> slip system The initial drop in load seen in the
experimental curve was due to neck formation. The subsequent
increase in load at large deformation was accompanied by spreading M

of the neck. This requires an unusually high rate of hardening at large P9
strains. It is possible that this increased hardening is associated with
activation of {ll0}<001> slip planes at large deformation. Since
activation of {110) planes result in non-planar deformation, a 3-
dimensional finite element model of the single crystal is required to
simulate the deformation and confirm this hypothesis. Figure 5, shows
the results of 2D simulation of deformation along [110] direction.

4. 3D SIMULATION OF TENSILE TEST (a) (b) (c)

For NiAI crystal loaded along [110] direction, there are four Figure7 (a) deformed mesh (b) strain in Y dir

S110)<001> type slip systems that can become active in addition to (c) stress in Y dir at 20% nominal strain

the two {100}<001> slip systems. If all the six slip systems are (q..= qb. = 1.0, qbb= 1.4, qcab= 0.6)

activated simultaneously, the resultant deformation is 3 dimensional
requiring a 3D finite element model. In addition, the work hardening,
model becomes complicated since we need to account for the latent research is required to fully understand their effect in the mode of
hardening of ( 110)},001> slip systems when <100><001> slip system deformation.
is activated and vice versa. We use the notation q%, q%', qbý and qbb to Figure 6 and 7 shows the results of 3D simulation of tensile test

denote the four possible latent hardening ratios, where q•, is the ratio along [110] direction. Figure 6 shows the deformation when only the
of hardening in slip system 'a' when slip system 'b' is active etc. We { 100)<001> slip systems are active. With only primary slip systems
denote slip systems (110}<001> using 'a' and slip systems {I00)<010> active, both 2D (Fig. 5) and 3D (Fig. 6) models, predict
{100)<001> using 'b'. necking at the top and bottom of the gauge length at 20% elongation.

However, when the secondary slip systems { 10)<001> are activated
more hardening occurs and that resists neck formation as can be seen
in Fig. 7.(



5. DEFORMATION ALONG HARD ORIENTATION 5. SUMMARY AND CONCLUSION
Kinking is a highly localized form of deformation that has been

( •bserved in NiAl during compression near the hard orientation (<100> ...

direction) (Frasier et al, 1973a,b). When compressed along the hard
orient'ation, the resolved shear stress along <001> directions is zero. jj:7: :E
As a result glide occurs along other directions such as <111> or I
<110> (Miracle, 1993). However, if the direction of compression is
misaligned slightly from the <001> direction, either (110}<001> or ....
(100}<001> systems can get activated depending on the direction of
misalignment. Such misalignment has been observed to favor kinking.
Experimental studies by Fraser et al (1973), shows that deformation in
the kink band occurs on {110) planes due to slip along the <100>
direction parallel to the compression axes. However, all three <100>
dislocations have been observed experimentally (Miracle, 1993). (a) (b)

Figure 9. Contour plot of crystal lattice
rotation at 2.265% nominal strain (a) double
slip (0=80', 1700) (b) single slip (0=850)

Deformation of NiA1 single crystals were studied using finite
element simulations. Tensile loading of NiAI single crystals along
[557] and [110] crystal orientations were simulated. The numerically
simulated load vs. elongation curve matched well with experiment for
elongation along the [557] direction. Simulation of elongation in the
[110] direction, with the assumption that only {100}<001> slip

(a) (b) (c) systems are activated, did not agree with experimental dita. The
Figure 8. Deformed mesh with 1 0°off from increase in load at large deformation observed experimentally requires
compression axes (a) 0.4 % nominal unusually large work hardening at large deformation. Three-
strain (b) 2.76 % nominal strain (c) 7.5 % dimensional simulation of the specimen suggests that activation of
nominal strain {110}<001> systems results in more hardening at large deformation

( due to latent hardening effect.
Simulation of kinking during compression along directions closeKinking can be explained in terms of orientation softening that totehr-inainofhecyalevldtatkkbnsmyto the hard-orientation of the crystal revealed that kink bands may

occurs due to large lattice rotation. Once a slip system is activated, the form due to either single slip along ( 10)<001> slip system or due to
lattice rotation increases the resolved shear stress in that system, double slip in {100}<001> slip system. In both cases, the direction of
making it softer so that activation of the other possible systems are - lattice rotation is such that orientation softening occurs which leads to
unlikely. When non-uniform deformation is induced due to specimen deformation localization. Low rate sensitivity and low hardening were
geometry or imperfections, the region where more lattice rotation found to promote kink band formation.
occurs due to higher strains becomes softer than the rest of the
specimen causing further deformation to localize in this region. The
exact location of the formation of the band depends on the applied 6. ACKNOWLEDGMENTS
imperfection. This research benefited greatly from discussions with Dr. F.

When a {l l0}<001> slip system is activated, single slip occurs Ebrahimi, Dr. M. J. Kaufman and Dr. V. I. Levit. Assistance from
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were performed for both these situations with compressive load Scientific Research (URI Grant No. F49620-93-1-0309) is gratefully
applied along directions misaligned by 5-10' from the [001] direction. acknowledged.
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Introduction

The intermetallic compound f3-NiA1 continues to receive considerable attention in spite of its lack of
room temperature toughness and high temperature strength. Although the dislocations are mobile at
room temperature (1-2), the lack of a sufficient number of slip systems precludes significant elongation
in single and polycrystalline NiAl except in single crystals under special conditions (1). In the case of
polycrystals of stoichiometric NiAl, the room temperature fracture tends to be mostly intergranular; this
has been related to the stresses that build up at the grain boundaries during plastic deformation due to
the lack of active independent deformation mechanisms or the possibility that the grain boundaries are
intrinsically weak. According to Vitek and Yan (3), the proposed intrinsic brittleness of NiAl bound-
aries has yet to be unambiguously explained. The present study was designed to establish the condition
of grain boundary fracture by performing tensile tests at different temperatures and strain rates on
bicrystals of NiAl containing natural boundaries produced by Bridgman growth. This approach was
selected based on the previous work on NiAl bicrystals produced by diffusion bonding/brazing (4-6)
and Bridgman growth (7). In some cases, these boundaries were reportedly enriched in nickel although
it is unclear, based on the limited atomistic modeling efforts to date (4), whether this is a result of
sample processing or is a characteristic of this compound. Furthermore, the previous studies of slip
behavior were performed in compression which is less suitable for examining the relative strength of
the grain boundaries (5).

Experimental Procedure

All bicrystals and their seeds were grown using stoichiometric NiAI feedstock that had been produced
initially by vacuum induction melting. Hemi-cylindrical single crystal seed halves were cut from
oriented single crystals of the desired orientation. All orientations were measured using standard
back-reflection Laue methods. After unsuccessful attempts to weld the two seeds together prior to
growth, the seed halves were simply set in a cylindrical, pure alumina crucible of 28 mm internal
diameter. The seeds welded together upon melting of the overlying charge material and the bicrystals
were then Bridgman grown in purified argon. This produced a bicrystal containing a "natural" boundary
as shown in Figure 1. The withdrawal rate was varied in order to determine its influence on boundary
declination (see Table 1). Two orientations of tensile samples were cut with the desired orientation from
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Figure I. Top view of bicrystal ingot BI-5 where both grains were grown along [ 110]. The flat region corresponds to a cut made
approximately parallel to (001).

sample BI-5 with the grain boundary approximately perpendicular to the tensile axis (see Figures 1 and
2). After heat treating at -1300'C for three hours and furnace cooling, tensile samples with rectangular
sections were cut from BI-5 with a wire electro-discharge machine (EDM) as shown in Figure 2. The
other bicyrstals (BI-1 to BI-4) were not-tested due to the boundary declination. Samples were electropolished
in a 90% methanol, 10% perchloric acid solution to remove at least 0.1 mm from the entire sample surface.

The samples were tested in an Instron Model 1125 unit from room temperature up to 1000'C in air
and at nominal strain rates of _ 10-3 to _ 10-5 S-1. Since no plastic strain was observed in the [001]
grain, all calculations assume an effective gage length of 5 mm. For comparison, (001) and (110) single
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Figure 2. (a) Tensile specimen orientations, approximate dimensions after electropolishing, and slip systems (Grain A) for
bicrystal BI-5. Type I and Type II orientations are similar but rotated 90° relative to each other. (b) Half-stereograms representing
the orientations of the two bicrystal grains in a Type I bicrystal specimen. As indicated, the grain boundary is parallel to the
equator in this split projection.
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TABLE 1
Grain Boundary Orientation, Withdrawal Rate, and Boundary Declination for NiAI Bicrystals

Bicrystal Grain A Grain A Grain B Grain B Withdrawal Rate
I.D. Orientation Interface Orientation Interface (mm/min) Comments

BI-I (110) 1110) (001) (110) 3.5 Grain A declined moderately
BI-2 (110) 1110) (001) 1110) 5.0 Grain A declined completely*
BI-3 (110) 1110) (001) (110) 0.8 Grain A declined slightly
BI-4 (110) (110) (001) (100) 0.8 Grain B declined moderately
BI-5 (110) [110) (110) (001) 1.1 Little divergence

*Several new grains also formed.

".-.crystals were tested using the same processifig, geometry, specimen shape and preparation, and testing
conditions. In order to measure strain distribution along each grain and across the grain boundary, two
of the bicrystal samples were marked using a microhardness indentor at 50 Am intervals from the grain
boundary towards the sample heads. After indenting, these specimens were annealed at 500'C for 30
minutes before testing in order to relieve stresses induced by the indentor and then cooled to 250°C for
testing. Measurements of the spacing between the indentations were made before and at several points
during the- testing at -- 10.4 s-.

Results and Discussion

The influences of orientation and withdrawal rate on the divergence of the original boundary plane from
the growth axis are summarized in Table 1. By using a slow growth rate and the same growth direction,
a { 110)-{001) grain interface can be maintained during growth. A top view of BI-5 (Figure 1) indicates
that the grain boundary is reasonably planar and orthogonal to the two tensile directions. Tensile
directions of (110) and (001) were chosen for comparison with the previous work by Miracle who
attempted to observe slip behavior near boundaries parallel to the (001) using compression specimens
(5). Furthermore, neither grain experiences any rotation during plastic deformation; such rotations are
known to lead to premature fracture due to the torques that develop within the sample (8). As seen in
Figures 1 and 2, the grain oriented with its tensile axis along [-I 10] will be referred to as "Grain A"
and the grain oriented with its tensile axis along the [001] will be referred to as "Grain B". The tensile
data for the bicrystal samples (Figure 3) indicate that the yield stress decreases monotonically with
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Figure 3. Yield stress (0.2%) versus temperature for Type I and Type 11 bicrystals and (110) single crystals tested at - 10-3 s-1.
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TABLE 2

Compositions of Bicrystal BI-5 (Type I and II) and sc-(l 10)

Sample Group Ni. At % Al, At % Si (ppm) C (ppm) 0 (pm) N (ppm)

BI-5 Type 1 50.1 49.8 308 94 70 10
BI-5 Type II 50.0 49.9 416 267 122 20

SC (110) 50.6 49.3 240 180 81 <15

increasing temperature. The differences between the yield stresses for the bicrystals and the (110) single
crystals may be due to slight variations in composition (Table 2), strain rate, "effective" gage length and
geometry.

If the data in Figure 3 are re-plotted with the yield stress for (001) single crystals, it appears that the
stresses converge with increasing temperature (Figure 4). Thus, it was anticipated that there might be
a temperature where Grain A work hardens enough to increase the load up to the level needed to initiate
plastic deformation in Grain B. However, at these temperatures and strain rates, Grain A undergoes
strain localization which results in a lowering of the stress in Grain B. The elongation versus
temperature (Figure 5) indicates that, above 250'C, there is a jump in elongation as Grain A deforms
extensively. Below 250'C, fracture at the grain boundary prevents extensive elongation in Grain A. It
should be noted from Figures 3 and 4 that the behavior of Type I and Type II bicrystals is similar over
the temperatures tested. Since, for temperatures below 400'C, the CRSS values for (001) single crystals
are significantly higher than those for (110) crystals (Figure 4), then the bicrystals are expected to
behave like (110) single crystals.

Because it was unclear what would happen near the grain boundary, testing using the specimens
which had been indented at 50 /gm intervals was performed. The spacing between these points at
different periods during testing are shown in Figure 6 (this method is described elsewhere (8)). The two
peaks in elongation in Grain A on the right side of Figure 6 indicate the formation of two necks during
deformation. Similar multiple necks are common in (110) single crystals of NiAl when tested at

S , elevated temperatures (8). Since there is clearly no plastic deformation in Grain B, the use of the 5 mm
gage length assumed earlier is further justified. The type of fracture depends on both the temperature
and strain rate and occurs either at the grain boundary or in Grain A after strain localization (Figure 7).
Above 300'C, the fracture always occurred in Grain A, whereas below 100°C, the fracture occurred at
the grain boundary. Between 100°C and 300'C, the probability of grain boundary fracture increases
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Figure 4. Yield stress (0.2%) versus temperature for (110) and (001) single crystals and [001 -[1101 bicrystals. Strain rate - 10'
s- except for the (001) tests performed at -10-4 s- .
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Figure 5. Elongation versus temperature for Type I and Type II bicrystal samples tested at -10-3 s-'.

with decreasing temperature and increasing strain rate. A typical specimen that broke at the grain
boundary is shown in Figure 8 where the lack of localized plastic deformation in Grain A is apparent.

In the cases where grain boundary fracture occurred, it was common to observe significant strain in
Grain A preceding fracture (Figures 5 and 7); this indicates that the boundary strength is greater than

' "the initial matrix strength. Specifically, these fractures occur when the incompatibility stresses that
develop at the boundaries reach a critical level. It is clear from Figure 7 that the tests at 10-5s-I were
sufficiently slow to allow thermally activated dislocation movement at 150-200'C to relieve the stress
concentrations at the grain boundaries. Since decreasing the strain rate does not increase the probability
of fracture at the grain boundary, there is clearly no moisture-induced embrittlement in NiAL, unlike
FeAI tested in laboratory air (9). It should be noted that hydrogen has been reported to embrittle special
boundaries in NiAI bicrystals (10).

The fracture stresses are plotted in Figure 9 and suggest that the intrinsic grain boundary strengthC mdecreases from 190 MPa to 160 MPa as the temperature is increased from ambient to 250'C at a strain
rate of _16-3 s-I. The room temperature tests at three different strain rates seem to indicate that the
strength of the boundary is not very sensitive to strain rate and is in the range of 190 to 210 MPa.
Analysis of the elastic and plastic constraints at bicrystal grain boundaries in Al (2) and Fe-3%Si (1,11)
has shown that additional slip systems may operate near the boundaries in order to accommodate these
stresses related to incompatibility. Since there are not five independent slip systems for general plastic
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Figure 6. Relative deformation of Grain B (left side) and Grain A (right side) while testing at 2500 C and -10- 4 s-1. Initial
spacing was 50 j±m.
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Figure 7. Effects of temperature and strain rate on location of fracture. Numbers indicate percent elongation at fracture.

deformation in NiAI, this accommodation occurs by a thermally activated process (e.g., climb). A plane
strain condition appears to hold since deformation occurs only in two directions (Figure 10), and even
after extensive deformation, the sample remains rectangular, as noted elsewhere (8). Figure 10
illustrates this effect where orienting the slip planes relative to the face or side of the rectangular tensile
sample alters the orientation of the neck with respect to the specimen heads.

At temperatures above 700'C, the different oxide thicknesses on the two grains made the boundary
location even more apparent. Since Grain B did not deform in these studies, further bicrystal testing
with grains oriented for (557)-(557), (110}-(5571, and (001)-(001) systems is in progress to examine
the effects of geometry, slip transition and compatibility when both grains deform simultaneously.

Conclusions

C : The present results can be used to draw the following conclusions:
1. NiA1 bicrystals with specific orientations can be grown by the Bridgman method with careful

selection of growth direction and withdrawal rate.
2. The {001 )-( 1101 grain boundaries in NiAl are not intrinsically brittle and have apparent fracture

stresses in the range of 190 to 210 MPa for strain rates from _10-3 to 10-5 S-I.
3. For a (001}-[110) grain boundary, the temperature range for transition of fracture from

intergranular to intragranular varies between 100°C and 300°C depending on strain rate.
4. Unlike Ni 3A1 and FeA1, there is no apparent environmental embrittlement in NiAI.

Figure 8. Type I sample tested at room temperature and 10's' showing fracture at the grain boundary. Sample halves are
brought close together to illustrate the lack of localized deformation in Grain A.
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Figure 9. Fracture stress for samples which broke at the grain boundary.
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r Investigation of Localized
U... Chuho Yang Deform ation in- NiAI

(\ Vijay B. R. Seelam Single Crystals
SAshok V. KDmar Deformation of NiAl single crystals was studied using finite element analysis to

A•,s s V.t K.umar investigate the modes of localized deformation. Constitutive parameters and harden-
Fb* + -Cing characteristics of the active slip systems were estimated by comparing numerical

Department of Mechanical Engineering, simulation results with experimental results. Defor'mation of tensile specimens of NiAI
Universily of Florida3 single crystal was simulated when loaded along different crystal orientations toGainesville, FL 32611-

understand the deformation mechanism that result in various localized modes of
deformation. In particular, the formation of shear bands and kink bands was studied
and the material and geometric characteristics that influence the formation of such
localization were investigated.

1 Introduction have since been implemented using finite element method tosimulate deformation and to predict and study nonhomogeneous
NiAl has gained much attention as a potential structural mate- deformation and to predict and st neus

rial due to its desirable material characteristics such as high in'singet crystals. Mostiof th e p s ies he
melting point, low density, good oxidation resistance, and excel- used these methods to simulate deformation in fcc (Pierce et

lent mechanical properties at high temperatures including hard- al
ness, toughness, thermal stability, and ductility. It has been paper, we have investigated various modes of localized and

considered a possible alterative to nickel-based superalloys for diffused deformation observed in NiAI and studied the role of
buildine turbine blades where due to lower weiuht and higher various parameters such as lattice orientation, rate sensitivity.

latent hardening ratio etc. in promoting these modes of deforma-operating temperatures it is expected to provide increased en- - A . nopromutgte mode s fr defrma-
gine thermodynamic efficiency. To find application as a com- wa rae-entdnto const [ mo e rl foingle l-
mercial structural material, it should have desirable structural as implemented into ABAQUS [1o , a commercial finite ele-properties over a range of working temperature. However, NiAl ment code that is capable of modeling lare deformation andproprtieo C large strains. The rate dependent constitutive equation was inte-
atures. The tensile plastic strain before fracture at room tempera- 'rated using forward gradient method which has been found to
ture is typically 0.5-2.5 percent (Lahrman, 1991 and Miracle, be effective (Pierce et al., 1983 and Wenner, 1993) provided
ture To understand its 05. pe ct(larn, 199i a ndMra sufficiently small time-steps are used for the time integration.S1993). Tunesadislow ductility, it is desirable to under- Frtesmlto flclztos(ha adadkn ad
stand the deformation mechanism responsible for its mechanical For the simulation of localizations (shear band and kink band)
behavior over a broad range of temperatures. Many modes of we used incompatible elements (Simo and Rifai. 1990) avail-
nonuniform deformation such as necking, localized shear, kink- able in ABAQUS. These elements have been found to be partic-
ing etc. have been observed in NiAI single crystals.These local- ularly suitable for modeling incompressible behavior and for
ized deformations contribute significantly to the total plastic modeling strain localizations (Simo and Armero, 1992) so that
strind devermatonsontuafiure (Miracale, 1993). Signifnth tepstie the results were not very sensitive to the mesh. Our implementa-strain a n d e v e n tu a l fa ilu re (M irac le , 19 9 3 ). S ig n ifi c an t te n sile ti n o th c ns tu v e q a i n i n A Q U w s v r f ed b
ductility is obtained only at and above 473 K (Wasilewski, tion of the constitutive equation in ABAQUS was verified by
1967, Lahrman, 1991, etc.). Therefore, many approaches to reproducing results from other papers where similarconstitutive
improve the ambient temperature material properties of NiAI equation was used (Asaro, 1983; Pierce et al., 1983: Deve et
have been investigated (Darolia, 1991 and Darolia et al.. 1992). al., 1988 etc.).
A detailed survey of the literature and a critical review of the
physical and mechanical properties of NiA1 have been presented 2 Constitutive Modeling
by Miracle (1993). In this section, we present a constitutive model for the elastic-

NiA1 has a B2 type ordered crystal structure (see Fig. I) plastic mechanical behavior of NiAl single crystals. The formu-
similar to body centered cubic (bcc) crystals. Mechanical prop- lation used here is based on the well-established rate dependent
erties of NiAI single crystals vary with respect to the orientation model for single crystals (Pierce etal., 1983 and Asaro. 1983).
of crystal lattice. Plastic deformation in NiA1 occurs predomi- The following section clarifies the notations and details of the
nantly due to slip in the (001) directions along either [ 110) or constitutive equation that was implemented for simulating NiAI
(100) planes when loaded along non-(001 ) direction (or soft single crystals.
orientations). NiAI crystal subjected to loading along the (001)
direction (hai'd orientation) shows high flow stress at low tem- 2.1 Kinematics of Crystalline Deformation. For de-
peratures and enhanced creep strength at elevated temperatures. scribing the kinematics of single crystals it is convenient to
In this orientation, deformation occurs by non-(001) disloca- decompose the deformation gradient (F) of the deformed crystal
tion. into two components (Lee, 1969): F* the elastic stretching and

Asaro (1983) has reviewed the development and the theoreti- rigid body rotation of the crystal lattice and FP the deformation
cal basis of crystal plasticity. These theoretical formulations solely by plastic shearing so that F = F*. FP. A particular slip

system, a•, is specified by the vectors (s"n. m ), where. s'is the slip direction vector and m`• gives slip plane normal
Contributed by the Materials Division for publication in the JOURNAL OF sNve. p

MTECHOLOY. Manuscript by vector. The vectors s") and m" are taken to be orthonornal in
tDivision April 8. 1997: revised manuscript received February 2, 1998. Associate the undeformed lattice. As the crystal deforms, the slip direction
Technical Editor: S. Data. vector s(.) convects with the lattice deformation F* and de-
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Ni Atom resolved shear stress by power law (Pan and Rice, 1983)

.. Al Atom ,,,-, -, (1)

[,,20100
where m is the rate sensitivity parameter, -rl'' is the critical

_1.0]resolved shear stress for theslip system a, a` is a reference
)(110) strain rate on each slip systems. The resolved shear stress on

the slip system is r (*' = s V,,. .r, mrt,". The shear rate in
Fig. I NiAI crystal structure each slip system is uniquely determined by power law Eq.

(2.10), and is nonvanishing as long as the resolved shear stress
on that system is not identically zero. The critical resolved shear

formed slip direction s'*`is given as F*- s` and the deformed stress r'.` for each slip sysiem of the material increases with
slip plane normal vector m*."' is given as mni)- (F*)-. plastic deformation due to work hardening. The hardening curve

The total velocity gradient L in the current configuration can needs to be determined for each possible slip system so that
be decomposed into D, the rate of stretching and 11 the rate of r C can be expressed as a function of the plastic shear in that
spin. slip systems rT," = g(y ,I"). However, when more than one

slip system is active, hardening in each slip system is a cumula-
L = '-F- F*-' + F*.-P.FP-'I.F*-I (2.1) tive effect of slip in all the active slip systems. For a rate

dependent model, the rate of increase of the function r.,` has
L = D + F! = L* + LP (2.2) therefore been gpeeified as.(Pierce et al.. 1982), C

where, L* is the component of the velocity gradient associated
with the elastic deformation and rotation while U is the velocity ,= / h jAI (2.11h)
gradient due to plastic shearing. Since plastic deformation oc- =
curs solely by shear along the slip planes, the plastic part of The form of hardening moduli hoa matrix commonly used is
the velocity gradient can be written as, (Hutchinson, 1970),

LP = DP + SI P I,(*)(s*(@).m*T •o) (2.3) h = qh + (1 - q)h6, (2.12)

,=I where q is the latent hardening ratio. Hardening that occurs in
where, -?` is the rate of shearing on the slip system a, as a slip system due to shear in another slip system is referred to
measured relative to the lattice. Finally, the plastic part of as latent hardening as opposed to self-hardening which occurs
stretching (symmetric) and the spin (skew - symmetric) are due to self-activation. The parameter q is the ratio of latent
given by, " hardening to self-hardening. The hardening rate, h is the rate

of change of critical resolved shear stress with shear strain. Two
DP= • j,(Oi'P( and QP = j(*)-W(* (2.4) types of hardening curve were used in our implementation to

model hardening in NiAI single crystals. For materials that ex-
S where hibit very small strain hardening. the hardening rate decreases

rapidly to zero and the critical resolved shear stress reaches a
Val= (s`)'m-r) + mnW-sr1 ) and saturation value -r,. The hardening curve -r,(-y) and hardening

rate .h(y) for single slip in such materials is often represented*) ---- ½(s(*i'm ) - m(-sr ) (2.5) using the following equations

2.2 Constitutive Laws. The Jaumann rate of Kirchhoff "j(y) = "to + (r, - to) tanh ( hoy and
stress of single crystal can be related to the elastic rate of T, - TO

stretching by Hooke's law, cr" = L:D*. Here L is the fourth-
order tensor of elastic moduli. Jaumann stress rate of Kirchhoff h(y), = ho sec It hoy (2.13)
stress ar . with respect to a coordinate that spins with the lattice (2.13T
is defined as

For materials that exhibit significant hardening. a power law
6- *-a + a-P (2.6) reig oe aequation is more appropriate to represent the hardening behavior

6r is material rate of Kirchhoff stress. The Jaumann stress rate (Pierce et al., 1982). The hardening curve 7,(-y) and hardening
of Kirchhoff stress that spins with the material is given by rate h(y) is given below, where n is the hardening exponent.

a - rO(2.7) (a
(r,-() = 70o 1 ')' + I and

The difference between these two expressions is: \nTo Y

'- ' -t =•l*,•° where,h ht "-h(-y) = (2,o + I (2.14)
• ~ ~ ~ o * /1)=W*'- 'W(a) (2.8)

Finally, the constitutive equation may be stated as:

3 Determination of Constitutive Parameters
r = L:D - i,()R(aI where The kinematics of single crystal deformation and constitutive

models based on Schmid's law are now well established and
RCA) - L:Pt*) +/ (2.9) have been used to simulate deformation of fcc and bcc single

crystals (Pierce et al., 1983; Asaro, 1983; Deve, 1988 etc.).
For a strain rate dependent material of the single crystal, the Such models are capable of simulating experimentally observed

..... "......... .Transactions of the ASME
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r~E i in yield stress along the tensile direction (referred to as "'orien-

tation hardening") prevents further deformation at the -neck
-causing the neck to spread. It can be seen (Fig. 2(b)) that the

deformation is more or less uniform within the gage length.

The specimen used in the experimentation and in the above

model has a gage length 15 mm long- 1.4 mm wide and 2.4

.Z.? mm thick. Plane stress conditions were assumed in the model.

The nodes along the lower flange edge were fixed so that they

( .do not move in the axial direction. A displacement rate was

applied to the nodes along the top flange edge. The central node

of the top and lower edge of the flange was fixed not to move

in any direction. For all the.simulations, the following imperfec-

ez tion or inhomogenity in the- width of the specimen was intro-

duced similar to that used by Tvergaard et al. ( 1981).

(a) (b) Aho = ht, cos ( / + ýcos (3.1)

Fig. 2 Deformed specimen at 64 percent nominal strain ([557] orienta-

tion). Contour plot of (a) lattice rotation; (b) strain in axial direction
Figure 3 shows the close match between the load vs. elonga-

tion curve obtained experimentally and numerically. For this

modes of deformation in single crystals. However, the aicurc~y simulation the following parameters values were used in the

of the simulated results is limited by the accuracy with which hardening curve: -r, = 38 MPa, 'o "= 26 MPa, hI = 110 Mpa.

the constitutive parameters can be determined. The deformation The load versus elongation curve obtained for [557] orienta-

pattern obtainedrnumerically for single crystals of different ma- tion increases to a peak and then decreases gradually to a mini-

terials vary due to the differences in constitutive parameters mum before increasing again (see Fig. 3). The drop in load

and due to differences in the operative slips systems. The factors after the peak load is due to localized deformation that results

that most significantly affect the deformation mode include the in a neck. However, the neck spreads after the initial localiza-

rate sensitivity parameter (m), the latent hardening (q) and the tion. This behavior has been experimentally observed (Levit et

hardening curve (",. versus y) of the material. al., 1996) and can be explained in terms of the orientation

The rate sensitivity parameter m can be determined experi- hardening that results from the large amount of lattice rotation

mentally. For NiAI, Levit et al. (1996) have reported values of that occurs during single slip. Numerical simulation based on

in ranging from 0.02 at ambient temperature to 0.12 at 1073 K. our finite element model confirms this phenomenon.

Rate sensitivity has also been found to vajy considerably due Tensile elongation of NiAI single crystal along the [110]

to impurities such as Si. Presence of impurities lower the rate direction activates the (100)(001) slip system. However, un-

sensitivity of NiAl. like for [557) direction, elongation in this direction produces

Experimental evidence (Winton, 1995) suggests that the ini- double slip. Both the (100) and (010) planes become active

tial critical resolved shear stress r7 is the same for both the simultaneously since the Schmid factor for both these planes

(110)(001) and the (1001(001) slip systems that are usually are identical. Furthermore, no lattice rotation occurs because

activated during plastic deformation of NiAI single crystals. these planes are located symmetrically about the tensile axes

Loading directions such as (557) that activate (110] (001) slip and identical amount of slip occurs in both slip planes. The

system results in single slip. This provides an opportunity to load versus elongation curve obtained experimentally (Levit et

determine the hardening curye for this slip system from experi- al.) seems to suggest considerable work hardening. Determining

mentally obtained load-elongation curves. At intermediate tem- the hardening curve however is not straightforward due to un-

peratures (400-700 K). extremely high tensile elongation certainty about the contribution of latent hardening to the total

(100-350%) has been obtained for specimens loaded along the hardening observed. Simulation of the elongation along [110]

[557] direction. Determination of the hardening curve (r vs y) using the hardening curve used earlier for (110)(001) slip

from the load versus elongation curve is difficult due to the system and q = I yielded poor results at large strains as seen

large amount of lattice rotation accompanying the deformation. in Fig. 5. The numerically obtained load-elongation cure pre-

This lattice rotation changes the Schmid factor continuously dicts the initial peak followed by a load drop. However, the
during deformation. Furthermore, one has to account for strain load increases at higher strains for the experimental specimen.

localization to accurately determine the true stress and true while it drops due to a sharp neck for the numerical simulation.

strain developed in the specimen during the deformation. Levit Increasing the latent hardening parameter moves the load versus
et al. [17] have experimentally measured strain localization and elongation curve upwards but does not result in the desired

determined the lattice rotation using electron back scattering
methods during tensile elongation along the (557] direction.

hardening curve (shear stress versus shear strain) for the
(110 ) (001) slip, system. The curve thus obtained exhibits rela- ,*b
tively small monotonic hardening followed by a saturation criti-

cal resolved shear stress and has a shape that confirms well ISO

with the shape'of the hardening curve represented by Eq. (2.13).
Several numerical simulations of deformation along (557]"

direction were performed using the hardening curve in Eq.
(2.13) while varying the values of the parameters ro, i*, h.o.
Figure 2 shows the deformed specimen at 64 percent nominal ,"
strain showing the contour plots of lattice rotation and strain 5* - -

along the axial direction. The direction of the lattice rotation is -

such that the -Schmid factor decreases. As a result, a higher
S tensile load is required- to produce the resolved shear stress Fig. 3 Load versus elongation for elongation in the [557] direction
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Fig. 4 .Load versus elongation for [110] orientation using different hard-
ening curve

increase in load at large deformation. This suggests that there
is considerable work hardening for the ( 100) (001) slip system (a) (b) (c)
and that the hardening curve for this slip system does not have Fig.5 Deformed mesh with different strain rate sensitivity at 15 percent
a plateau as assumed in Eq. (2.13). Simulations were therefore nominal strain (a) m = 0.006; (b) m = 0.01; (c) m = 0.02
also performed using power law hardening curve represented
by Eq. (2.14). Even though.the power law equation involves
more hardening and a slovwe 1 drop in hardening rate, the numeri- tion. Figuire 5 shows shear bands obtained by numerical simula-
cally simulated load veissu 'engation curve still predicts a drop tion of elongation 3 deg off from the [110] direction when low
in load followed by necking (Fig. 4). The increase in load at work hardening was assumed. In these simulations, a specimen
large deformation observed in the experiment was accompanied with gage length of 22 mm, 5 mm wide, and 2 mm thick

by spreading of the neck. This requires an unusually high rate was used. The model assumes plane stress conditions and the
of hardening at large strains. It is possible that this increased following material properties were used: Elastic bulk modulus.
hardening is associated with cross-slip occurring in ( 110) (001) K = 164916 MPa, Shear modulus, G = 68660 MPa. The param-

slip planes at large deformation. Since activation of (I10) eters in the imperfection shape Eq. (3.1) were set to: • =

planes result in non-planar deformation, a 3-dimensional finite 0.0 126, ý2 = 0.072, and m = 5.
element model of the single crystal is required to simulate the Sharp bands were formed only for low values of rate sensitiv-

deformation. Simulation using 3D finite element model that ity and low hardening. However, as mentioned in the last sec-
allowed cross-slip confirmed this hypothesis. The details of the tion, for NiAI single crystals deformation in the [ 100 ) (001>
3D simulation and the corresponding hardening model is the slip system produces high work hardening even at large defor-
subject of another paper (Kumar and Yang. 1998). mation. Therefore, shear bands,are unlikely to be seen experi-

"mentally during tension tests near the [110] direction.

4 Study of Shear Band Formation Figures 6 and 7 show the effect of work hardening where the
saturation value of critical resolved shear stress r, was varied.

NiAI exhibits low ductility and low fracture toughness near A moderate value of strain rate sensitivity in = 0.02 was used
room temperature. Significant ductility is obtained only above for the results in Fig. 6. These plots shows that no clear shear
200'C. Load versus elongation curve at various temperatures band forms when the rate sensitivity is high. However, for
indicates that fracture 'stress at RT is lower than at 200"C. This lower hardening rate (7, = 50 MPa) sharp neck-like localization
seems to suggest that fracture at low temperatures may be initi- occurs even though the rate sensitivity is high.
ated by localized deformation such as shear bands. While mac- In Fig. 7 c a lower strain rate sensitivity, m 0.006 was used.

roscopic shear band formation has not been observed experi- No significant localization occurs when r, was increase to 120
mentally in NiAI, it is possible that fracture may be initiated MPa resulting in a large amount of work hardening.
by a tendency toward localization that create stress concentra-
tions. To understand the conditions that lead to shear localiza-
tion as well as the constitutive parameters that play a significant 5 Study of Kinking

role, numerical simulations were performed with varying values Kinking is a highly localized form of deformation that has
of constitutive parameters, specimen geometry, orientation and been observed in NiAI during compression near the hard orien-
boundary conditions. Previous studies on shear band formation tation ((100) direction) (Frasier et al., 1973a, b). When corn-
(Pierce et al., 1983; Deve-et al., 1988) indicate that both rate
sensitivity and latent hardening significantly influence the for-
mation of shear localization. In this study, these properties as
well as the effect of hardening were studied.

Results of the numerical simulation indicated that shear band
formation is facilitated by low rate sensitivity and low harden-
ing. The underlying cause for the formation of shear bands is
orientation softening that creates a band where lattice rotation
has made deformation possible at a lower load. As a result,
further deformation localizes in the band causing highly local-
ized shear. Shear bands were simulated numerically for elonga-
tion in the neighborhood of [110] direction. As mentioned ear-
lier, no lattice rotation occurs for elongation along the [110]
direction. However, at orientations a few degrees to either side
of the [I 10] direction, lattice rotation occurs that tries to rotate
the lattice back to the [110] symmetric orientation. Due to (a) (b) (C)

the specimen geometry and imposed geometric imperfections. Fig. 6 Deformed mesh with m = 0.02 and different work hardening at

nonuniform deformation occurs. Regions where more lattice 15 percent nominal strain (a) 7. = 50 MPa (b) Ir, = 83 MPa (c) r. = 120

rotation occurs become softer thus promoting shear band forma- MPa
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(a) (b) Fig. 9 Load versus elongation curve for 5 deg off from compression
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Fig. 7 Deformed mesh with m = 0.006 at 15 percent nominal strairaxe
7.- = 60 (Mpa.)} r. = 120 (MPa)

the [001] direction. Figure 8 shows kinking due to single slip
q.,•,. $;ressed along the hard orientation, the resolvied shear stress along (110)(001). Kink band starts forming at smaller strains

1) "along(001) directions is zero. As a result, LI occurs along when the angle of misalignment is smaller. Figure 9 shows load
"other directions such as (I ll) or (110) (Miracle, 1993). How- versus elongation curve for 5 deg misalignment. Multiple load

. "ever, if the direction of compression is misaligned slightly from drops indicate that multiple kink band are formed during the
, the (001) direction, either I110) (001) or (100) (001) systems deformation.

Scan get activated depending on the direction of misalignment. Kink bands were obtained during simulation of both single

4rM . Such misalignment has been observed to favor kinking. Experi- slip or double slip situations. More lattice rotation occurs during
mental studies by Fraser et al., 1973, shows that deformation single slip than in the double slip case. Figure 10 shows lattice

in the kink band occurs on ( 110) planes due to slip along the rotation that occurred during the deformation. More than 60
(100) direction parallel to the compression axes. However, all deg of lattice rotation has occurred along the band during single
three (100) dislocations have been observed experimentally slip. This agrees well with the experimental observation of Fra-
(Miracle, 1993). ser et al. (1973) where they have reported slip along

Kinking can been explained in terms of orientation softening 1110) (001) slip system and -60 deg lattice rotation in the
that occurs due to large lattice rotation. Once a slip system .s kink band.
activated, the lattice rotation increases the resolved shear stress
in that system, making it softer so that activation of the other 5 Summary and Conclusion
possible systems are unlikely. When nonuniform deformation is Deformation of NiAI single crystals were studied using finite
induced due to specimen geometry or imperfections, the region element simulations. Comparison with experimental data pro-
where more lattice rotation occurs due to higher strains becomes vided information about constitutive parameters such as harden-
softer than the rest of the specimen causing further deformation ing in different slip systems that are difficult to measure experi-
to localize in this region. The exact location of the formation mentally. Simulation results suggest that significant work hard-
of the band depends on the applied imperfection. ening occurs in (100) (001) slip system while very little

When ( 110 1 (001) slip system is activated, single slip occurs hardening occurs in (110}(001) plane. The numerically simu-
while double slip occurs when [ 100)(001) system is activated. lated load versus elongation curve matched well with experi-
Significant lattice rotation occurs in both cases. Numerical simu- ment for elongation along the [557] direction. Simulation of
lation were performed for both these situations with compres- elongation in the [110) direction, with the assumption that only
sive load applied along directions misaligned by 5-10 deg from (100}(001) slip systems are activated, did not agree with ex-

perimental data. The increase in load at large deformation ob-
served experimentally requires unusually large work hardening
at large deformation. This increase in load is due to activation

(a) (b)
(a) (b)

Fig. 8 Deformed mesh after 7.5 percent nominal strain when loading is

(a) 10 deg off from compression axes; (b) 5 deg off from compression Fig. 10 Contour plot of crystal lattice rotation at 2.265 percent nominal
axes strain (a) double slip (0 = 80, 170 deg); (b) single slip (6 85 deg)
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of 110](001) systems. Activation of these slip systems can i Uvc .. -..-... ....... ...

be modeled only using 3D FEA models. and Macroscopic Aspects of Shear Band Formation in Internally Nicried Single
Crystal of Fc-Ti-Mn Alloys.*" Acta MetalL. Vol. 36. No. 2. pp. 3

4
1-365.

Simulation of deformation along directions slightly off from 8 Fraser. H. L. Smallman, R. E.. and Loretto. M. H_ 1973a. "The Plastic

the (110 O] direction shows that the geometrical softening aSSOCi- Deformation if NiAI Single Crystals Between 300"K and 1050"K-l. Experimen-

ated with lattice rotation can produce shear localization if the t1l Evidence on the Role of Kinking and Uniform Deformation in Crystals Com-
rate sensitivity is very low and the material undergoes very pressed Along (001)," Phil. Mag.. Vol. 28. p. 651.
little workithardenin Heryowever sncthe Nate has muherg hery 9 Fraser. H. L.. Loretto. M. H.. and Smallman. R. E.. 1973b. "*The Plastic

Cittle woa hDeformation ifNiAl Single Crystals Between 300*K and 1050"K--ll.TheMecha-

values of rate sensitivity and hardening than were used in the nism of Kinking and Uniform Deformation." Phil. Mag.. Vol. 28. p. 667.

simulation, it is unlikely that such bands would be observed 10 Hill R. and Hutchinson. J. R.. 1975. -Bifurcation Phenomena in the Plane

experimentally. Tension Test." J. Mech. Phvs. Solids. Vol. 23. p. 239.
Sxperimulatont .oc I Hutchinson. J. W.. 1970. "Elastic-Plastic Behavior of Polycrystalline Met-
Simulation of kinking during Compression along directions als and Composites." Proc. R. Soc.. Land. Series A319. pp. 247-272.

close to the hard-orientation of the crystal revealed that kink 12 Kumar.,A.V. and Yang. C.. 1998. 'Hardening Characteristics of NiAI

bands may form due to either single slip along [ 110) (001) slip Crsta."o be submitted in JOURNAL OF E NEERIN MATERALS AND

system or due to double slip in {100}(001) slip system. In both 13 Lahrman. F.. Field. R. D.. and Darolia. R_ 1991. "High Temperature
cases, the direction of lattice rotation is such that orientation Ordered Intermetallic Alloys IV." MRS Proc.. Vol. 213. p. 603.

softening occurs which leads to deformation localization. Low 14 Lee. E. H.. 1969. "Elastic-Plastic Deformation at Finite Strains." ASME

rate sensitivity and low hardening promotes kink band forma- Applied Mec.. Vol. 36. p. I.
15 Levit. V.1.. Winton. J. S.. Yu Gornostyrev. and Kaufman. M. L. 1996.

tion. "Mechanism of High Tensile Elongation in NiAI Single Crystals at Intermediate

Temperatures."
16 Miracle. D. B.. 1993. "The Physical and Mechanical Properties of NiAI.*"
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ABSTRACT
A comparative study of some hardening models that have been proposed for single

crystals is presented in this paper. These models are compared by simulating the deformation

of FCC single crystals under uniaxial tension using finite element method. During large

deformation of single crystals, multiple-slip systems can be activated resulting in a three-

( dimensional deformation. Therefore, three-dimensional finite element models have been used

for the simulation. A rate dependent constitutive model was implemented into a non-linear

large deformation finite element program to simulate the deformation of single crystals. The

hardening laws are compared to study their ability to predict the three stages of hardening

observed experimentally in FCC single crystals.
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I. INTRODUCTION

Various rate dependent and rate independent constitutive models have been developed

to model the deformation of single crystals (Peirce et al, 1992, 1983). These equations can be

incorporated into finite element programs to simulate the deformation of single crystals. Such

simulations are required to acquire a better understanding of the causes of many kinds of

localized deformation and failures in metals. An important component of constitutive

equations used to describe single crystal behavior is the work hardening model. Hardening of

single crystals is not very well understood especially during multiple slip when more than one

slip system is active. When large deformation is applied on single crystals, various slip

systems harden at different rates and the lattice undergoes large rotations often leading to

multiple slip. The deformation that occurs in the crystal during multiple slip is three-

( dimensional and can be accurately modeled only using three-dimensional finite element

models. In the past, two-dimensional approximations have been used for finite element

analysis, for example, Asaro's 2D planar double slip model (Peirce et al, 1982).

(see attached)

Figure 1. Standard stereographic projection from [100] orientation of FCC crystals

In this paper, the hardening characteristics of FCC single crystals have been studied. The

notations used in this paper to refer to the slip systems of a FCC crystal are listed in table 1.

The 12 possible slip systems of the FCC crystal (all in the {I111)<110> family) are divided

into 4 groups and each group has 3 slip directions. The orientation of the load determines

which slip system would become active. When the loading axis is inside the triangle of [100],

[110], [111] vertices in [100] stereographic projection (figure 1), B4 will be active and it is
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the "primary" slip system. Only single slip in B4 occurs and the crystal lattice rotates toward

( slip direction [101]. When loading axis approaches the [100]-[111] border-line, "conjugate"

slip system C1 can activate. Most of the hardening laws were proposed and tested for FCC

single crystals (Peirce et at, 1983; Bassani and Wu, 1991). In this paper, we will investigate

these and other hardening models using three-dimensional finite element analysis.

(see attached)

Table 1. Notation for slip systems of FCC crystals

In the next section, various hardening models that have been proposed for single crystals

are summarized. In section fIi, results of three-dimensional simulation of crystal deformation

using various hardening models are presented. Discussion of the results and conclusions are

presented in section IV.

H I. WORK HARDENING MODELS FOR SINGLE CRYSTALS

In a strain rate dependent constitutive equation for single crystal deformation, the rate of

shear, I, in a slip system is assumed to be related to the resolved shear stress (,c) on that slip

systemrby a power law (Pan and Rice, 1983) given in equation (1).

F( .t) -(a)j 1 .r 1

where, m is the rate sensitivity parameter, cc(') is the flow stress, also known as the

critical resolved shear stress, for the &' slip syst-em and ica) is a reference strain rate. The

shear rate in each slip system is uniquely determined by the power law, eqn (1), and is non-

vanishing as long as the resolved shear stress on that system is not identically zero. The flow
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stress "to() for each slip system increases with plastic deformation due to work hardening.

The hardening curve needs to be determined for each possible slip system so that tc can

be expressed as a function of the plastic shear in that slip system tcjc ( g(y((a)). However,

when more than one slip system is active, hardening in each slip system is a function of slip

on all the active slip systems. For a rate dependent model, the rate of increase of the flow

stress c(a has therefore been specified as (Hill 1966),

n
C° (a h=() (2)

The hdrdening laws that have been proposed so far differ mainly in the definition of the

hardening moduli ha. From the early 1900's several hardening laws were proposed to

explain the deformation 'process on single 'crystals. Based on experimental work on

( aluminum, Taylor (1934) proposed the 'isotropic' hardening law. According to this law all

slip systems harden equally when deformation occurs so that ho = h(•'T), where yr is the

sum of the shear strains on all slip systems. This isotropic hardening is unable to predict the

experimental observation that inactive or latent slip systems often harden more than the slip

system that is active during deformation.

Hutchinson (1970) accounts for latent hardening by assuming that the off-diagonal terms

in the matrix of hardening moduli are different than the diagonal values. Asaro (1983) has

also used the same concept in their constitutive-model for single crystals, expressing the

hardening moduli in the following form, often referred to as the "two-parameter theory.

h4• = qh(T) +(1-q)h(Y)3)



The parameter h, called the hardening modulus, is the rate of change of flow stress with

C shear strain during single slip. The second parameter q, is the latent hardening ratio, which is

the ratio of the hardening in a latent (or inactive) slip system to the hardening in the active

slip system. 5q is the Kronecker's delta. In Asaro's (1983) model, the hardening modulus, h

is assume to be a function of the sum of shear strains (yT) in all the slip systems, ie, h=h(yTr).

The hardening curve xt(,y) and hardening modulus h('y) for single slip in such materials is

often represented using the following equations

"(y)= =to + (-, -!to) tan ho'f( (4)

h(,y) ho e c, -- o (5)

Latent hardening ratio is often estimated indirectly by measuring the "overshoot" angle,

( that is the angle by which the tensile axis overshoots the symmetry boundary between

stereographic triangles during uniaxial test. If the primary and conjugate slip systems had

hardened equally the tensile axis would stop rotating at the symmetry boundary (Asaro,

1983). An alternate method for measuring latent hardening involves first loading the crystal

in a single slip orientation inma primary test. Subsequently, the loading direction is changed to

activate a previously latent slip system in a secondary test to measure the flow stress in the

latent system. The flow stress of the system active during the primary test is compared with

the flow stress of the system activated in the secondary test to establish a latent hardening

ratio (Fraciosi, (1985), (1980); Bassani, (1994)).

Kocks and Brown (1966) conducted latent hardening tests on aluminum single crystals

to obtain latent hardening ratios by comparing flow stress of primary slip system and
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secondary slip system. Slip systems that are 6n the same plane were found to have similar

C flow stress. Slip systems on different planes than the active system were found to have flow

stress 10 to 30 % higher. Jackson and Basinski (1967) conducted tests on copper sirgle

crystals and obtained similar results. Nakada and Keh (1966) studied latent hardening of iron

single crystals and also found the latent hardening rate to be greater than the self hardening

rate.

Many authors have studied the interactions among the slip systems in FCC crystals

(Kocks, 1964; Basinski and Basinski, 1979; Franciosi et al., 1980). From a microscopic

viewpoint, the hardening of single crystals during deformation can be regarded as the result

of dislocation interaction between slip systems. Internal dislocation density and short range

interacting dislocation strengths can be considered the main parameters of the hardening

analysis.

Franciosi et al. (1982), (1985), expressed flow stress as a function of dislocation

interaction coefficients matrix and dislocation density. Contents of the dislocation interaction

matrix are classified according to the slip interaction between the slip systems and the

resultant dislocation junction such as sessile, glide, birth lock, no junction and self-hardening.

Weng (1987) has proposed a relation for determining latent hardening ratios between

various slip systems of a crystal by considering the angles between the slip direction and slip

plane normal of the two slip systems..This relation can account for isotropic hardening,

kinematic hardening, strong latent hardening and Baushinger effects. The matrix of latent

hardening ratios between all potential slip systems of the crystal are expressed as:

g= al +(-1al)cOs OU cOsi +(c( 2 sin8O1 + s3 Sin C,) (6)
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where Oij is the angle between the slip directions of the i-th and j-th systems. 4ij is the

( angle between the slip plane normals of the i-th and j-th systems. at is the degree of isotropy

in work hardening and Ct2 represents the anisotropic departure for the latent hardening of

coplanar systems and at3 is the additional departure for systems ortintersecting planes.

More recently, Bassani and co-workers (Wu, et al 1991, Bassani et al 1991, Bassani,

1994) have investigated*hardening criterion for multi slip condition in FCC single crystals of

metals. Based on experimental study of latent hardening in symmetrically and

unsymmetrically loaded copper single crystals, they suggest that hardening in secondary slip

system may Ire lower than that in active slip system. The apparent higher flow stress observed

in the secordary slip systems by previous investigators are explained to be the result of very

high initial hardening rate when these secondary systems are activated. In other words, due to

the high hardening rate the flow stress on the secondary system becomes higher than the flow

stress of the primary system after a small amount of strain in the secondary system. Variation

in hardening behavior with the loading orientation was also studied experimentally. Based on

these observations, Bassani and Wu (1991) devised a phenomenological hardening law as

follows.

haa = F(,y.)G(yp) (7)

hap = qh. (8)

where, ha is the instantaneous hardening -moduli expressed as a matrix and ha

represents the diagonal terms of the hardening matrix.

F()y "- (h, -h,) sech 2 ' (h- -h_ ') 1 +h-h (9)
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G I + f-,tah* (10)

where F(ya) is the instantaneous hardening modulus under independent single slip on slip

system ar. G is the function representing interactive latent hardening and it is a function of the

shear deformation in all systems except a. The function F is similar to that used in equation

(4) except that at large strains the hardening modulus reaches a saturation value of h.. The

function G accounts for latent hardening by ensuring that every slip system hardens due to

slip in other slip systems. The amount of latent hardening is determined by the factors fp

whose values.depend on the type of dislocation junction formed between slip a and I3.

III. THREE-DIMENSIONAL SIMULATION OF DEFORMATION

Simulation of large deformation of single crytals using three-dimensional finite element

( models provides great insight into deformation modes and work hardening in single crystal. It

is also a very useful tool to understand and validate the hardening models and their ability to

predict single crytal behavior during large deformation and multiple slip situations. In this

section simulation results obtained using two-parameter hardening model, Bassani's models,

a modified two-parameter model and multi-parameter models are presented. A rate-

dependent constitutive model, eqn (1), for single crystals was implemented into ABAQUS, a

commercial finite element program that is capable of modeling large deformation and large

strains. The constitutive equation was integrated using forward gradient method which has

been found to be effective (Peirce et al 1983 and Wenner, 1993) provided sufficiently small

time-steps are used for the time integration. For all the simulation results presented below, a

strain rate sensitivity m--0.01 was used. Rate dependent models allow unique determination



of slip rates on each slip system even when many potential slip systems are included in the

( model thus enabling simulation of multiple slip. Furthermore, since three-dimensional finite

element models are used, the actual three-dimensional deformation that results due to lattice

rotation and unsymmetric" slip can be accurately modeled without any approximating

assumptions that are typically used for two -dimensional models. Figures 2 shows the finite

element mesh for the tensile specimen and figure 3 shows the boundary conditions that were

applied. Since the model is rate dependent the load was applied as a rate of displacement for

the nodes along the top surface of the specimen.

(see attached)

Figure 2. Specimen used in the simulation

Figure 3: Loading direction and boundary conditions used in simulation

(i) Two-parameter hardening model

Many researchers have used the two-parameter hardening law described earlier in eqn

(3) (eg. Hutchinson 1970, Peirce et al, 1982, 1983). This model is able to predict a higher

rate of latent hardening than self hardening by setting the latent hardening ratio, q > 1. Asaro

(1983) applied it to FCC crystals to model symmetric double slip using an planar model

where it is assumed that the two slip planes are normal to the planar model so that the

deformation can be modeled as two-dimensional. When loaded in the symmetric orientation,

there is no lattice rotation and the results obtained using three-dimensional models matched

closely with the results of Pierce et al (1983) who used Asaro's planar double slip

assumption. For the simulation, we used material properties that were used by Peirce

(to=60.84 MPa, t•=l.8to, ho=8.9-o).

(



When loaded along non-symmetric orientation such as [632], significant lattice rotation

(" was observed as expected. Figure 4, shows the flow stress versus time and figure 5 shows the

shear straiii in all the slip systems at a selected element. For this simulation we assumed

isotropic hardening (q=1) so that secondary systems do not harden more than primary.

Despite this, it is clear from figure 4 that deformation occurs mainly due to single slip in

primary system B4 and that the resolved shear strain in all other slip systems are negligible.

The strain rate for B4 slip system suddenly decreases in figure 5 after approximately 10%

strain due to strain localization / necking. Figure 6 shows the load versus elongation. The

relative high hardening seen during stage I in figure 4 and 6 is due to the assumption that

"t5=l.8to (uqed by Peirce, 1983). Other researchers such as Bassani, have used smaller values

of 'c, for stage I.

(see attached)

Figure 4. Flow stress versus time for the two parameter hardening model.

Figure 5. Resolved shear strain vs time for the two-parameter hardening model

Figure 6. Load vs elongation for the two parameter hardening model

This hardening model can predict stage I as seen in figure 4 but is unable to predict stage

II and stage III deformation observed -experimentally in unsymmetrically loaded crystals.

Stage II is attributed to the activation of conjugate slip and the resultant increase in

hardening. The rate of hardening is determined by the hardening modulus. The hardening

modulus tends to zero at large strains according to this model as per equations (3) and (5)

where the hardening modulus is expressed as a function of cumulative strain in all slip

systems. Therefore, if the conjugate system activates only at relatively large strain there is no

10



significant increase in hardening since the hardening modulus becomes very small. Therefore,

( activation of conjugate or secondary slip systems at large strain does not lead to any

substantial increase in hardening.

(ii) Modified two-parameter hardening model

Based on the above observation, a modified two-parameter model was tested in which

the hardening modulus for each system is a function of the shear strain in that system alone.

This implies that when a new system is activated, there is an increase in the hardening rate of

all other slip systems. The hardening modulus then can be expressed as

hC -hp + (1 - (1(yp8p1)

where y• is the shear strain in slip system P3 alone, h is the hardening modulus evaluated

using the function in equation (5) and q is the latent hardening ratio. The material properties

( and parameters used in the sub-section (i) were used here as well ('Co=60.84 MPa, tl.8to,

ho=8.9to). Figure 7 shows the flow stress on primary system as a function of time obtained by

finite element simulation. When the conjugate slip system is activated there is an increase of

hardening indicating the onset of stage II. The activation of conjugate system can be seen in

figure 8, which shows resolved shear strain on all the systems. Load vs. elongation plot

(figure 9) also shows increase in hardening upon activation of conjugate systenm

(see attached)

Figure 7. Flow stress vs time for the modified two parameter hardening model

Figure 8. Resolved shear strain vs time for modified two-parameter hardening model

Figure 9. Load vs elongation for modified two parameter hardening model

(
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(iii) Bassani's hardening model

The hardening model used by Bassani and Wu (1991) was described briefly in section II,

equations (7)-(10). This hardening model was added to our implementation of the

constitutive equation, which has a rate dependent formulation. In~their study, Bassani (1994)

simulated the results within a rate independent framework. For comparison we have

simulated uniaxial tension with the initial orientation in a single slip direction [632], using the

same values for-hardening parameters as Bassani and Wu (1991): (ht1=1.3 0 , h-=1.5To, ho=90

"t-, ̂ o-70.001, q--0). In our simulations we set the rate sensitivity parameter m--0.01. Note that

a latent hardening ratio q = 0 was used, implying that secondary slip systems do not harden

before they become active. However, this model accounts for latent hardening indirectly

through the G(y) term in the expression for hardening modulus, eqn (7), so that even though

secondary slip systems do not harden before they become active, when they do become

Sactive there is very high rate of hardening. The rate depends on the amount of slip that has

occurred in other slip systems. The lower flow stress in secondary slip systems than in

primary slip system facilitates activation of secondary slip systems.

(see attached)

Figure 10. Flow stress vs time for Bassani's hardening model

Figure 11. Resolved shear strain vs time for Bassani's hardening model

Figure 12. Load vs elongation for Bassani's hardening model

The results of our simulation are shown in figures 10, 11 and 12. While the results are

qiiittatively similar to that of Bassani and co-workers, there were some notable differences

due to the rate dependent framework used here. Most notably, the span of stage I is relatively

small. Stage II starts after relatively small overall strain as can be seen in figures 10 and 12

12



which show the flow stress and load respectively plotted against the simulation time. The

Sreason for this is that secondary slip systems activate early due to rate sensitivity effect. The

rate dependefit constitutive law, eqn (1), used in our implementation allows small amounts

for strain in secondary slip system even when the resolved shear-stress is slightly below the

flow stress. The larger the value of the rate sensitivity parameter (m), the earlier the

secondary slip systems activate.

Very fine secondary slip that has indeed been observed (e.g. Kulhmann-Wilsdorf, 1989)

in single crystals can only be explained by accounting for rate sensitivity. The results of our

simulations iadicate that material rate sensitivity does have an important role when Bassani's

model is used since even small amounts of secondary slip can lead to significant increase in

hardening rate or the onset of stage II. Notice that when secondary slip systems really

become active and the rate of strain in these systems becomes large enough to be seen in the(
shear strain plot (figure 11), there is significant drop in the rate of hardening (figure 10 & 12)

that resembles stage Ill observed experimentally. This is because the high rate of hardening

caused by the F(y) term in equation (7) lasts only for very small strains. The contribution due

to this term dies out quickly when significant strain occurs in the secondary slip systems.

(iv) Multi-parameter hardening models

In a rate dependent implementation, all twelve slip systems of an fcc crystal can be

included in the model. However, when the loading axis is within the stereographic triangle

marked B4 in figure 1, the primary slip system is B4, the conjugate slip system is C1 and the

two secondary slip systems that could possibly become active are A3 and B5. To reduce

computation, only these four slip systems were included in our model. According to equation

(2), the increment of flow stress for each slip system is coupled with activation of other slip

13



systems as follows.

rdC 4)1 h(YB4) qB4C~h(yc 1) qB4A3h(YA3) qB4Bsh(^YB5) ~dYBA 1
J dt~ct) = qClB4h(''B4 ) h(tct) qC1A3h(.A3,) qC1B5h~ yB5) dYCLC (12)

Cdt•B5) LqBSB4h(YB4 ) qB5~ch(yc1) qB5A3h(y, 3 ) h(yi 5) J dyB5 J

In general, each slip system could have a different latent hardening ratio with respect to

every other slip system. In equation (12), qB4ct denotes the latent hardening of system B4 due

to activation of slip system Cl etc. If we assume symmetry, that is qij = qji then there are six

ratios that determine the hardening behavior. If we use Weng's formula (equation 16) we can

express these six ratios in terms of the three constants atl, a2 and cG3, whereupon it can be

seen that qB4ct = qcIA3 = qciBs = qA3BS.

Similar conclusion can be arrived at from dislocation analysis as well. We know that for

Q FCC single crystals (Franciosi, 1982) the dislocation junction between B4 and Cl as well as

that between A3 and B5 is a sessile junction. Similarly, Cl slip system has a glissile junction

with both A3 and B5. Both these intersections lead to strong dislocation interactions. On the

other hand, the dislocation junction between B4 and A3 as well as B5 results from a weaker

dislocation interaction.

It is possible to experimentally determine either the six latent hardening ratios or the

three constants in Weng's model. However, for purposes of qualitatively comparing this

model with previous models, it is not necessary to determine exact values for these constants

because it is possible to determine the limits on their value that will lead to desired behavior.

The experimentally observed stage III deformation of single crystals implies that, at large

strains, there is very little hardening. This requires that secondary slip systems should not
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activate significantly even at large strains. We-can determine the condition for non-activation

(. of secondary slip systems then use it to select values for the constants to ensure desired

behavior.

The condition for activation of secondary slip systems is that-the ratio of resolved shear

stresses on the currently active slip system and the secondary slip system should become

equal to the ratio of their respective flow stresses. During the deformation the loading axis

rotates towards the symmetric stable orientation [211]. The ratio of resolved shear -stress in

the primary slip system to that in secondary slip -system when loading is along this stable axis

[211] can be easily computed as

-m i -K = 1.5 (13)
, ms•[m 2 /(3,F)

In the above equation mnp and mr are -the Schmid factors for the primary (B4) and

secondary (B5 or A3) slip systems when the load is along [211]. Ratio of flow stresses in the

primary and secondary slip systems depend on the hardening of these systems. Equation (12)

can be integrated to determine the flow stress in each system as follows:

I = B4 + H(YB4 ) + qB4cH(ycI) (14)

rct =I[t + qcB4 H(^(B4) + H(ycl) (15)

A3
=o + qC3BjH(yB 4 -) + qA3CtH(^ycl) (16)

•B5
"Ic TO + qB5B4H(YB4) + qB5CH(Tct) (17)

H(yi) fh(y-)dyTo =((. --t)T(Ty) and
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T(,yi) tanh( hjyi
~T. -TO)

In the above equations we have assumed that no slip has occurred in secondary slip

systems (i.e., yA, = yB5= 0). All slip systems are assumed to have-the same initial flow stress

"To. The condition for activation of secondary systems A3 and B5 can now be stated as

B4 B4

A- >K and ý-X > K. Therefore, using equations (14) and (16), the condition for non-
C C

activation of secondary slip system A3 can be written as:

(K-i); +(KqA3B 4 -1)(¶cs -t)T(YB4)+(KqA3Ct -qB 4Cj)(T, -to)T('cy ) >0 (18)

or, qB4 (A3 =qA3B4 > K 1) -(KqAc 3C -B4Cl)T('-C,)J=q. (19)

The lower bound for q4AB4 that would ensure non-activation can be found by considering

the maximum value that q,,n can attain. If (KqAuc, > qB4Ct), then this maximum value occurs

when T(yB4) is maximum (=1) and T(yct) is minimum (=0). Therefore, the condition for non-

activation can be stated as:

qB4 A 3 = qA 3 B 4 > (-1 TO(20)

Similarly, if (KqBSCI > qB4C1), then the condition for non-activation of B5 can be written

as:

"qB4BS =qBB 4 >I[1(K--1)(" •O'3 " (21)

From equation (20) and (21), assuming qABs and qB4c1 to be 1.1, qA3cj and qBscl to be

1.0 and T, 1.8-ro we can compute lower bounds for qB4A and qB4Bs that will ensure non-
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activation of secondary systems.

(qA3B4 " qB4A3"=qB4B5- qBSB4 > 0.25 (22)

Simulation was performed the following latent hardening ratios: qB4A3=qB4BS--0.5,

qB4C1=qA3Bs=l.l, qctA3=qCtB5=l.0. Stages I, II and III are obseved during the simulation

using this model as shown in figures 13, 14 and 15. An increase in hardening rate or stage II

is observed when the conjugate slip system becomes active (figure 14). Stage III is observed

due to the.decrease of hardening rate at large strain.

(see attached)

-" Figure 13. Flow stress vs time for the multi-parameter model

Figure 14. Resolved shear strain vs time for the multi-parameter hardening model

Figure 15. Load vs elongation for the multi-parameter hardening model

( IV. DISCUSSION AND CONCLUSION

Constitutive equations for single crystal deformation were implemented into a three-

dimensional finite element program to enable simulation of the actual three-dimensional

deformation of the crystal due to multiple slip. Using this model we were able to simulate the

deformation of FCC crystals along unsymmetrical single slip orientations and predict the

resultant crystal rotation and the associated change in resolved shear stress in the various slip

systems. Such three-dimensional models were used to perform a comparative study of the

various single crystal hardening models that have been proposed.

The two-parameter hardening model was found to be incapable of predicting all the

stages of deformation observed in FCC crystals. However, a simple modification of the

model where different hardening moduli were used for each slip system, is capable of

17



predicting an increased hardening rate asso-iated with the activation of secondary slip

C systems. Bassani's hardening model predicted all the three stages of.hardening during our

simulation. However, due to the rate dependent formulation used here, the conjugate and

secondary slip systems activated earlier than in the rate independent formulation (Bassani,

1994). Multi-parameter laws also predicted the three stages of deformation. In this model,

the differences in dislocation interaction between various slip systems can be accounted for
, 0 - ,,-_

by assigning appropriate values for latent hardening ratios.

Many fundamental differences were observed between Bassani's model and the multi-

parameter models used here. In Bassani's model, the conjugate and secondary slip systems

do not harden as long as they do not become active (when q = 0). This implies that these

systems will often activate at least by a very small amount even when the resolved shear

stress on them is much smaller than that in active systems. If a rate dependent model is used(
these slip systems activate earlier. The hardening observed during stage II occurs due to very

small strains in the conjugate system. Indeed by the time significant strain occurs in the

conjugate system the rate of hardening drops substantially. As opposed to this in the modified

two-parameter law and multi-parameter laws, stage II is associated with significant activation

of the conjugate slip system. Due to the non-zero latent hardening ratios used in these laws,

the conjugate systems and secondary slip systems harden even when they are not active.

Therefore, they will activate only if there is significant lattice rotation and the associated

increase in resolved shear stress in these systems. However, if rate dependent formulation is

used very small amounts of slip can occur in these systems even before the resolved shear

stress reaches the critical value.

While no attempt has been made here to quantitatively match the results of the

18
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simulations with experimental results, it has been shown that except for the two-parameter

law all the other models are capable of qualitatively predicting the three stages of

deformation. For multi-parameter models, condition for activation of the secondary slip

systems were derived that can be used to determine the range of values of the latent

hardening ratios that lead to. activation or non-activation of secondary slip systems.
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Table 1. Notation for slip systems of FCC crystals

Notation Slip system Notation -Slip system

A2 (111)[ITO] C1 (1)[110]

A3 (111) [lOT] C3 (1T1)[10T]

A6 (111) [0"i1]1 C5 (1T 1)[110]

B2 (11T) [IT0] D1 (ITT)[I I0]

B4 (11T) [101] D4 (1TT)[101]

B5 (11T) [011] D6 (1TT)[olT]
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Figure 1 Standard stereographic projection from [100] orientation of FCC crystals

Figure 2. Specimen used in the simulation
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EFFECTS OF PURITY ON THE PROPERTIES OF P3-NiAI SINGLE CRYSTALS
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Abstract

The influence of purity on the mechanical properties of fP-NiAl single crystals is explored. For this
purpose, high purity (HP) single crystals of [3-NiA1 were grown using a Bridgman technique in
high purity alumina crucibles and with high purity nickel (99.98%) and aluminum (99.999%)
feedstock. Further purification was attempted using the containerless zone melting apparatus at the
University of Tennessee and the results indicated that the Bridgman-grown crystals were of
comparable purity before and after zone refining. These crystals contained essentially no metallic
impurities and much lower silicon and carbon levels than the "conventional-purity (CP)" crystals
used in most recent studies of single crystal NiAl. The mechanical property studies revealed that
NiAl behaves similarly to other high purity metals, i.e., the higher the purity, the lower the critical
resolved shear stress (CRSS) and the higher the tensile elongations that can be achieved. The
effects of heat treatment, deviation from stoichiometry, purity, and test temperature on the tensile
properties of NiA1 are summarized and the implications of these results on the potential use of this
class of materials is discussed.
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2
Introduction

Since the early 60's, the compound P3-NiAl has been studied intermittently as a possible structural
material for elevated temperature applications (1-10). The obvious drivers include its high melting

(' point, wide solubility range and excellent oxidation resistance especially when doped with elements
such as Zr (1). Recent studies have led to an enhanced understanding of the properties of this
simple compound and to the realization th, at it may not be possible to achieve a balance of both high
temperature strength and low temperature toughness (3) as it is an intrinsically soft and brittle
compound. Even so, it is a simple compound that offers a rather unique opportunity to examine
the effects of such things as impurities, thermal vacancies, constitutional defects, intentional
alloying additions, prestrain, etc. on both physical and mechanical properties now that its high
purity properties have been clarified (4). The influence of purity on the properties of intermetallic
compounds tends to be considerably more complex than in, for example, BCC metals; while both
are sensitive to tramp impurities (e.g., carbon) and intentional solute additions, the intermetallics are
also sensitive to such things as deviations from stoichiometry, which leads to constitutional defects
(anti-site atoms and constitutional vacancies), and thermal vacancies. Both of the latter effects are
significant in NiA1 and should be accounted for in any investigation of impurity effects. The
purpose of this paper is to elucidate some of the effects of impurities on the mechanical properties
of f3-NiAI.

Experimental

The methods of single crystal production, heat treatment and tensile specimen preparation and
testing have been described in previous paper (7). For the sake of comparison with other
published data, the critical resolved shear stress data (CRSS) was determined from load-
displacement diagram by taking the 0.2% offset yield stress times the Schmid factor for the initial
orientation. This value may be as much as 25% higher than the actual stress required to initiate the
first dislocation sources; the importance of this will become apparent below. The compositions of
the single crystals used in this study are given in Table I. In addition to the mechanical tests,
selected samples were examined by transmission electron microscopy (TEM) in order to correlate

(• the tensile properties with the dislocation substructures that develop under the various
combinations of orientation, temperature, strain and strain rate. For this purpose, the TEM samples
were cut from the gage sections with very specific orientations (e.g., parallel or orthogonal to the
slip plane) and examined in the TEM using traditional diffraction contrast analysis. The results of
these latter efforts will be emphasized in the following.

Table I Chemical composition of the NiAl single crystals examined in the current study. Crystal
HP-1 is grown at UF and then processed at the University of Tennessee by Prof. B. Oliver.

Specimen Orientation Ni Al Si C 0 N
I.D. at.% at. % ppm pp ppm ppM

UF-NiAl [110] 50.2 49.7 460 80
UF-NiAl [100] 49.7 50.2 260 14 - -

NiAl-0.3Si [100],[110] 50.1 49.6 2500 150 88 15
36 T [111] 50.2 49.7 300 54 78 <15
36M [111] 50.0 49.9 300 42 76 <15
36 B [111] 49.4 50.5 320 86 66 <10
HP-1 [112] 49.6 50.3 320 50 39 <10
UF-NiAl [123] 49.6 50.3 160 42 n/a n/a

Results and Discussion

The results and discussion are divided into sections covering the various issues associated with
purity effects in NiAl. In the first section, the mechanical properties of NiAI of varying purities
and thermal histories are compared. This is followed by a section that compares the dislocation
substructures as a function of orientation and purity. Finally, some general discussion concerning
the implications of the present results is provided.
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Tensile Properties

Soft Orientations The critical resolved shear stress (CRSS), work hardening rate, and tensile
elongation of a series of "soft" single crystal specimens tested at room temperature were reported

( previously (4). As pointed out in that paper (see Table II):
* over 20% tensile elongation can be achieved at RT;

* tensile elongation- is dependent on orientation and specimen geometry;

• no obvious difference in CRSS exists between the <001>{ 1101 and <001>{0101 slip systems
for samples cut from the same crystal (the differences are no more than 5% which is well
within the scatter);

* the work hardening rate (WHR) is very low for the single slip (i.e., other than <hkO>)
orientations.

Some of these characteristics are apparent in Fig. 1 which compares the shear stress-strain
behavior of <111> (single slip) and <110> (double slip) specimens taken from the same high
purity NiAl (UF), lower purity NiAl (from Ref. 5) and NiAl-0.3Si (UF). As can be seen, the
CRSS, WHR and elongation are all a strong function of purity and orientation.

As seen in Fig. 1, the CRSS in the UF-NiAl is approximately the same for both the single and
double slip orientations and is about half that of the CP-NiAl. Furthermore, the attempts at further
purification of the UF material by zone melting in Prof. Oliver's facility at the University of
Tennessee (10) resulted in similar purity, CRSS and WHR as those in the UF crystal (see HP-1 in
Tables I and II); this indicates that the quality of the materials produced in the UF facility are
approximately equivalent to the purest NiAl produced to date.

Besides the low CRSS of the UF-NiAl, the Stage 1 WHR for the [111] single slip orientation is
less than 100 MPa for the high purity UF-NiA1 and is considerably higher for the CP crystal (Fig.
1 and Table II). This is a similar fraction of the shear modulus to that typical of the easy glide
stage for pure FCC and HCP metals. The low WHR suggests that the there is little interaction
between the dislocations.

Table II Selected mechanical property" data for the various UF and one HP NiAl crystals. The
subscripts p and .2 represent proportional and 0.2% offset strain values; dr/dy and af represent

work hardening rate and fracture stress, respectively. Crystal HP-1 is the crystal processed at the
University of Tennessee by Prof. B. Oliver.

Spec. ID Orient. Schmid G G2  .2 dr /4 af El.
SFactor NA A MPa MPa MPa MIPa %

UF-NiAI [100] .50 1040 520 - - - 1040 0
UF-NiAl [1001 .50 1120 560 - - - 1167 <0.2
UF-NiAI [1111 .48 122 59 140 68 - 244 15
UF-NiAl I111] .48 134 65 156 76 - 213 6
UF-NiAl [11l1 .48 106 51 130 63 - 187 4
UF-NiA1 F7791 .49 108 53 133 65 89 240 20
UF-NiAl [11oL .50 104 52 117 58 563 237 6
HP-1 [1121 .45 138 62 148 67 153 235 6
UF-NiAI [1231 .45 82 37 98 44 46 145 24
UF-NiAl r1351 .41 96 39 115 47 91 266 15

The easy glide stage observed for the UF-NiAl along the [111] axis is considerably longer than
any observed for FCC and BCC metals where the latter tend to deform only a few percent before
activating a secondary slip system due to the large number of equivalent slip systems.
Consequently, the reason for the long easy glide region must be related to the fact that there are
only three slip vectors and that the nature of the rotation. during single slip as well as latent
hardening hinder the activation of secondary slip vectors until relatively large strains are attained.
Furthermore, this provides an opportunity for local-cross slip as will be discussed below.
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Figure 1: Typical room temperature tensile curves illustrating the differences in properties for the
different purity materials. The curves from the "commercial purity material" were estimated from
the data published in (5). WQ=water quenched and FC=fumace cooled, both from 1273K.(
It is also clear from Fig. 1 that the [011] UF-NiAl crystal exhibits a considerably higher WHR than
the single slip orientation (Fig. 1 and Table II). This is expected based on the fact that there are
two different slip systems operating from the beginning of the deformation process. As will be
shown below, there appears to be considerable entanglement of the two dislocation types as well as
considerably greater dislocation debris consistent with the higher WHR.

It can also be seen in Fig. 1 that the WHRs for the WQ, CP and Si-doped NiAl specimens oriented
for single slip are all considerably higher than that of the HP crystals. A similar effect is observed
when the composition deviates from stoichiometry (Fig. 2). Specifically, the low-impurity, off-
stoichiometric UF-Ni48.5A1 crystal has similar yield stress vs. temperature behavior as the
conventional purity crystals when tested along the hard orientation. Furthermore, soft-oriented
[123] crystals of CP Ni-52A1 have higher strengths than stoichiometric crystals of the same purity
(Fig.3a in Ref. 1).

In fact, it is difficult to see a difference in the WHR for the single and double slip orientations of
the CP material. In addition, both the CRSS and the WHR for the WQ UF-NiAl are dramatically
different from the FC material in the single slip orientation. These results strongly suggest that it is
dislocation-impurity or dislocation-point defect interactions rather than dislocation-dislocation
interactions which dominate the early stages of deformation in "impure" NiA1.

Temperature Effects on Yield Stress

The temperature dependence of the yield stress for high purity NiAl tested- in tension along soft
[123], semi-soft [110] and hard ([001]) orientations is shown in Fig. 2 along with some literature
data for comparison. For the soft and semi-soft orientations, it is clear that the intermediate
temperature plateau is absent in the high purity material-although it may be present in the siliconi-
doped material. Again, this is consistent with the role of interstitials causing DSA in the-CP-NiAl.
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For the <001>-oriented samples, besides the expected lower yield stress corresponding to the
higher purity, the most striking feature is the absence of the plateau at intermediate temperatures.
Significantly, this plateau had been correlated with a change in the slip vector from <111> to
<110> with increasing temperature (1, 2). Doping with 0.3 at% Si appears to increase the yield( stress at temperatures below 773 K and to produce a more abrupt drop between 573 and 773 K
although the drop is not as great as in the CP-NiAI. Similarly, deviations from the stoichiometric
composition result in a similar effect as observed by comparing the behavior of the UF-Ni5OAI
with the UF-Ni48.5A1 alloys (Fig. 2c).

While it is tempting to speculate that kinking might have been responsible for the observed low
yield stresses in the UF-NiAI crystals, such behavior was not observed and, therefore, this is valid
yield stress data. This is based on the fact that kinking was observed in some of our other tensile
tests on stoichiometric, high purity crystals yet only when the specimens were both misaligned and
misoriented (50 from [001]); in these cases, kinking was observed at all temperatures in the range
RT to 873K. It is noted that for a misorientation of 50 from <001> towards <111>, the Schmid
factor for [001](110) slip is 0.087. For the measured CRSS of about 60 MPa at RT, the calculated .,'
yield (kinking) stress is around 700 MPa which is consistent with the experimental yield stress
determined from the load-elongation curves for these crystals.

At temperatures above 773K, the yield stresses for the HP, CP and Si-doped material all converge
suggesting that dislocation climb and cross slip are sufficient to overcome (pass) any obstacles of
compositional and dislocation nature. Below 473K, the tensile elongations of the [001]-oriented
specimens are typically less than 0.5% and, in many cases, the specimens fractured before any
measurable yielding. The specimens typically have -2% tensile elongation at 473K and 523K, and
undergo more than 20% elongation before fracture at and above 573K. Therefore, both the NiAl
and NiAl-0.3Si single crystals tested in this work appear to undergo a rather sudden increase in
tensile elongation between 523K and 573K. This sudden increase in ductility in [001] specimens
coincides with the drop in yield stress, which is clearly more gradual than that reported previously
(9, 11).
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Figure 2: Yield stress vs. temperature plots for [110),..123] and [00 1] orientations. It should be
noted that in figure (c), the data points laltlý F represent fracture stresses.

Dislocation Analysis

[5571 Crystals The [557] orientation was selected for the initial investigation of the slip behavior
in high purity NiAl single crystals due to its expected single slip ([001](110)) nature. While the
dislocation density in the as-homogenized crystals was very low, after about 3% plastic strain, the
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dislocation substructure in foils cut approximately parallel to the (110) slip plane was non-uniform
and contained tangled dislocations in a patch-like arrangement (Fig. 3a). A standard g.b analysis
indicated that essentially all of the dislocations had the expected [001] Burgers vector and that
negligible secondary slip occurred consistent with the low WHR. A trace analysis indicated that( the average line direction of the dislocations within these patches was approximately [110], the
edge orientation. Furthermore, these patches seemed to be elongated along [110], consistent with
[001](110) slip.

The dislocations outside of the bands in Fig. 3a tended to be bowed out and were found, using
trace analysis, to have a mixed character. These dislocations were heavily pinned and formed edge
dipoles sometimes leaving traces of pinched-off loops elongated along the edge direction (arrow
points in Fig. 3a). Almost no screw or near-screw segments were observed except for some short
segments. This implies that the screw components have considerably higher mobilities than the
edge components and probably slip out of the crystal during deformation. Kim [12] also noted the
absence of screw segments consistent with the results and calculations of Loretto and Wasilewski
[13], who found that screw segments have high elastic energy making them elastically unstable.

a b

Figure 3: (a) BFTEMs of dislocations in a [557] specimen after 3% tensile strain at a strain rate of
10 4 s'. The foil was cut parallel to (110) slip plane and the dislocations are almost exclusively

[001] type. (b) Higher magnification images of the dislocation dipoles in (a).

At higher magnification, it is clear that the dipole regions in Fig. 3a are associated with the
formation of the [001] prismatic loops elongated along <110>. The higher magnification image in
Fig. 3b indicates that cross-slip is indeed relatively easy in NiAI where segments b and d lie in the
(110) slip plane approximately alongH-],while both the a and c components have line directions
that appear, based on trace analysis, t lite out\'of the primary slip plane. Further work is needed to
resolve the exact sequence of events I'adingRt# these common geometries. Significant here is the
fact that the high purity NiAl tends to cross slip during Stage 1 deformation; this must indicate that
the short range stress fields imposed by other "like" dislocations is sufficient to promote cross slip.

The dislocation 'substructure in a specimen that was water quenched in order to trap thermal
vacancies was considerably different from that of the FC material (Fig. 4). The specimen was
taken from the gage length of a tensile specimen that fractured after about 2% elongation. As can
be seen, the dislocation distribution is somewhat more uniform than in the FC specimen although
there is still some localization as indicated by the dislocation tangling, debris and small loops in the
patches. Even so, it is clear that the deformation was more uniform in the WQ specimens in spite
of their lower ductility. The greater amount of debris outside of the patches indicates that cross slip
occurred everywhere in the sample and that dislocation motion was more difficult in the WQ
material consistent with the higher CRSS caused by the thermal vacancies.
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The g.b analysis revealed that the majority of the dislocations in the WQ specimen had the
expected [001] slip vector although there was a small, yet significantly higher fraction of secondary
[100] and [010] dislocations as compared with the FC material. When the specimen was tilted to
the [001] zone (Fig. 4b) so that the primary (110) slip plane was edge-on and the primary

( dislocations displayed only residual contrast (since g.b=O), the traces of the patches lying in the
[110] direction were apparent as were a significant number of [001] dislocations lying

a b
Figure 4: BFTEMs showing dislocations in the WQ [557]-oriented NiAl single crystals taken
with g=200 near B=[001]. (a) Low magnification image showing distribution of patches and

debris and (b) higher magnification with loops, etc. indicated (see text).

approximately orthogonal to the (T 10) slip plane. In addition, traces of prismatic [001] loops along
both the [110] and [010] directions were observed (L1 and L2, respectively). Since the double

( cross slip mechanism responsible for the [001] prismatic loops elongated along [110] can not be
used to account for the loops elongated along [010], another mechanism must be operative. One
possibility involves the operation of the [001](010) slip system which would be expected to leave
trailing debris or prismatic loops elongated along <100>. On the other hand, the dislocations lying
on (110) must be due to slip on this plane even though the resolved shear stress should be zero for
the [557] tensile axis. While further work is needed to account for this latter observation, it is clear
that the various features indicate that cross slip in NiAl is common. As will be discussed further in
a separate paper, the present results indicate that the lower dislocation mobility in the WQ NiAl
leads to earlier cross slip, less of a tendency for slip localization (patch development) and lower
elongation to fracture. Furthermore, the higher WHR for the WQ specimens (estimated to be
approximately 700 MPa) can account for the earlier activation of secondary slip systems as
compared with the FC specimens where few secondary dislocations were observed.

While the results on the WQ specimens are not directly related to purity per se, the similarities
between the substructures reported after a small amount of strain in the CP material suggest that the
effects of thermal vacancies and impurities on dislocation mobility may be somewhat similar. It is
noted, however, that caution must be exercised in making general statements since it is clear from
earlier studies that interstitials such as carbon can lead to dynamic strain aging and such effects are
quite different from those associated with substitutional atoms as well as thermal and constitutional
vacancies. Clearly, further work is needed to clarify the similarities and differences between the
effects of impurities and thermal vacancies on the deformation behavior of NiAl.

[0111 Crystals The dislocation substructures in [011] oriented, FC UF-NiAl crystals deformed a
few percent at RT resembled those in the specimens oriented for single slip, i.e., the dislocations
formed patches rather than being homogeneously distributed throughout (Fig. 5). The Burger's
vector analysis revealed that approximately equal amounts of both [001] and [010] slip vectors
were present consistent with the double slip geometry. This is illustrated by imaging with g=1 10
so that the [010] dislocations are in strong contrast and the [001] dislocations exhibit strong



the lowest line energies correspond to the screw orientations, i.e., u parallel to <011> (15, 16).
However, the theoretical calculations to date have not taken into consideration the configuration of
the <110> dislocation core structure, which has been observed using HRTEM and WBDF (17) to
be either dissociated or decomposed. Therefore, the results from the theoretical modeling may not

( be very reliable. In addition, there have been no theoretical calculations regarding the Peierls stress
for dislocation line configurations other than those with screw or edge character. Significantly, the
<111> line directions on {011 } planes pass through alternative Al and Ni atom columns which
should make its core structure different from those when the dislocation lies along the <001>
(edge) or <011> (screw) directions. As a result, it seems reasonable to expect the mobility of
<111> line segments to be lower than the other segments. The alternative [111] and [111] line
segments of <011> dislocations may result from the kink motion of <111> segments. In any case,
the preferred line direction of <011> dislocations in this study indicates that a better understanding
of both the mobilities and line energies of <011> dislocations is needed.

TA

a

b c
Figure 6: Dislocation substructure in the [001]-oriented NiAl single crystals after 2.5% strain at
573K: (a) Low magnification with g=020 near B=[100]; (b) Higher magnification of outlined
region in (a) using g=002 near B=[1 10]; and (c) Same area as (b) with g=002 near B=[110].
TA = tensile axis. Foil normal near [001].

Unlike <001> slip in the soft-oriented NiAl, <011> slip was relatively uniform as indicated by the
lack of dislocation bands in the latter. There were, however, some regions where narrow <011>
dislocation bands containing a high density of debris inside them were observed. Since this debris
was not formed via mechanisms similar to those described for the soft-oriented crystals, it most
likely involved limited cross slip of <011> dislocations. In fact, as will be shown separately, the
debris and small loops are actually formed via the interaction between the <011> dislocations.

For comparison, the deformation behavior in <100> oriented NiA1-0.3Si specimens after about 4%
elongation at 573K were also investigated using g.b and trace analyses. As in the case of binary



NiAl, the strain occurs by <011> slip almost exclusively as shown in Figs. 7a and b. In fact,
essentially no <111> dislocations were observed (Fig. 7b) and only [011](011) and [01 '](011)
slip systems were operating. This implies that the extent of latent hardening is greater in the Si-
doped material.

Although the slip systems were the same in both the NiA1 and NiAI-Si specimens, the line
directions of these <011> dislocations in the NiAI-Si specimen were less well defined (Fig. 7c)
and tended to bow out more both in and out .of the slip plane. These features indicate that the
<011> dislocations in Si-doped NiAI are more mobile and cross slip more readily. There is also a
higher density of debris and small loops in the region where the <011> dislocations are clustered
(Fig. 7d). At first glance, these debris and loops could be confused with the edge-on images of
other <011> slip systems. However, careful analysis showed that they are distinguishable. In one
such [011] dislocation band, the debris and small loops were identified to have either a [010] or
[001] Burgers vector; this may indicate that the debris are products of the following dislocation
reactions:

a[011]+a[011I]=2a[010]

a[011]+a[0I ]=2a[001]

a b

c

Figure 7: BFTEMs of dislocations in [001]-oriented NiAl-Si single crystal after -4% elongation at
573K: (a) g=002 near B=[ 100], (b) g=020 near B=[ 100] showing all the dislocations out of
contrast, (c) g=002 near B=[1 10] and (d) g=020 near B=[100]. TEM foil normal parallel to

[110].



and occur when [011] and [011] dislocations intersect. This also indicates that the <011>
dislocations are reasonably mobile at this temperature. This type of reaction was observed in UF-
NiAl specimens deformed at 573K, as shown in the WBDF images shown in Fig. 8. Although,
decomposition of [011] dislocations could produce these <001> segments (i.e.,

(a[01 l]=a[010]+a[001]), it is unlikely that this decomposition would produce the debris and small
loops observed.

In the NiAl specimens deformed at 723K, the dislocation substructure consisted primarily of cube
dislocations (Fig. 9). However, a small fraction of <011> dislocations on {0 11 planes were still
observed (see arrows in Fig. 9). The dislocation loops are larger than those in the specimens
deformed at 573K and were identified as <001> loops. The dislocation density is about the same
as that at 573K even though the majority of the dislocations were <001> type.

a b

Figure 8: Weak beam dark field (WBDF) images of dislocation substructure in the [001] UF-NiAl
specimen after testing at 573K. Foil normal parallel to [100]. The short arrow shows where two
<011> dislocations reacted to form two <001> segments. Arrows point to (a) [011] dislocation

with [001] segments, and (b) [011] dislocation with [001] segments.

a b

Figure 9: BFTEMs of dislocation substructure in a [001]-oriented UF-NiA1 single crystal after
deforming about 3% at 723K. Foil normal - [100].

The dislocation substructure in the [001]-oriented NiA1 specimen deformed at 873K contained
many <001> loops and a relatively low dislocation density (Fig. 10). This suggests that the
structure had undergone significant dynamic recovery at this temperature. The majority of the
dislocations were identified to have <001> Burgers vectors although a small percentage of <011>



dislocation segments bounded between <001> segments were observed (see arrow in Fig. 10)
indicating a possible decomposition of the <011> dislocations to produce the <001> dislocations.
Among the dislocations identified, less than 10% were <011>, about 45% were [001] and the
remaining 45% were either [100] or [010]; this strongly suggests that the cube dislocations result( from a decomposition reaction.

ab

Figure 10: BFTEMs of dislocation substructure in the [001]-oriented NiAl single crystal after
deforming 3% at 873K (a) g=002 near B=[100], (b) g=01I near B=[100]. Arrows point to a

[101] segments. Foil normal near [100].

In the [001] NiA1-Si specimens deformed at 723K, the dislocation substructures were generally
similar to those in the binary UF-NiA1 specimens (see Fig. 11). However, the NiAl-Si specimens
appear to have a higher percentage of<0 11> dislocations and a higher density of <001> loops. It
also appears that the operation of <011> slip systems in NiAl-Si extends to a higher temperature
than in binary NiAL. This may suggest that Si stabilizes the <011> dislocations against their

( decomposition into <001> dislocations. Considering that the transition in the temperature
dependence of the yield stress of the NiAl-Si specimens (Fig. 2c) also occurred at higher
temperatures than in binary NiAl and that 723K is midway through this transition for the NiAl-Si
alloy but about the end for NiAl specimens, it may suggest that the sudden drop in the yield stress
correlates with the large fraction of <001> dislocations. However, the instability of <011>
dislocations needs to be verified via further experiments. Since the BDTTs of both NiAI and

"X.

a b
Figure 11: BFTEMs of dislocation substructure in the [001]-oriented NiAl-Si single crystal after
deforming 4.5% at 723K: (a) g=01 1 near B=[100] and (b) g=01 1 near B=[100]. Foil normal

[100].

NiAl-Si, as defined by the increase in tensile elongation, was between 523 and 573K, the slip
behavior observed in the above specimens indicates that this transition was due to the activation of
<011> dislocations rather than the climb of <001> dislocations as suggested by other workers



(18). Since only cube dislocations were observed in <001>-oriented specimens tested below
573K, it was not possible to conclude if there was a <111> to <110> transition in this material as
reported in previous studies (18, 19). However, the sudden onset of tensile ductility in hard-
oriented NiAl occurs at a temperature and strain rate when <011> dislocations become sufficiently

( mobile so as to lower the flow stress to below the fracture stress.

General Discussion

The present results indicate that, compared with metals, the properties of intermetallic compounds
and ordered alloys are much more sensitive to impurities and other effects such as deviations from
stoichiometry, thermal vacancies, etc. Consequently, discussions of purity effects in compounds
such as NiAl should be subdivided into

(a) purity as related to general purity including interstitial (e.g., carbon) and substitutional (e.g.,
- silicon and iron) atoms;

(b) purity as related to deviations from stoichiometry which produces either constitutional
vacancies or anti-site defects; and

(c) purity as related to vacancy concentration (thermal and/or constitutional).

All three of these "impurity" classes appear to have similar effects on properties; this is in contrast
to pure bcc metals where only the first (a) is significant.

The CRSS values of high purity, stoichiometric NiAl are lower than those of "conventional"
purity, off-stoichiometric and Si-doped NiAl and that these differences are especially significant at
both room and intermediate temperatures when dislocation glide is exclusively responsible for the
plastic deformation. Again, it is emphasized that the CRSS values are calculated at 0.2% strain
(when possible) in order to be consistent with the literature and in spite of the fact that this value is
considerably higher than the threshold stress required to initiate dislocation activity. Further, it is

( noted that the threshold stresses observed in some of the lower purity NiAl (e.g., the [111] curve
for CP-NiAI in Fig. 1) are the result of dislocation-impurity interactions (static strain aging) as
pointed out by Hack et al (20) and Weaver, et al. (21). Clearly, the threshold stress in these lower
purity crystals corresponds to the stress necessary for dislocations to overcome their impurity
atmospheres rather than the stress required to initiate dislocation sources. The positive effect of
prestraining on ductility reported for CP crystals must therefore be related to the formation of
mobile dislocations that are not trapped by the interstitials. As pointed out in (22), prestraining of
HP NiAl led to an increase in the CRSS and a decrease in elongation similar to what would be
anticipated in pure metals.

The stress-strain curves for the UF-NiAl in the soft orientation (Fig. 1) indicate that dislocation
glide starts at the proportional limit which is about 20-25% lower than the 0.2% offset value.
Therefore the CRSS is considerably lower than that calculated at 0.2% strain. This suggests that
there is no problem with the nucleation of dislocations in NiA1 unlike in more covalent and ionic
compounds. Furthermore, Ghosh and Crimp (23) noted, using in-situ straining in the TEM, that
the dislocation velocity in the UF-NiAl was considerably (-5X) faster than in the CP-NiA1.

These results suggest that alloying additions to high purity NiAI, impurities and deviations from
stoichiometry and thermal vacancies all lead to increases in both the CRSS and the WHR. The
beneficial effects of microalloying additions reported by Darolia et al. (24) are difficult to account
for in light of the present observations although it can be speculated that the increased elongation
might be due to the interaction of the alloying elements with other impurities (e.g., carbon) or to
the greater care taken in crystal or specimen preparation and/or handling.

The present results also illustrate the extreme sensitivity of NiAl to Ni/Al ratio; even small
Sdeviations (±0.2%) from stoichiometry, which commonly occur during crystal growth due to
evaporation of aluminum, lead to significant changes in both CRSS and tensile elongation. Similar
effects were reported recently by Kothe et al (25).



Finally, it is apparent that the thermal vacancies introduced by water quenching NiAl have a similar
effect to that of the constitutional vacancies that result from the deviations from stoichiometry; both
increase the CRSS and the W-HR while decreasing the maximum tensile elongation. Recent( electrical resistivity measurements indicate that the thermal vacancies annihilate rapidly in the 800-
1000K range (26). Consequently, water quenching from above 1000K results in a 30-40%
increase in CRSS (Fig. 1) and much lower elongations. Since the furnace cooling treatments used
in the current study were sufficiently slow to allow for vacancy annihilation, none of the
intermediate temperature anneals (those below 1000K) performed after FC had a significant effect
on further reducing the CRSS or on increasing the elongation; this is consistent with the fact that
the high purity stoichiometric NiAl with low thermal vacancy concentration has a minimum CRSS
and maximum tensile elongation at RT.

Summary

The mechanical properties and slip behavior of pure and impure NiAl single crystals over a range
of temperatures and strain rates were reported with an emphasis on understanding the influence of
impurities on the deformation behavior of this compound. Based on the results obtained, the
following conclusions were drawn:

1. NiAl single crystals deform readily by cube slip on { 110) or {1001 planes and there is no
significant difference between the CRSS of cube slip on these planes for high purity NiAl.

2. The glide of cube dislocations occurs readily in high purity NiAl although the edge components
have lower mobility than the screw segments. Cross slip occurs readily in high purity NiAl and
leads to the formation of jogs, dipoles and elongated loops.

3. In the highest purity material, the dislocations develop into patches elongated along the edge
S orientations whereas in lower purity material or high purity NiAl containing quenched-in thermal
Svacancies, the dislocations and debris are more uniformly distributed throughout the material.

4. Impurities, solute atoms, constitutional defects and thermal vacancies all lead to increased
resistance to dislocation motion, increased work hardening rate and decreased ductility. The work
hardening rate at ambient temperatures for high purity NiAI in the single slip orientation is quite
low and extends to the highest strains achieved to date.

5. The decrease in yield stress with temperature is less abrupt in the higher purity NiAl oriented
along the hard orientation compared with the commercially pure and Si-doped NiAl.. Silicon does
not strongly influence the slip behavior in the case of <001>-oriented crystals.
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( Investigation of strain hardening in NiA! single crystals using
three-dimensional FEA models
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ABSTRACT

Large deformation of single crystals involves activation of multiple slip systems that can often
be modeled only using three-dimensional finite element analysis (FEA) models. The main difficulty
in extending constitutive models of single crystals to three-dimension is due to the lack of
understanding of hardening in single crystals during multiple slip. In this paper, hardening in NiAl
single crystals has been studied by implementing a three-dimensional hardening model and
constitutive equations into a finite element analysis program. Since the parameters required to
describe the hardening model such as latent hardening ratios are difficult to obtain experimentally,
a parametric study was conducted to estimate values for these parameters that enable the prediction

( of the experimentally observed load versus elongation curves.

1. Introduction

An appropriate work hardening model for single crystals is a crucial component of the
constitutive equation describing the deformation of single crystals of metals and intermetallic
compounds. Incorporation of such models into finite element programs enables the simulation of
deformation in these single crystals. Such simulations are necessary to better understand the causes
of many kinds of localized deformation and failures in metals. Depending on the orientation of the
applied loads and the amount of deformation, multiple slip systems can become active during the
deformation. The hardening of single crystals when multiple slip systems are activated is not well
understood. Previous study by the authors (Yang, Kumar et al, 1998) and others (Ebrahimi et al,
1997) on single crystals of NiAl showed that multiple slip plays an important role in the
deformation process at large strains. -

NiA. is an intermetallic compound that has been studied as a potential structural material due to
its desirable material characteristics such as high melting point, low density and good oxidation
resistance. In addition, it has excellent mechanical properties at high temperatures including
hardness, toughness, thermal stability and ductility. However, NiAl has low ductility and poor
fracture toughness at ambient temperatures. The tensile plastic strain before fracture at room
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temperature is typically 0.5-2.5% (Lahrman, 1991 and Miracle, 1993). Many modes of non-

uniform deformation such as necking, localized shear, kinldng etc. have been observed in NiAl

single crystals. These localized deformations contribute significantly to the total plastic strain and

eventual failure (Miracle, 1993). Significant tensile ductility is obtained only at and above 473 K

(Wasilewski, 1967, Lahrman, 1991, etc.). Therefore, many approaches have been investigated to

improve its material properties at ambient temperature (Darolia, 1991). Miracle (1993) has

presented a detailed survey and a critical review of literature on the physical and mechanical

properties of NiAl.

Many authors have proposed constitutive models for single crystals (Asaro,. I483, Peirce et al

1983). These theoretical formulations have since been implemented using finite element method to

simulate two-dimensional deformation of single crystals. Most of the past studies have used these

methods to simulate deformation in fcc (Peirce, et al, 1983) and bee single crystals (Deve et al,

1988). In these cases, the simulations are often meaningful only for relatively small deformations

because at large deformations multiple slip systems can activate making the assumption of two-

dimensional deformation invalid.

In this paper, we have studied work hardening in NiAI single crystals at large strains when

multiple slip systems are activated. Due to multiple slip a three-dimensional model is required. A

three dimensional rate-dependent constitutive model for single crystals was implemented into

ABAQUS (1], a commercial finite element code that is capable of modeling large deformation and

large strains. The constitutive equation was integrated using forward gradient method which has

been found to be effective (Peirce et al 1983 and Wenner, 1993) provided sufficiently small time-

steps are used for the time integration.

In the next section, various hardening laws that have been proposed for single crystals are

summarized. The crystal structure and plastic deformation modes of NiAI single crystals are

described in section 3 along with a summary of results from past research by the authors on

deformation localization in these crystals. Three possible modes of deformation at large strain are

identified. In section 4, we describe techniques for estimating the latent hardening ratios that would

lead to each of these modes of deformation. Results of finite element simulations are presented in

section 5 along with comparisons with experimental results. Finally, section 7 contains the

sumnmary and conclusions of the paper.

2. Hardening laws

For a strain rate dependent model of single crystal deformation, the slip rate of the cL-th slip

system is assumed to be related to the resolved shear stress on that slip system by the power law

( (Pan and Rice, 1983) given in equation (2.1).
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( LE (a) (2.1)1
where, m is the rate sensitivity parameter, rt) is the critical resolved shear stress or also

known as theflow stress for the slip system ., fi() is a reference strain rate on each slip system.
The shear rate in each slip system is uniquely determined by power law ej'uiation (2.1) and is non-
vanishing as long as the resolved shear stress on that system is not identically zero. The flow stress
'C(") for each slip system of the material increases with plastic deformation due to work
hardening. The hardening curve needs to be determined for each possible slip system so that (
can be expressed as a function of the plastic shear in that slip system ,(a) = g(I'()). However,*

when more than one slip system is active, hardening in each slip system is a cumulative effect of
slip in all the active slip systems. For a rate dependent model, the rate of increase of the function

has therefore been specified as (Hil 1966);
tn

C = h (2.2)

The hardening laws that have been proposed so far differ mainly in the definition of the
hardening moduli h4. From the early 1900's several hardening laws were proposed to explain

(deformation process on single crystals. Based on experimental work on aluminum, Taylor (1934)
proposed the 'isotropic' hardening law. According to this law all slip systems harden equally when
deformation occurs so that h = h(y), where I is the sum of the shear strains on all slip systems.

This isotropic hardening is unable to predict the experimental observation that inactive or latent
slip systems often harden more than the slip system that is active during deformation.

Hutchinson (1970) accounts for latent hardening by assuming that the off-diagonal terms in the
matrix of hardening moduli are different than the diagonal values. In their constitutive model for
single crystals, Asaro (1983) has also used the same concept expressing the hardening moduli as:

h =qh + (1 - q)h5 4 (2.3)

The hardening modulus, h is the rate of change of flow stress with shear strain during single slip
and q is the latent hardening ratio. In Asaro's (1983) model, the hardening modulus, h is assume to
be a function of the sum of shear strains that have occurred in all the slip systems, ie, h = h(y). The
hardening curve -c(y) and hardening modulus h(y) for single slip in such materials is often

represented usingthe following equations

"t (Y) = o +(C, -Sto)tanh( h -y (2.4)
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h(y)- - -ho sech 2( (2.5)

Many authors (Kocks, 1964, Basinski, 1979 and Franciosi et al., 1980) have studied the
interaction among slip systems to understand hardening in fcc single crystals. From a microscopic
viewpoint, hardening of single crystals is the result of dislocation interactions between slip systems.
Internal dislocation density and short range interaction dislocation strengths can be treated as the
main parameters of hardening analysis. Franciosi et al (1982) has expressed flow stress mainly as
a function of dislocation interaction coefficients [a] matrix and dislocation density p. They define
[a] matrix using slip inteactioris &lsified as sessile, glide, hirth lock, no junction and self
hardening according to the slip interactions between the corresponding two slip systems (Franciosi,

1985).

Koiter (1953) proposed a diagonal hardening matrix of the form h4 = hS4. A similar diagonal
form has also been used by Bassani and Wu (1991) where each diagonal term is a function of all
the slips. The hardening law proposed by Bassani and co-workers (Bassani, 1994) for FCC
crystals is based on the dislocation interaction between slip systems. Based on experimental results
(Wu, et al 1991), they suggest that initial flow stress on secondary slip systems is lower than the
current flow stress on primary systems and that the initial high rate of hardening on the previously
latent system leads to a greater flow stress on that system after a small amount of secondary slip.

Bassani et al. (1989) devised phenomenological hardening law based on their observations.

ha =F(ya)G(y), c a• 3 and h. =qh. (2.5)

where, F(yo) is the instantaneous hardening modulus under independent single slip z and G(yp)
represents the interactive latent hardening. Therefore, G is a function of slip in other slip systems.
In their study, the latent hardening ratio q, was assumed to be zero so that latent hardening in slip
systems occur only due to the G factor in the hardening formula (2.5).

3. Deformation of NiAI single crystals

NiAl has a B2 type ordered crystal structure (see figure 1) similar to body centered cubic (bcc)
crystals. Mechanical properties of NiAI single crystals vary with respect to the orientation of
crystal lattice. Plastic deformation in NiAl occurs predominantly due to slip in the <001>
directions along either {110} or {100} planes when loaded along non-<001> direction (or soft
orientations). NiAI crystal subjected to loading along the <001> direction (hard orientation) shows
high flow stress at low temperatures and enhanced creep strength at elevated temperatures.

( -Figure 1. NiAI crystal structure
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( When a tensile specimen of NiA1 single crystal is loaded along the [110] orientation, the crystal

deforms mainly due to slip in two primary slip systems (100}<001> as long as the strains are not

very large. The resolved shear stress is identical on both the primary slip systems. Therefore, they

"activate simultaneously and there is no lattice rotation for this load orientation. At large strains,

secondary or cross slip could occur in four {110}<100> slip systems-.even though these slip

systems have a smaller resolved shear stress as compared to the primary slip systems. These four

slips systems also have identical resolved shear stress and therefore will activate simulaneously

resulting in identical shear in all of them. Slip systems that could be activated in a single crystal of

NiA1 due to tensgieleoading along [110] orientation are showxi in figure 7. Cross slip can occur due

to both rate sensitivity effects as well as due to the differences in the hardening rate between

primary and cross slip systems.

Figure 2. Active slips systems of NiAI for loading along 1110] orientation

We have used a hardening model for NiAI in which changes in flow stresses of the slip systems

in response to shear deformation is expressed using four latent hardening ratios and two hardening

moduli as shown below.

""M hi qh qbh 2  qbh 2  qb•h 2  q.h 2 " dyl
( q..h hI qbh2  q. h2  q.2 h2  q,.1h2  dY2

dq h(3)1 %h, qbh 1  h 2  qbh 2  q1 bh2  q1 ,h2  dY3  (3.1)
'd: 4)= q h, q,4 h qbh 2 h2  qb1 h2  qbbh 2  dY4

d-T5) qbh,h qbh 1  q1 bh2  qbh 2  h 2  q1 bh 2  dY5

dqbh 1  qbh 1  qh qhh2  q1 ,h2  h2  .2 dY6

In the above equation, dy, and dy 2 are the slip in the two primary {100}<001> slip systems

henceforth referred to as type a slip systems, while dY' 3 to dy 6 are slip in the {110)<001> slip

systems that will be referred to as type b slip systems. As can be seen from the above equations,
q.b is the ratio of hardening in a latent type a slip system to hardening in an active type b slip

system while q.1 is the ratio of hardening in a latent type a slip system to hardening in another

active type a slip system. Similar definitions apply to qb and qb, as well.

We also assume that hardening modulus h, is a function of the cumulative strain in all type a
slip systems only, ie, h, = h(y.)where y. = y. + y 2 . Similarly, h-2 is assumed to be a function of
cumulative strains in all type b slip systems, h2 = h(ybI), where Yb = Y3 +'Y4 +y5' +Y6 . The

hardening modulus is assumed to be of the form given in equation (2.4). Therefore, at large value

of strain Y, the hardening modulus becomes small and tends to zero. By using seperate hardening

(. modulus for the two types of slip system,- the hardening model can predict an increase in the



hardening rate when a previously latent system suddenly becomes active.

At large strains we can identify three possible modes of deformation in the NiAI single crystal
loaded along the [110] orientation. These three cases are described below:.

Case I: The type a slip systems remain the dominant slip systems through out the deformation.

This will happen if type b systems hardens as fast or faster than 6ype a slip systems.
Case II: After a certain amount of deformation, type b slip systems become active and slip in type

a systems becomes negligible. This will happen if type b systems harden much less than

type a through out the deformation.
;'-ase III: After some deformation type b slip systems become active and further deformation

involves slip in both slip systems. This case can happen if type a slip system hardens
faster when type b is inactive and type b hardens faster when both systems are

simultaneously active.

4. Estimation of hardening parameters

The parameters used in the hardening model such as the latent hardening ratios and the
constants used in the hardening curve (equation, 2.4) are often difficult if not impossible to
determine experimentally. In our previous study (Yang, Kumar et al, 1998), we determined the( hardening curve for {110)<100> slip systems by conducting a parametric study, comparing
experimental data for loading along the [557] orientation with simulation results. Loading in the
<557> orientations produce single slip in a (110}<001> slip system thus enabling the
determination of the hardening curve for these systems. We have assumed that the hardening curve
for (1001<001> systems is identical. However, the values of the four latent hardening parameters
need to be determined. While the exact values of these parameters are difficult to obtain, it is
possible to predict values of these parameters that will lead to each of the three modes of
deformation described above. Then comparison of experimental results with the simulation results
for these three modes can help us understand the real mode of deformation.

There is no lattice rotation during deformation when NiA1 single crystal is loaded along the
[110] orientation. Therefore, the ratio of resolved shear stress in primary slip system (type a) to
resolved shear stress in secondary slip system (type b) is constant.

[(]= K (4.1)

K can be obtained by calculating resolved shear stress at each slip system. If rni is the Schmid
factor for primary slip system {100)<001> and n, is the Schmid factor for secondary slip system
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110o)<olO>, then KK =f2-

Since the resolved shear stress on primary slip system is higher, thp secondary'slip system will

activate only if the flow stress of the primary is higher by the same factor. Therefore, the condition

for activation of secondary slip system can be written as:

S>- K (4.2)
C

";W-. For both type of slip syWtems to be active simultaneously, the ratio between the flow stresses r,

and ---( should stay constant and equal to K. At small strains, only the primary slip system is

active so resolved shear strain in the secondary slip systems are almost zero (dy3 = dy4 = dy5 = dy'6

= 0). The resolved shear stress and strain are the same in both {100)<001> systems, therefore, dy,

= dy2 = dyp. Increment in flow stresses in both primary and secondary slip systems are expressed

using equation (3.1) as follows:

dx•') = dtcl = dc () = hdy, + q.hdy2 = h,(I + q.)dyp (4.3)

d' =dt• 3) =d'• 4 ) =dt =dt°=(qbh~dy +qb h~dY2) = 2h~qbdyp (4.4)

(where, hi = h(y,) using the definition of hardening rate h(y) used in equation (2.4) and

Y, = Y1 + Y2 = 2yP. Integration of incremental flow stress in primary slip system gives the

following equation.

(P) T 1+q).x -T ° (2h-°y-p ()Ir =(•.X ~ ) tanh )+ 'to (4.5)

Integration of incremental flow stress in secondary slip system with the same assumptions gives the

following formulas for secondary slip system.

2hop ( (4.6)
"E( = qb.(t 1 -oT.)tanh( --- o) + To

The condition for non-activation of secondary slip systems can then be stated as ,) < K'r4 J)

during the deformation even when yp -+ oc. Using equations (4.5) ad (4.6) this can be expressed as:

2(K- 1)to(1¥ q.)- 2Kqb. < 2( )c0(4.7)
-Z. -- To

The above condition does not proclude activation of secondary slip entirely, since the rate

(. sensitive constitutive equation (2.1) allows small strain rates even when the resolved shear stress is

7



below the flow stress. The resolved shear stress in the secondary slip systems are the same due to

Csymmetry. Therefore, the strains are also equal and can be expressed as

dy 3 = dY 4 =dY 5 = dy6 -- dY,. Therefore, after activation of secondary slip, we can write the

increment in resolved shear stress for each type of slip system as:

d-z( I= (1 + q.)hldy; + 4qh 2dY, = dT) = dx•2) (4.8)

dx•") = 2qbhjdy +(1+ 3qb,)hd 5 = d•3) = dt 4 ) &(5) - (6) (4.9)

Condition for case T" This case occurs when the deformation is almost entirely due to slip in
primary (type a) slip systems. The condition for this can be stated as KdT(') > dt( during the

entire deformation. Using the above equations (4.8 and 4.9), this condition may be restated as:

2Kqb. > (I+qq.) (4.10)

K(1+ 3qbb) > 4q 1  (4.11)

Condition for case R: In this case, secondary slip systems are activated and subsequently the

primary slip system ceases to be active. Even if the latent hardening ratios satisfy equation (4.7)

the secondary slip could activate due to rate sensitivity effect. The condition for case I! can be
( stated as Kd(' )< d&(P) during the entire deformation. From equations (4.8) and (4.9) this

condition may be stated as:

2Kqb. <(1+q.) (4.12)

K(l +3qbb) < 4q.• (4.13)

Condition for case I1: Both primary and secondary slip systems will be simultaneously active if

after activation of secondary slip systems the rate of hardening of secondary systems is K times

greater than the rate of hardening in the primary slip systems. In this case, the two systems become

active alternately since secondary slip will stop slipping due to high rate of hardening but as soon

as primary slip resumes the rate of hardening of primary system increases.

2 Kqb. <(1+q.) (4.14)

K(1 + 3q bb ) > 4q.b (4.15)

5. Simulation of crystal deformation

Deformation of NiA1 single crystals when loaded along [110] direction was simulated using

three-dimensional non-linear large deformation finite element models. The constitutive equations

and the hardening- model was implemented as a user defined subroutine within ABAQUS finite
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element software. The three modes of deformation described in the last section are simulated by

"(" selecting hardening modulus that satisfy the conditions for each case.

Case I: The following, values of the latent hardening ratios satisfy the conditions for case I

(equation 4.10 and 4.11): q"=l.4, qb, = qb= qb-= 1.0. The results of the finite element simulation

are displayed in figure 3. Figure 3 (a) shows the plot of resolved shear strin (versus time) for each

type of slip system. As expected, there is no resolved shear strain on the secondary slip systems

indicating that they were inactive during the entire deformation. Figure 3 (b) shows hardening in

each type of slip system (flow stress vs time) and figure 4 shows the deformed specimen at the end

of the simulation. It can be seen that two necks have formed at the top and bottom of the gauge

length of the specimen. The rate of hardening at large strains is not high enough to prevent necking.

(See attached)

Figure 3 (a) Resolved shear strain vs time

Figure 3 (b) Critical resolved shear stress vs time

Figure 4. q.=1.4, qk,--1.0, q1 -,=1.0, qb,=1.0, 20 % nominal strain
(a) Deformed mesh (b) Contour plot of Cauchy strain in Y-dir. (c) Contour plot of Cauchy stress in Y-dir.

Case ff: Simulation results for two sets of latent hardening ratios are presented for case II. The

following values satisfy equations (4.12) and (4.13) : qM=1.4, q-=0.2, q,=1.6, qb,=1.0. In addtion,
( equation (4.7) predicts that secondary slip systems should activate for these values of latent

hardening ratios. Figure 5 (a) shows the resolved shear strains in the slip systems when these

values of latent hardening ratios were used. It is seen that secondary slips systems activate early.

Due to the activation of secondary slip, significant hardening occurs during the early part of

deformation as seen in figure 5 (b). But the rate of hardening becomes very small at large

deformation and is not sufficient to prevent localization. Therefore, the specimen necks during the

simulation at the top and bottom of the gauge length.

(See attached)

Figure 5 (a) Resolved shear strain vs time

Figure 5 (b) Critical Resolved shear stress vs time

The following set of latent hardening ratios. q,=1.4, qbol.0, q1=l.9 q---0.7, also satisfy the

conditions for case I1 (equations 4.12 and 4.13). For these values of latent hardening ratios,

equation (4.7) predicts that secondary slip systems should not activate. However, simulation results

(figure 6 (a)) shows that secondary slip systems do become active at large strain. This is due to

rate sensitivity which was ignored in the derivation of equation (4.7). Due to rate sensitivity small

shear strain rate can exist in secondary slip system even when the resolved shear stress is below

( flow stress. This further increases the rate of hardening of primary systems relative to secondary.

9



The activation of secondary slip systems cause a higher rate of hardening at large strain as seen in

(figure 6 (a). As a result, the specimen does not neck as seen in figure 7 which shows the deformed

specimen. When the neck begins to form, the high rate of hardening at large strain prevents further

localization and causes the neck to spread. This is precisely the behavior observed experimentally

(Winton, 1995) during tests conducted above 473K. The experimental specimens did not neck and

significant hardening was observed at large strain.

(See attached)

Figure 6 (a) Resolved shear strain vs time

Figure 6 (b) Critical resolved shear stress vs time

Figure 7 (a) deformed mesh (b) strain in Y-dir. (c) stress in Y-dir.
(Case II: q.=1.4, q•=1.0, q1=l.9, q•--0.7, at 40% nominal strain)

Case 11U: Two sets of latent hardening ratios that satisfy the conditions for case III are: (a)

q.=1.4, qb,=1.0, q.1=l.2, qb=--0.2 and (b) qa==.4, q--qb--1.0, qb,=0.6 . The first set of values

(Case m a) are selected such that the secondary systems would activate even if the material were

rate independent since equation (4.7) predicts that they will activate. The second set of values

(Case M b) are selected such that secondary slip systems activate very little (only due to rate

dependence). Figures 8 and 9 show the resolved shear stress versus time obtained by finite element

( simulation for these two sets of values. As expected there is significant activation of secondary slip

in case III (a), however the resultant hardening occurs early in the deformation. Very little

hardening occurs at large deformation and therefore the specimen necked. For case III (b), very

little activation of secondary slip occurs and as a result the rate of hardening is not high enough at

large strains to prevent necking.

(See attached)
Figure 8: Resolved shear strain vs time (Case HI (a))

Figure 9: Resolved shear strain vs time (Case IH (b))

Figure 10 shows the plot of load vs time for all the simulations described above. It is seen that

except for case II (b), the load drops sharply due to necking and then does not recover. In case II

(b) activation of secondary system at large deformation provides higher atae of hardening. Due to

the iiicreased flow stress at the neck further deformation is curtailed and the neck spreads leading

to the more or less uniform deformation in the gauge length as seen in figure 7. As a result, very

large strains can be produced in the specimen without necking. The experimentally observed

behavior is very similar to this case.

Figure 10: Load vs time
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7. Summary

The hardening characteristics of NiAl single crystals have been studied here using the proposed

hardening law that is applicable to multiple slip and three-dimensional deformation. Uniaxial

loading of NiA1 single crystals in [110] direction were simulated using 3D finite element models to

study the three possible modes of deformation in the NiA1 single crystal. Comparison of simulation

results with experimental observation suggests that primary {100}<001> slip systems harden at a

faster rate than secondary {110}<001} slip systems during the entire deformation. The activation

of secondary slip at large strains due to rate sensitivity effect provides the experimentally observed

high rate of hardening at large strains. This high rate of hardening prevents strain localization and

causes the neck to spread. Classification of the deformation into various modes and comparison of

finite element simulations with experiments enabled us to establish approximate values of latent

hardening ratios that lead to the experimentally observed behavior.
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STRAIN AGING BEHAVIOR IN NiAI NIICROALLOYED WITH INTERSTITIAL AND
SUBSTITUTIONAL SOLUTES
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ABSTRACT

Dynamic strain aging has been investigated in polycrystalline NiAI alloys containing
combined additions of interstitial and substitutional impurities. The results indicate that strain aging
can be enhanced in polycrystalline alloys containing concentrations of silicon or iron in excess of
0.15S at.% in addition to conventional levels of carbon. This co-doping leads to very dramatic strain
aging events, comparable to those typically observed in single crystals. This effect will be discussed
with respect to conventional theories of strain aging.

INTRODUCTION

Recent research efforts have established that the intermetallic compound NiAl is subject to the
-'^nomenon of strain aging due to elastic interactions between dislocations and interstitial solutes,(ely carbon [1.16]. Though this phenomenon can be minimized through the selection of the

ýpioper gettering elements [9.12,15]. prior investigators have suggested that it can also be enhanced
via small additions of various substitutional species (11). In NiAI single crystals, strain aging
manifests itself dramatically dramatically in the form of yield stress plateaus, upper yield points, flow
stress transients upon an upward change in strain rate and the Portevin-LeChatelier effect. In
polycrystals. however, such manifestations are typically more subtle. In this study, strain aging has
been investigated in polycrystalline NiAI alloys containing combined additions of carbon and some
common substitutional impurities. Tht emphasis of this investigation is to identify the role of
substitutional impurities on the strain aging behavior of polycrystalline NiAl alloys.

EXPERIMENTAL PROCEDURE

Polvcrystalline NiAI alloys in the form of vacuum induction melted (VIIM) ingots were
prepared from elemental constituents. The resulting VIM ingots were placed in mild steel extrusion
cans and extruded at 1200 K at a reduction ratio of 16: 1. Post extrusion chemical analyses were
conducted using the techniques deemed the most accurate for the particular elements. The results of
these analyses are listed in Table 1. Cylindrical compression specimens and round button-head
tensile specimens were EDM wire cut or centerless ground from the extruded rods so that the gage
lengths were parallel to the extrusion direction. Sample dimensions were 3.1 mm for the tensile gagej
diameters and 30.0 mm for the tensile gage lengths and 5.0 mm for the compression sample
diameters and 10.0 mm for the lengths. All tensile specimens were electropolished prior to testing in
a 10% perchloric acid-90%' methanol solution that was cooled to 208 1K. During some of the
compression tests, strain was measured using a clip on strain gage extensometer.

All tensile and compression tests were performed using a screw driven load frame at constant
crosshead velocities corresponding to an initial strain rate of 1.4 x 10'~ s*'. Testing was accomplished
as follows: the temperature dependence of flow stress was determined by testing all as-extruded
alloys in air between 300 and 1100 K by heating the samples in a clamshell type resistance furnace
where temperature gradients were controlled to ±2 K. During this phase of testing, the strain rate
sensitivity (SRS) was also determined by increasing the strain rate by a factor of ten from the base
strain rate at fixed plastic strain intervals. The quantity extracted from these experiments was the
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Abstract-The effect of curvature on the chemical yýotential for two-phase unary systems at constant
temperature, is usually given in the literature by the Gibbs-Thomson equation [1-6],

,A(H) = #t(H = 0) + 2yVfH

where H is the local mean curvature of a ,P particle in equilibrium with an a matrix and flt, the molar
volume of the ,P phase. It can be shown, based on the above equation, that the corresponding shift in
chemical potential for the a phase is [1]:

p.'(H) = It'(H = 0)

Thus the usual form of the Gibbs-Thomson equation that appears in the literature is not rigorous and
hence results in a violation of the condition for chemical equilibrium for a curved interface
(pi'(H) # p'3(H)) assuming incompressibility and isotropic stresses in the case of the solid phases [7-9]. A
rigorous derivation of the Gibbs-Thomson equation for unary two-phase systems at constant tempera-
ture is provided, that gives the correct equation for the chemical potential shift:

AO(H) = l,'(H) = pA(H = 0) + 2yH[ V' V,/l(Va - Va)]

While the above equation can be approximated (Vr = GVVflp.VG) in the case of a condensed-gas (G)
system to give the usual form of the Gibbs-Thomson equation, a similar approximation for a conden-
sed-condensed system can result in a significant error in both the sign and magnitude of the shift. The
corrected expression for the chemical potential shift has an inverse dependence on the difference in the
molar volumes (Vt-Vfl) between the two condensed phases. For solid (S)-liquid (L) equilibrium in
certain systems the shift may be negative (e.g. r = L < VI? = s for Bi, Si, Ge) or even approach infinity
(e.g. r = L•Vf - S for carbon). A similar dependence is obtained for the pressure shifts in each phase.
The present formulation is consistent with the Clausius-Clapeyron equation used to represent unary
phase diagrams, which has the same dependence on the relative molar volume. © 1997 Acta Metallur-
gica hic.

I. INTRODUCTION for chemical equilibrium for curved and planar

The assumption of local equilibrium across an inter- interfaces become the same. The conditions for

face has been invoked frequently in studyig mechanical equilibrium across a curved interfacefac ha ben nvoed reqenly n suding many

basic processes in condensed systems such as solidi- differ from those across a planar interface by a fac-

fication, growth, diffusion, sintering, coarsening, tor which depends on the product of the local mean

etc. Gibbs was the first to derive the conditions for curvature (H) and the specific interfacial free energy
equilibrium for planar and curved interfaces [7]. (y). These conditions of equilibrium are used in de-
While the condition for thermal equilibrium is iden- riving an expression relating the local chemical po-

tical to that for a planar interface, the conditions tential shifts in a system with curvature of the

for chemical and mechanical equilibrium are in gen- interface, at constant temperature. This expression
eral different [7-9]. The conditions for chemical is classically known as the Thomson-Freundlich or
equilibrium for curved interfaces are modified from the Gibbs-Thomson relation [1-6]. Although the
the planar case due to the presence of non-isotropic original Gibbs-Thomson relation applied to liquid-
stresses in case of interfaces where one or both of gas equilibria in unary and binary systems [2,3], it
the phases are solid. They are however always iden- has been assumed to be valid for condensed phase
tical to the planar case for liquid-liquid interfaces equilibria in unary, binary and multicomponent sys-
[7-9]. In case of interfaces consisting of solid tems. Some of these formulations contain inaccura-
phases, if it is assumed that the surface stresses (f) cies and inconsistencies, which can result in

Spresent in solid phases are isotropic and equal to y, significant errors in the calculated chemical poten-
the specific interfacial free energy, the conditions tial shifts due to curvature. This presentation
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S focuses on corrections to .the Gibbs-Thomson The variables required to specify this two phase
equation applied to unary condensed systems. It is system are:
to be noted that Gibb's association with the Gibbs- T P', Tf, Pfl and H.
Thomson relation is only in context with the con-
ditions for equilibrium and not the erroneous ex- Tx, T16 are the temperatures and P', Pfl are the
pression appearing in the literature, pressures in the a and/3 phases, respectively. An ad-

The assumptions of isotropic stresses and incom- ditional variable (/H) is required to describe the
pressibility of solids which are inherent in some of local mean curvature for this system. The con-
the earlier formulations [1,6] are also valid in this ditions for equilibrium for this two-phase system
work, although as pointed out by Cahn [8,9] hardly with a curved interface are according to Gibbs [7]:
practical. Nevertheless it is hoped that a rigorous
treatment of the simplest case would lead to adap- T, = (4

tation to more general cases based on the frame- ;'"-
work of the present treatment. Pfl(H) = P(H) + 2y H (5)

The Gibbs-Thomson relation at constant tem-
perature is usually stated as [1-6]: u'(H) =,u'(H) (6)

/t5(H) =/t(H = 0) + 27yVPH (1) uf'(H) =It0(H) are the chemical potentials of the a
and /# phases in two-phase equilibrium with an

/tx(H) = p/(H = 0) (2) interface of curvature H. It is assumed in this

where I5 is the molar volumne of the!) phase. It will be treatment that y, the specific interfacial energy, is

demonstrated later that the relationship between the independent of curvature, thereby implying incom-

corresponding chemical potentials for the a phase, pressibility of a and /3. As mentioned earlier if
correspodictd f thiseqaicaotentias th the hemical ph , either a or. fl or both are solid phases it is necessarypredicted from this equation, is that the chemical po- to assume that their surface stresses are isotropic

tential of the a phase does not shift with curvature [2]. and equal to h, the specific interfacial free energy,

Since the condition for chemical equilibrium in the for equation (6) to be valid [7-91. Since there are

bulk system requires u'(H = 0) = yP'(H = 0), com- foeqain()tbevld[-1Sncthrae
parisson m o requations/t (H =) and (2) sh w that or five variables for this system and three relations
parison of Equations (1) and-(2) shows that among them [equations (4)-(6)], the number of
u'(H):A p(H). This violates the condition for chemi- amdegrees of freedom or independent variables for this
cal equilibrium [7]. In this discussion, a self-consistent
procedure to evaluate the effects of curvature on ther- system is equal to two.
modynamic properties in unary systems is given, 2.2. Calculation of phase boundary shifts in unary
which results in a form of the Gibbs-Thomson
equation for which u'(H) = (1(H). The significance systems

of this result is briefly explored. Consider an incremental change in the state of a
two-phase system with a curved interface. The
change in chemical potential for each of the phases

2. PROCEDURE is

2.1. Conditions for equilibrium d/t= -S~dT• + V1dPa (7)

Consider a two phase (ax +/3) unary system. Let
r, and r 2 be the principal radii of curvature for an d/ = -S'dT' + V'dP' (8)
a-/P surface element. The principal normal curva- Sa, Va and S'5, 6V are the molar entropies and
tures are given by Kl = l/r 1 and K2 = lr 2. Let the volumes of the a and /3 phases, respectively. If
local mean curvature across an a-li interfacial el- during this change, the system remains in two-phase
ement be H where equilibrium, then from the conditions for equili-

S +2()brium [equations (4)-(6)]
2  dTi = dT7 = dT (9)

For each of the principal normal curvatures (KI or
KA2 ), a vector is defined that is normal to the surface dPl = dP" + d(2yH) = dP` + 2y dH (10)
element and points towards the center of curvature.
Choose a convention such that the curvature is posi- dpft = dpa (11)
tive if this vector points into the /3 phase and nega-
tive if it points into the ot phase. The local mean y is assumed to be independent of curvature.
curvature H is positive for surface elements that are Substituting for dP'5 from equation (10), equation
convex with respect to the ! phase, negative for con- (8) can be written as
cave elements, and may be either positive or nega- d/t = -SfldTfl + VP(dPa + 2y dH) (12)
tive for saddle surface elements depending upon the
relative values of the curvatures [10]. Equations (7) and (8) are related by the condition
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for chemical equilibrium [equation (11)]. Hence equation (21) relates the pressure in the ct phase in
a finely divided system (P(H)) to that in the same

-SVdT" + V~dP = -SfdT# + VP(dP2 + 2ydH) phase in a bulk system (P•(H = 0)) at the same

(13) temperature. The corresponding shift in the P3 phase

dT' and d7T are equal due to the condition for is obtained by utilizing the-condition for mechanical

thermal equilibrium [equation (9)]. equation (13) equilibrium across a curved interface [equation

becomes (10)].
_/27 y

-S'dT+ Vdl =-SfdT+ V(dP•+27dH) (14) dP-=dPx+2ydH-= f-- -- +2ydH (22)

-(Se- Sf)dT+ (V:- Vf)dP - 2y V#dH=0 (15) Hence the pressure shift in the #3 phase is

or 2yV0 2"• H 2VVP
o±dP + 2)AdH =--V d- (23)

-ASdT+AVdP - 2yVldH =0 (16) ' A V.

where The integrated form is given by

AS= S-S- and AV= V"- V. (17) dPf(n) d V2 2(V24= [P dH (24)
JPP(H=0) JH=0 A V

equation (16) is the general form of the Clausius-

Clapeyron relation for a unary two phase system 2y V'
with curved interfaces. Since it represents a single Pf(H) = Pf(H = 0) + A-V H (25)
equation among three variables, the unary two
phase system with a curved interface has two Subtracting equation (21) from equation (25)
degrees of freedom, as discussed earlier. Systematic P"(H) - Pt(H) = Pf(H = 0) - P•(H = 0)
exploration of equation (16) is carried out by com-
paring equilibrium states in unary two-phase sys- V_-Vo
tems in which one of the variables (T or P•) is + 2yH A = 2yH (26)

constant. This leaves one degree of freedom. This is
usually. assigned to the curvature H, since one is Thus the condition for mechanical equilibrium

normally interested in the effect of curvature on across a curved interface [equation (10)] is recov-

other properties. Hence, if P' is constant in this ered. equation (21) along with equation (25) gives

comparison, one can obtain the dependence of the correct expression for the pressure shift across a

temperature on curvature [3, 10, 11]; if T is con- curved interface.

stant, the dependence of P' on curvature is
obtained. 2.4. Effect of curvature on chemical potential

The chemical potential in a unary system is a
2.3. Effect of curvature on pressure function of the temperature and pressure for that

To evaluate the effect of curvature on pressure in phase. Since in the comparison between the two

a unary two-phase system, compare two systems states of the system with different curvatures the

that are at the same temperature T, but differ in temperature of the system is constant, the change in

their local equilibrium states on account of a differ- chemical potential is given by:

ence in mean curvature H. equation (16) can be dy2 = V'dPx - S'dT' = V~dP' (dT' = 0) (27)
written as

Substituting for dP' from equation (19)AVdP• - 22?V~dH = 0 (dT = 0) (18) 2 V\ 2 'VV
dja=Voc f2y VP d) = 2)y V" V0ld (8

Hence the pressure shift in the ca phase is dpa = VdH - AV dH (28)

dP =2AVP dH (19) Similarly the chemical potential shift for the /3
A V phase can be obtained by substituting for dPf from

If ca and fl are both condensed phases, Vr, VP and equation (23).
A V can be assumed to be independent of the curva- dp0 = VfdP# - SfdTf = V~dPf' (dT0 = 0) (29)
ture (H). The above equation can be integrated:

[P'(H) H 2y VP # V (2V'.__dH 30

dPc = ' dH (20) dp dH -VdH (30)
p,'(H=O) JHO A V . AV J AV H

Equations (28) and (30) are identical. Thus the con-
P2 (H) = P•(H = 0) -- H (21) dition for chemical equilibrium is recovered demon-) V ( strating the self-consistency of the procedure.
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(2y V•p V dH(31) djz- 2yVVPdH (38)dp •-=djA= dH31
AVThe chemical potential of the # phase is a function

In the case of a condensed-gas system, where a is of the temperature and pressure. Since the compari-
the gas phase, an approximation can be made, since son between the two systems with differing curva-
the molar volume of the gas phase is significantly tures is made at constant temperature.
larger than the condensed phase.

A V= VG _ V azVG (32)

Hence VfdP# (dT` = dfi = 0) (39)
G 2yVGVP The pressure shift in the f# phase is obtained by

dp = dpfi VG dH = 2yV dH (33) comparing Equations (38 and 39). - . -

Assuming the surface energy (j) and the molar dPf = 2ydH (40)

volume of the condensed phase (Vf) to be indepen- Integration of the above equation gives the pressure
dent of the curvature, the above equation can be shift in the /# phase for a system with a curved
integrated. interface relative to the same system with a flat

Gp(H) 1p1(H) H interface:

J"G(11=0) d ., = n f=(H=0) d1A =J 2y Vf dH (34) PP(H) = Pfi(H = 0) + 2yH (41)

IG(H) =_ 11(11) = y1(H = 0)+2yV#H In the a phase, the pressure shift is determined by
the condition for mechanical equilibrium across the

(condensed-gas systems; VG >> Vf) (35) curved interface.

The above integrated form of the equation for the dPP = dP' + 27dH =_ 2ydH (42)
chemical potential shift is the same as equation
(1), the usual form of the Gibbs-Thomson dP' = 0 (43)
equation given in the literature. However, it Thus the form of the chemical potential relation,
applies only to condensed-gas systems. The same
approximation for A V [equation (32)] that con- equation (38), predicts that the pressure in the
veniently cancels V, = G in the numerator of phase is not a function of curvature. Hence the

chemical potential shift with curvature for the alphaequation (33) is no longer valid when applied to p aei rdce ob
condensed-condensed systems, as has been done in phase is predicted to be
the literature. For condensed-condensed systems, dpu'= V'dP = 0 (44)
equation (31) can be directly integrated, since the
terms in the integrand are not strong functions of which implies

curvature. jIt(H) =up'(H = 0) (45)

ji() PI(H) rH 2y V" Vl# Since pi"(H =0) = p"(H =0), comparingI dp~ - d/i - dH (36)
de(H=0) --J=(H-0) =--O A V Equations (1 and 45) gives ju'(H) • py(H). This is a

clear violation of the condition for chemical equili-

.--± 2y V" V brium across a curved interface [7].
y'•(H)-=p (H) = l(H =0)+LET H Equations (I) and (45) have been derived by

Trivedi [1]. An examination of his derivation fot
(condensed-condensed systems) (37) the chemical potential shift reveals that in his com-

equation (37) is the correct form of the Gibbs- parison of systems both the temperature and the

Thomson equation for condensed-condensed sys- pressure in the c phase are assumed to be constant,
tems at constant temperature. i.e. dT = 0 and dP'=0. Using this additional

assumption (dP' = 0), Trivedi has derived
Equations (I and 45), the chemical potential shifts
due to curvature for the /P and a phases, respect-

3. DISCUSStON ively, which, as discussed earlier, are in violation of
The widely used form of the Gibbs-Thomson the condition for chemical equilibrium. Thus the

equation for condensed systems [equation (1)] is assumption that dP'=0, leads to an incorrect result
different from the one derived above [equation for the chemical potential shifts due to curvature.
(37)]. It can be easily shown that equation (1) is not This assumption is therefore not valid, equation (35),
the correct form of the Gibbs-Thomson equation. which has been derived by Herring [4] and Mullins

equation (1) can be expressed in a differential [5] using variational principles, is applicable only to
form, assuming VO to be independent of H: condensed-gas system.
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It is seen from equation (16), the general form of 20
the Clausius-Clapeyron relation for a unary two
phase system with curvature, that there are two

Sindependent variables needed to describe the state
of the system. If the temperature is maintained con-
stant (dT = 0), then equation (16) gives the relation S 0.01 Ig

between the change in pressure (dP) and curvature to-
(dH). If it is assumed, that both the temperature as
well as the pressure are maintained constant
(dT = 0 and dP = 0), the two degrees of freedom
are assigned. The state of the system is fixed and
the variation with H cannot be explored. L

The role played by A V in shifting phase bound- 1680 1700 1720 1740

aries in unary condensed systems may be illustrated Temperature (K)
by considering the effect of curvature on the, state
of solid-liquid interfaces as exposed in the modified FigYL'tCapillarity shift for nickel as a function of particle"
Clausius-Clapeyron equation (16). If two systems radius. Since the slope (dP/dT) is positive, the pressureI shift is positive while the temperature shift is negative.
with differing curvature are compared at the same
pressure in the a phase,

-ASdT - 2yVs= dH = 0 (dP2=L = 0) (46) in chemical potential for the solid phase is the same
since the two phases are in equilibrium, see

Thomson's equation for the depression of the melt- equation (31). For the few cases for which A V is
"ing point is obtained [3, 10, 11]. negative and the slope of the melting curve is nega-

tive, the pressure in the liquid phase decreases as
dT = 2YVSdH :, the curvature of the solid-liquid interface increases,

AS see equation (21). Accordingly, for this case the
s chemical potential for the system decreases with

T(H) = T(H = 0) - 2-• V H (47) increasing curvature at constant temperature,
AS

This result is independent of A V. Thus the melting The magnitude of the chemical potential shift
point always decreases as the curvature of the solid with curvature at constant temperature varies with

Ssurface increases. If this result is applied at a series IAV. There exist examples of unary phase bound-
of pressures it may be visualized as a shift in the aries for which the slope changes sign at some par-
melting curves to lower temperatures at all press- ticular state. For example the graphite-liquid phase
ures, Figs 1 and 2 [3, 10-12]. In a manner similar to boundary for carbon has a vertical slope at ap-
that employed in deriving equation (30), the chemi- proximately 4700 K [13]. For states near this con-
cal potential shift at constant pressure (dpi L = 0) dition, the chemical potential shift with curvature is
can be shown to be very large, approaching infinity as the slope changes

2yVsSL sign and A V becomes zero.
dPL = dpS AS dH (48) Table 1 lists the correction factors for solid-

liquid equilibria for a few elements. The correctionSince the terms in the integrand are not strong

functions of curvature the above equation may be
integrated to give 20

L= 2VvSsL _
-J JsS(H = H) + H (dpL=0) (49)

AS

If the corresponding comparison was made at fixed
temperatures, then it is seen that the direction of L
shift depends upon the sign of the slope of the 2o 1
phase boundary. The sign of the slope in turn
depends upon the difference in molar volume /
between the two phases, A V = VL-Vs. If A V and g1
hence the slope is positive, which is the most com- .

mon case, then the pressure in the liquid phase 0.01 P ,
increases with curvature of the solid-liquid inter- 500 510 520 530 540 550
face, see equation (21). Since ApL= VLApL, the . Temperature (K)
chemical potential of the liquid phase increases with Fig. 2. Capillarity shift for bismuth as a function of par-

Scurvature of the interface at constant temperature, ticle radius. Since the slope (dP/dT) is negative, the press-
as is also the deduced in equation (37). The change ure and temperature shifts are both negative.
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(Table 1. Correction factors for chemical potential shifts in unary systems (solid-liquid equilibrium)

Molar volume of Molar volume of Molar volume of Relative molar Correction factor for
Melting solid (Ve) at 298 K solid (lVf) at liquid at melting volume chemical potential

Element point (K) (cm
3
/mole) melting point point (r.) A V= V-l shift V"'AV

Al 933.4 9.99 10.45 11.31 0.86 13.1
Fe 1811 7.1 7.5 7.96 0.46 17.2
Ni 1726 6.6 6.99 7.43 0.44 16.9
Cu 1358 7.09 7.48 7.94 0.46 17.4
Sn 505 16.26 16.5 16.96 0.46 36.9
Ag 1235 10.27 10.83 11.54 0.71 16.3
Pb 600 17.74 18.21 19.4 1.19 16.4
Si 1683 12 12,39 11.19 -1.2 -9.4
Zn 693 9.16 9.50 9.94 0.43 22.7
Ti 1941 10.64 11.12 11.65 0.53 22.1
Bi 544 21.32 21.53 20.75;, -0.78 -26.6
Sb 904 18.21 18.51 -18.77- -. 7 0.26 72.2
In 430 15.73 15.88 16.35 0.47 34.8
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